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Preface 

Ceramics have been considered over the last two decades as a possible alternative to refractory metals and alloys to be used as 
structural materials in hot parts of engines or for space or missile applications. A specialist meeting has already been held in 
1979 by AGARD SMP on this topic. There is some disappointment however among users and producers due to the fact that it 
has not been possible yet to overcome the main disadvantage of these materials, i.e. their brittleness and the very low v'alue of the 
critical size of defects leading to fracture. 

It has been recognized that one of the ways, and probably the best, to escape this difficulty is to use the concept of ceramic matrix 
composites. If the adhesion or the friction force between fibre and matrix is not too high, it has been proved that cracks do not 
propagate catastrophically, ;IS for monolithic ceramics, across both fibres and matrix, but rather deviate when they reach a fibre 
and run along the fibre-matrix interface. Moreover, when general fracture of the specimen (or the part) is reached, energy must 
be dissipated to extract broken fibres out of the surrounding matrix. 

Extensive work has already been performed to better identify these mechanisms for unidirectional composites, laminates or 
other fabrics, including the understanding of long term response: creep and fatigue effects or environmental degradation. 

A lot still remains to be done in the field of modelling and defining specific concepts for design using these materials. 

The Workshop which has been held by AGARD SMP at Antalya (Turkey), April 1993, aimed at reviewing the present 
knowledge on all these aspects. 
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Prkface 

Beaucoup de travaux ont Ctk accomplis au cours des vingt dernikres ann& sur les ckramiques qui apparaissaient comme une 
alternative Cventuelle aux mCtaux et aux alliages rkfractaires pour rialiser certaines pikes de moteurs ou encore certains 
ClCments structuraux pour des applications spatiales ou des engins. Une rCunion de spkcialistes s'est dCjh tenue dans le cadre de 
I'AGARD (SMP) en 1979 sur ce sujet. Un certain disenchantement est toutefois perceptible chez les utilisateurs et les 
producteurs, car il n'a pas CtC possible, au fil des annCes de surmonter le principal inconvinient de ces matbriaux: leur fragilitk et 
la trks faible valeur de la taille critique des difauts conduisant 1 la rupture. 

Une voie a toutefois CtC identifiie - probablement la meilleure - qui permet d'ichapper a cette difficulti, c'est la voie 
composite a matrice ciramique. Si les forces d'adhtsion ou de friction entre fibre et matrice ne sont pas trop ClevCes, il est Ctabli 
qui les fissures, au lieu de se propager selon un mode catastrophique igonorant le dktail de la structure, analogue aux cCramiques 
monolithiques, sont arretCes B I'aplomb des fibres et dCvi6es suivant I'interface fibre/matrice. De plus, lorsque la rupture 
gCnCralisCe de I'Cchantillon se produit, elle s'accompagne d'une dissipation notable d'Cnergie, utilisCe B extraire les fibres 
rompues de la matrice environnante. 

De nombreux travaux ont dijjh CtC accomplis pour caracteriser les mkcanismes pour des composites uni-ou multidirectionnels, 
ou pour des matkriaux obtenus 1 partir de tissages, portant notamment sur le comportement h long terme de ces matkriaux: 
effets liCs au fluage, a la fatigue ou encore B la degradation physico-chimique causk par les interactions avec I'environnement. 

I1 reste par contre beaucoup B faire pour la modClisation, ou pour dCfinir des concepts spCcifiques A I'usage des bureaux d'Ctude. 

Le sCminaire qui s'est tenu lors de la rCunion du SMP de I'AGARD 5 Antalya (Turquie) en avrill993 avait pour but de passer en 
revue les connaissances relevant de ces divers aspects. 

Paul Costa 
Chairman, 
S M P  Subcommittee on Composite Ceramics 
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An overview on the main available 
ceramic composites and their processing routes 

J.F. Stohr 
ONERA, BP 72 

F92322 Chltillon, France 

ABSTRACT 
During the last decade, Ceramic Matrix Composites 
(CMC) have undergone a rapid development, so that 
quite a number of composites are available today. 
The best known SiC/SiC and C/SiC processed by the 
Chemical Vapour Infiltration technique are now 
produced on an industrial scale. C/SiC composite 
currently operates at temperature above 1600°C for 
propulsion application on launchers and missiles ; 
other composites with oxide or silicon-nitride matrices 

@re under development. 

The processing routes are moving from CVI to more 
cost-effective processes such as sol-gel and polymer 
precursor. These routes appear very promising since 
they currently use the technologies already developed 
for Organic Matrix Composites and carbon-carbon. 
The real challenge for these materials today refers to 
both the working temperature, which must overpass 
1600" C and the environmental behaviour. To meet 
these requirements, new fibres with an increased 
thermal stability are under development. 

INTRODUCTION 
Since the very first research work performed in the 
early So's, Ceramic Matrix Composites (CMC's) have 
experienced an exceptional development throughout 
the last decade. The reported increase of CMC's use 
mainly for the manufacture of missile and rocket- 
engine hot components has been driven by the 
constant need to reduce their weight and to increase 
their working temperatures. 
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Today, the question of using CMC's on turbojet 
engines is raised, with the double aim of reducing the 
weight and increasing the thrust to improve the thrust 
over weight ratio. It is worth mentionning that 
actually, the cooling of the blades requires to remove 
up to 12 % of the engine total airflow, thus reducing 
the thrust by the same amount. The replacement of 
heavily cooled metallic components by solid ceramic 
parts appears as one of the ways of improdng the 
engine efficiency without increasing the hot stages 
working temperature and therefore the NOx release. 

However, to achieve this aim, the reliability of CMC's 
relative to the requirements of their use on civilian or 
military engines has to be proved. That means that 
CMC's able to work at temperature higher than 
1400°C for long terms (>I.O.OOO hours) within an 

oxydizing and corrosive environment must be 
available. The purpose of this paper is to review 
briefly the existing materials and processing 
technologies, so as to highlight their limitations and 
to present the future needs for CMC's development. 

1. MAIN CERAMIC COMPOSITES AVAILABLE 
TODAY 
Up to now, the ceramic composites to be used for 
aircraft structures or engine components have been 
designed with continuous fibres, due to the ability of 
these materials to undergo matrix damaging under 
the form of cracking without a simultaneous failure of 
the part. This very specific behaviour of ceramic- 
ceramic composites with a continuous reinforcement 
is always observed provided that a weak bond is 
achieved between the fibre and the matrix [l]. 
Therefore, CMC's development has been driven by 
that of ceramic fibres. Only three types of fibres have 
been used, due to high temperature requirements, 
(table 1) : 

- carbon fibres which can work up to 2200°C but 
may undergo oxydation, as soon as 500"C, 

- silicon carbide and nitride yarn fibres, which are 
limited in temperature at 1400°C, for the new 
grades developed in Japan, 

- large diameter CVD Sic fibres, and alumina single 
crystal fibres which are not weavable due to their 
fairly large diameter (100 pm). 

As far as matrices are concerned, four types are 
considered today, glass-ceramics, oxides, silicon- 
carbide or nitride and carbon as illustrated on fig. 1 
as a function of the potential working temperature. 

The second point to be taken into account is the 
component itself. Most of the components that have 
been used today in engines or hypersonic vehicles 
have been designed starting from the fibre preform. 
Therefore, except for unidirectionnal or eventually 
cross-ply stackings, processing of these composites 
cannot rely on the sintering techniques in use for 
monolithic ceramics or short fibres or particulate 
reinforced composites for the two following reasons : 

- the limited thermal stability of ceramic fibres does 
not allow their hold at the temperature level 

Presented at an AGARD Workshop entitled 'Introduction of Cemmics into Aerospace Structural Composites; April, 1993. 
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required for sintering cycles (1500 - 2100"C), 

of fibres will lead to a wholly cracked matrix. 
- the constraining of shrinkage due to the presence 

These are the reasons why CMC's processing relies 
mainly on techniques based on the infiltration of the 
fibre preform. The matrix is then obtained by the 
decomposition of a gas phase, the pyrolysis of an 
infiltrated and transformed liquid phase or the 
infiltration by a glassy phase. 

2. PROCESSING ROUTES IN USE FOR CERAMIC 
COMPOSITES MANUFACTURE 
The various processing routes, which can be classified 
in three main families i.e. gas infiltration, liquid phase 
infiltration and hot pressing or prepreg technology, 
solid state hot pressing, each of these technologies 
applying generally to specific types of matrices as 
shown in table 2 [2]. 

Among all those techniques, Chemical Vapour 
Infiltration appears to be the most flexible one, since 
it allows the deposit of quite a variety of matrices. It 
has been mainly applied to carbon and silicon carbide 
so as the polymeric precursors route ; this last 
technique has been derived from the polymer used 
for the manufacture of nicalon [3] and Tonen [4] 
fibres. On the opposite, the sol-gel route has been 
exclusively used for oxide or glass-ceramic composite 
processing. The Viscous phase hot pressing is used 
for glass and glass ceramic, while the gas phase 
reaction route has been extended from the lanxide 
process first used for alumina matrices. Finally, the 
solid state hot pressing is restricted to the 
manufacture of composites with large diameter fibres, 
such as Sic  Textron fibres, using either silicon 
carbide or nitride as a matrix. 

2.1. The Chemical Vapour Infiltration (CVI) route 
The CVI technique allows the processing of any 
complex shape starting from the fibre preform with a 
2D stacking sequence or a n D weaving (n = 3,4,5) 
generally held in a tooling (fig. 2). In the CVI 
furnace, the ceramic matrh is obtained by the 
decomposition of the gaseous species within the open 
porosity of the preform. Therefore two different 
phenomena may control the matrix growth rate within 
the depth of the preform : 

- the mass transfer of the reacting species and that of 
the products of reaction along the porosity which 
occurs only by diffusion in an isothermal process 

- the kinetics of the chemical reactions 

In order to get a good in depth infiltration of the 
matrix, it is necessary to operate under both a low 
pressure and a low temperature condition under 

which the matrix growth rate is controlled by the 
chemical reaction kinetics [5]. 

This processing route leads to good quality 
components at the expense of long processing times, 
which remains acceptable for the aerospace industry. 
Three primary approaches have been developed on an 
industrial basis : 

- isothermal CVD for carbon and silicon-carbide 
matrices by SEP in France, mainly for the 
manufacture of C/C and C/SiC composites in use 
for ramjet and liquid or solid propellant boosters. 

- thermal and pressure gradients CVI developed by 
ORNL [6] in the United States which allows a fifty 
fold increase of the deposit rate and offers the 
promise of thick section densification ability, 

- "cyclic" CVI developed by Kawasaki Heavy 
Industries in Japan ; this processed based on ver# 
quick and short cycles (a few seconds each) allows 
an accurate control of the deposit morphology 
through a monitoring of the crystals growth from 
the gaseous phase [7]. CVI allows the deposit of a 
large number of matrices, carbon, carbides, borides, 
oxides as illustrated in table 3 [SI. 

Besides the quality of the composites processed by 
CVI, one of the major advantages of this 
manufacturing route is that it allows a control of the 
fibre-matrix interphase nature. As an example, C/SiC 
and SiC/SiC composites processed that way are first 
given a short carbon deposit cycle to monitor the 
fibre-matrix bond strength. 

2.2. The liquid processing route starting from a 
matrix precursor 
The idea of using polymeric precursors for the 
consolidation of ceramic matrix composites originates 
from the processing route used for carbon-carbon 
composites, thus allowing the manufacture of quite 
large components. However, a large difference in 
ceramic yields exists between a carbon-precursor and 
ceramic or oxides precursors. In other words, the 
difference of density between the polymer precursor 
and the matrix is much larger for a silicon-carbide or 
oxide (1:2.5) matrix than it is for a carbon one 
(1:1.8) ; therefore the shrinkage of the matrix will be 
much more important 75 % instead of 35 %. 
To obtain a carbide or oxide-matrix with a sufficient 
density, i.e. a residual porosity ranging between 8 and 
20 %, quite a number of successive cycles of 
infiltration followed by pyrolysis are required, which 
of course is not cost effective. However, a lot of 
composites with either an oxide, or a carbide-matrix 
have been processed that way and given correct 
strength [8,9]. 

0 
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To overcome the formerly stated difficulty of the 
ceramic yield, a two step infiltration technique has 
been developed and patented by ONERA in France 
(fig. 3) [lo] : 

- the first step consists in an infiltration of the fibre 
preform by fine submicronic ceramic particles of 
the wanted matrix, achieved uring a slurry 
technique, which allows to fill 50 % of the 
remaining free volume within the fibre preform. 

- the second step consists in an injection of this 
green body by either a polymeric precursor for 
covalent matrices or an alkoxide for oxide matrices. 
These cycles are followed by curing for the resin 
precursor, hydrolysis and drying for the alkoxyde. 
In both cases a final pyrolysis cycle is given to 
achieve the CMC. Using that technique with a 
single injection cycle allows to reach a porosity 
ranging between 10 and 15 % for polymeric 
precursors. 

22.1. The sol-gel route for oxide matrix composites 
processing 
The sol-gel route has been known for a long time in 
the ceramic industry due to its ability to produce both 
ceramic powders and monoliths with a high purity 
and a great homogeneity 1111. Sol-gel route is thus a 
versatile technique since it allows the production of a 
large variety of solid oxides under the form of a gel, 
starting from a metallic or non metallic alkoxide, by 
the following hydrolysis polycondensation reactions : 

M(OR), + nH20 -> M(OH), + nR - OH 
(hydrolysis) 

M(OH), - > M O 4 2  + n/2H20 (polycondensation) 

The chemistry for the achitwement of quite a number 
of single and mixed oxides is given in table 4 [12]. 
After drying, the gels are converted into oxides or 
ceramed-glasses by pyrolysis and/or hot pressing at 
temperatures above 800°C (fig. 3). These processing 
temperatures are fairly low compared to those 
necessary to process glass-matrix composites by hot 
pressing in the viscous state (> 1300" C). 
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Two other examples can be given relative to sol-gel 
processing, the first-one deals with the achievement of 
C-A1203 composite and the second with the use of a 
gel-phase as a compaction aid through viscous flow. 

Concerning the C-A1203 composite it has been shown 
that shrinkage during the matrix-sintering might be 
controlled by the nature of the precursor chosen for 
infiltration. As already stated the carbon-fibre 
preform is first infiltrated by fine submicronic A1203 
powders ; after a single infiltration followed by 

a natural sintering below 1200°C, the composite 
exhibits a high level of porosity and a poor tensile 
strength (40 MPa). The use of a precursor 
conveniently chosen to reduce the matrix shrinkage 
relative to a pure alumina alkoxyde both allows to 
limit the number of post-infiltrations to 6-8 instead of 
15 usually and to provide a two fold increase in the 
tensile rupture stress (80 MPa), together with a 
porosity restricted to 20 % [13]. 

The second point worth to be mentioned is the ability 
to control the fibre-matrix bond-strength through the 
composition of the alkoxyde used for infiltration. This 
has been demonstrated in the case of Sic  
nicalon/mullite composites where the reduction of the 
A1203/Si02 ratio permits a drop of the interfacial 
shear-strength from 60 to 20 MPa [14]. 

222. The polymeric precursor infiltration processing 
route 
The use of polymer precursor to achieve the 
densification of a carbide or nitride-matrix ceramic- 
composite is a growing research and development 
area since it appears as a convenient way to take 
advantage of existing technologies forc organic or 
carbon-matrix composites processing. The component 
is first processed by a double infiltration of powder 
and polymer followed by curing which leads to an 
organic-matrix part ; the ceramic is then simply 
obtained by a pyrolysis without tooling. This allows to 
obtain sound materials with a limited porosity of 
15 % [U]. Different kinds of polymers have been 
used : polywbosilanes, the Tonen perhydro- 
polysilazane, vinylmethylsilane by UTRC [9]. A 
nicalon Sic  fibre/SiC matrix composite has been 
developed by Nippon Carbon using a polycarbosilane 
precursor and trade-marked nicaloceram [16]. 

23. The prepreg processing route 
As the formerly mentioned infiltration of a fibre 
preform by a liquid precursor, the prepreg technique 
applies to both covalent (carbide, nitride) and oxide 
matrices. In the two cases, the main problem of the 
prepreg processing is to achieve a correct monitoring 
of the viscous flow of a diphasic matrix (powder 
ceramic particles + precursor) during the 
densification stage. 

23.1. Oxide matrix composites 
Processing of the composite is performed in two 
steps : 

- firstly an impregnation of the 2D Woven fabric by 
a gel precursor formed in situ, 

- secondly, the deposit of fine ceramic submicronic 
powders on the tissue. 
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The composite is then obtained by hot pressing within 
the temperature range where a viscous flow of the gel 
may occur, i.e. below 14OO"C, temperature at which 
the S ic  fibres remain stable. This has been applied to 
different matrices such as NASICON [17], mullite 
[18] and the Ba A.S. ceramic glass [19]. 

2 3 2 .  Covalent matrix composites 
The prepreg technique has also been extended to Sic  
matrices using a cost-effective technology of filament 
winding [20]. The prepreg is prepared by 
impregnation of a fibre tow in a slurry made of a 
dispersion of S ic  powder in a Si-containing polymer. 
Composites are then processed by the lay-up 
technique and pressed in a tooling. All samples use 
2D laminate$ (0/90) stack-up. Fig. 4 gives an example 
of C/SiC shingle for an hypersonic-vehicule thermal 
protection system. These composites are proned to be 
used up to 1200°C. 

Composites have also been performed, using a similar 
technology, by the Tonen company. The only 
difference with the former technique is that the 
polymer used to realize the matrix, the 
perhydropolysilazane does not contain ceramic 
powders. Eight infiltration and curing (under 
pressure) cycles are necessary to obtain a sound 
composite with a very low residual porosity [21]. 

2.4. The Viscous phase hot pressing 
This technique which applies to glass and glass- 
ceramic matrices was first developed in the United 
Kingdom and the United States in mid 60's. Fibre 
preforms were first made of stacking of U.D. layers 
obtained by pre-impregnation and winding. The hot 
pressing is performed in the temperature range 1000- 
1400" C using pressures comprised between 3.5 and 
15 MPa, depending upon the matrix. This process 
leads to a fully dense matrix with a residual porosity 
of about 2 to 3%. Quite a large variety of matrices 
have been used for composite processing : 

- firstly borosilicate matrices with a carbon 
reinforcement [22, 231, 

- secondly alumino-silicate containing lithium oxide- 
matrices with nicalon-Sic fibres as a reinforcement 
[24] ; these matrices have been optimized by 
Corning glass and UTRC thus leading to the well- 
known LAS I11 [24]. Matrices for a use at higher 
temperatures have been defined such as MAS-L 
[25], MAS Y [%I, and more recently BAS [27] and 
CAS [28]. With these new matrices, operating- 
temperatures over 1100°C may be reached as will 
be seen in section 3. 

2.5. Liquid metal infiltration 
This process has been mainly used to process silicon 

carbide matrices by a reaction between a carbon 
porous matrix and liquid silicon. The very first work 
in that area was performed by General Electric in the 
70's with the infiltration of a carbon-fibre preform 
with liquid silicon. The silicon-carbide/silicon 
composite obtained, which exhibits mechanical 
properties up to 1200°C was trade-marked under the 
name SILCOMP. 

Then carbon/silicon-carbide composites, with non- 
transformed carbon fibres, were obtained by 
T*Fitzger and Gadow [29] by infiltrating carbon- 
carbon composites with a high level of porosity by 
liquid silicon. These composites exhibit similar 
strength to that of monolithic ceramics with a 
somewhat improved elongation to rupture. 

2.6. Gas-metal reaction 
This process has been first developed in the 80's by 
the Lanxide company to process alumina matrix 
composites and further trade-marked. In the L a n x i d a  
process, the alumina-matrix is grown by the reaction 
between the molten metal and a reactant gas. This 
process has been applied to composites by allowing 
the alumina formed to grow outward through a 
fibrous preform. The first work done at Lanxide on 
composites was achieved with relatively low volume 
fractions of both coated nicalon and SCS6 silicon- 
carbide fibres in an alumina matrix formed by 
oxidation [31]. The process has still been improved to 
remove the residual metal from the matrix. This 
processing route allows the manufacture of complex 
shapes. First used with an oxidizing atmosphere the 
process has been extended to the formation of 
nitrides. 

2.7. Solid sate hot pressing 
Processing of ceramic composites using this route 
proceeds from laminates of alternate layers of fibre 
plies and matrix- powder containing the sintering 
aids ; hot pressing is performed within the 
temperature range 1800" C-2100" C for silicon-carbide 
or nitride matrices. Up to now, only composites 
processed from the large diameter Textron SCS6 
fibres do exhibit some non brittle behaviour. Both 
UD and 0/90 cross-plies composites have been 
manufactured by the AVCO specialty metals division. 
These composites do exhibit a non brittle failure 
related to the presence of a carbon- interphase 
between the fibre and the matrix [32]. The same kind 
of materials has been manufactured by NASA using 
the well-known RBSN technique, silicon infiltration 
and subsequent nitridation. These composites exhibit 
lower resistance than the AVCO ones, due to a 
higher porosity. With the advent of weavable small 
diameter (Si,C) or (Si, N) fibres from Japan, the 
processing of composites using these reinforcements 
was achieved by UBE through hot pressing of fibres 
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UD lay-up or cross-ply stacking with or without the 
addition of powder obtained from the polymer 
pyrolysis [33]. Hot pressing achieved around 1400°C 
leads to hexagonal-shaped fibres, which apparently 
keep their properties, and to an improvement of the 
rupture behaviour in three points bending relative to 
monolithic matrix. 
More recently, the Tonen company [21] has been 
proceeding to the manufacture of composites starting 
from prepregs, as has been described formerly in 
section 232. 

3. MECHANICAL AND ENVIRONMENTAL 
BEHAVIOUR OF SOME CERAMIC MATRIX 
COMPOSITES 
In this section mainly materials with a 2D 
reinforcement under the from of either a woven- 
fabrics or cross-plies will be considered. However, for 
some very particular composites, comparisons will 
lso be made on 1D reinfbrced materials. 

3.1. Glass and glass ceramic composites 

The main available glass ceramic composites available 
today are collected in Table 5. At room temperature 
and for similarly resistant fibres i.e. nicalon NLM 202 
or CG, and tyranno LoxM reinforced composites, no 
significant difference in rupture strength arises from 
the matrix. When tested in temperature (fig. 5)  the 
situation appears quite different since SiC/LAS and 
SiC/MLAS processed by the sol-gel route show 
strength loss as soon as 700°C. On the opposite, the 
SiC/UTRC 200 modified glass-ceramic composite 
exhibits a maximum strength at 9oo"C, while the 
BMAS- matrix composite shows a potential in 
strength up to 1200°C [MI. 

Nevertheless, in all these composites, the non brittle 
behaviour observed on the failure surfaces originates 
from the presence of a few hundred nanometers thick 
a carbon-layer at the fibre-matrix interface. This 
carbon interphase is of course prone to oxidation, 
which will lead to a rupture-strength decrease when 
these materials are submitted to long-term holds in 
an oxidizing environment. An example of the strength 
loss after high temperature holds in air is given in 
table 6 for different materials. Degradation of the 
composite rupture-strength is closely related to the 
oxidation of the fibre-matrix carbon interphase as has 
been observed in the SiC/LAS materials [35], the 
degradation in that case being linked to the existence 
of a NbC diffusion layer formed next to the carbon 
interphase. On the opposite the MLAS matrix 
composite seems to exhibit a much better behaviour 
with only a 10 % drop in strength after a 100 hours 
hold in temperature. The best composite relative to 
oxidation sensitivity is the SiC/UTRC 200 in which 
the interfacial carbon layer is protected against 

0 

oxidation by boron oxide [MI. 
The last point to be mentioned concerning these 
composites is the fatigue behaviour which appears to 
be very similar for every material. So, an illustration 
will be given in the case of the S ic  nicalon/1723 glass 
composite studied by AFWAL and Dayton University 
[36]. For a U.D material, the fatigue limit appears to 
be very close to the elastic proportional limit of the 
composite, and about twice the stress at which the 
matrix first crack initiates. The same behaviour has 
been observed for 0/90 cross-ply laminates (fig. 6). 

As far as thermal fatigue is concerned, work 
performed at AFWAL Wright Patterson [37l base 
highlights a sharp drop in the flexural strength of 
SiC/1723 glass composite after 500 cycles between 
250" C and a maximum temperature ranging between 
650" C and 800" C ; by the way, the more deleterious 
effect was observed for a maximum temperature cycle 
of 650°C with a sixfold reduction in rupture stress. 

32. Covalent matrix composites 
The best known silicon-carbide matrix composites are 
the materials processed by CVI by SEP. The 
mechanical properties of both Sic  nicalon/SiC carbon 
(T3OO)/SiC composites are given in table 7 and 8 
[%I. With tensile strength of respectively 200 MPa 
and 350 MPa at 1OOO"C these materials, which are 
processed under the form of components, appear as 
a reference. Table 9 compares the mechanical tensile 
strength of composites processed both by CVI and 
the polymer-precursor route. Two main conclusions 
may be drawn : 

- at least three polymer post-infiltration and pyrolysis 
cycles seem to be necessary to achieve a residual 
porosity of 10 % i.e. similar to that obtained by 
C.V.I. 

- rupture-strength as high as those achieved by the 
CVI processing route may be obtained by the 
polymer infiltration technique. Moreover, if the 
prepreg route is to be used, the component 
manufacture can rely on CMO technologies. 

And now if some attention is paid to the 
environmental behaviour of these composites, some 
recent work performed on uncoated SiC/SiC 
composites do highlight a strength loss (fig. 7) 
together with some structural modifications of the 
fibre-matrix interface after long term holds (more 
than 100 hours) in air at temperatures ranging 
between 800°C and 1300°C. The observations 
performed in TEM show a progressive consuming of 
the carbon interphase layer by oxidation and its 
replacement by a silica- layer. From a mechanical 
point of view, a decrease of the Youngs modulus is 
first observed, which corresponds to the removal of 
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the carbon-layer followed by a sharp increase 
corresponding to the formation of the silica layer 
which achieves a strong fibre-matrix bond [39]. In 
parallel, a strong increase of the fibre matrix shear- 
strength measured by microindentation has been 
observed [40] ; then the composite exhibits a brittle 
failure. 

As far as fatigue is concerned, tests performed in 
tension-tension on 2D SiC/SiC processed by CVI 
illustrates that the fatigue limit of the material 
appears to be quite high, 140 MPa as compared to 
the elastic proportional limit of about 160 MPa 
(fig. 8) [41]. A model has been proposed which takes 
into account the evolution of the fibre-matrix load- 
transfer shear-stress with the wearing of the interface 
during fatigue. 

Silicon nitride composites need also to be mentioned ; 
most of the results available today refer to 1D 
reinforced materials. Rupture tensile strength over 
600 MPa have been reported for materials with 30 
vol.% of SCS6 Textron fibres [42]. However, ageing 
of these composites at temperatures ranging between 
1260 and 1370 "C for one hundred hours leads to a 
twofold decrease of their rupture strength, so that the 
aged matrix and composite exhibit the same residual 
strength [43]. In fatigue at high temperatures 
(1OOO"C) the behaviour of these materials resembles 
that of glass-ceramic matrix composites : the fatigue 
limit of the composite is nearly equal to the elastic 
proportional limit i.e. 200 MPa for a rupture strength 
of 400 MPa [33]. 
To end with covalent-matrix composites, it is worth 
mentioning some recent results obtained in Japan 
with 1D carbon-Sic and carbon-SijN4 composites. 
Work performed by Tonen company [21] shows the 
possibility of obtaining flexural rupture stresses of 480 
MPa at room temperature and still 430 MPa at 
1200°C while with a Sic  matrix derived from 
polycarbosilane precursors, NAGOYA GIRI's reports 
flexural rupture strength of 400 MPa at R.T. and 
600 MPa in the temperature range 1400-1600°C [a ] .  

4. DISCUSSION : LIMITS AND PERSPECTIVES 

As shown formaly, quite a number of CMC's are 
available today, which have been demonstrated as 
operating components. Nevertheless, two limitations 
appear today since one thinks of using those materials 
for long term in oxidizing or corrosive environments : 

FOR CERAMIC-CERAMIC COMPOSITES 

- the first limitation comes from the fibres : if carbon 
fibres undergo no temperature limit as far as 
strength is concerned, they are sensitive to 
oxidation at very low temperatures (500°C). 
Ceramic fibres available today, even the last oxygen 
free Sic  fibres developed in Japan seem to be 

limited to 1400°C [45, 461. Large diameter silicon- 
carbide fibres like SCS6 loses their properties 
beyond 1100" C. The newly developed Sic  fibres by 
Textron [47] do exhibit a much higher thermal 
stability, probably due to the existence of a carbon- 
interphase between the silicon-carbide grains, 
interphase which acts as a grain-growth inhibitor. 
The two other fibres that have to be mentioned is 
the sintered S ic  fibre from Carborandum [ a ]  and 
the polycrystalline S ic  fibre derived from an 
organic precursor from Dow Corning [49]. For the 
Dow Corning near stoechiometric S ic  fibre, the 
limit in temperature again seems to be just below 
1400" C while the carborandum fibres only exhibit 
a tensile strength of 1 GPa, but keep their strength 
up to 1600"C, at least for short time exposures. 

- the second limitation originates from the nature of 
the fibre-matrix interphase which has to be built to 
give the composite a non, brittle, energy dissipativ 
failure. Up to now, almost all composites hav m 
relied upon a carbon- interphase due to the ability 
of either pyro-carbon or in situ grown carbon- 
interphases to achieve a weak fibre-matrix bond 
strength. As shown in section 3, most of the 
interphases undergo oxidation after a 100 hours 
hold in temperature. Fig. 9 gives an example of the 
limits of the silicon carbide composites. 

The alternative ways that appear today, are : 

- either to change the nature of the composite 
constituents and work, performed at Santa Barbara 
university has shown that an oxide interphase may 
allow a crack deflection to occur 

- or to protect the carbon interphase by an adequate 
addivive, and the way shown by UTRC seems to be 
promising. 

However, to be of some interest for turbo engine 
components, the limit put forward by engine 
designers seems to be around 1600°C. At that 
temperature no fibre is today available even if some 
development work is on the way on single-crystal 
fibres of alumina or garnett [50]. These developments 
appear as the only ones able to reach the above 
temperature limits, which is a real challenge. 

CONCLUSIONS 
The R and D work performed in the area of ceramic- 
ceramic composites has lead to the emergence of four 
classes of materials : 
- ceramic-glass matrix composites for use at 

- oxide matrix composites for temperatures up to 

- covalent matrices composites up to 1700"C, 

temperatures up to 12OO"C, 

1600" C, 
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- finally coated C/C that: can be used up to 2OOO"C. 

If carbon-carbon composites are kept aside two 
families have been produced under the form of 
components carbon or silicon carbide fibres/silicon 
carbide matrix and silicon carbide/glass-ceramic 
composites. 

The second family has given the way to materials than 
can be operated up to 1200°C in air. 

The first family has been produced for rocket engines 
and ramjet components mainly and demonstrated for 
hypersonic vehicule components in France essentially. 

CMC's composites produced today appear 
nevertheless to be limited in working time due to the 
presence of oxidation sensitive constituents, mainly a 
carbon fibre-matrix interphase. To overcome this 
drawback, new materials based on oxide have been 

.p roved  to be good candidates up to 1600°C. 

Further development of CMC's mainly rely on the 
designing of new ceramic-fibres with stability in 
temperature up to 2000"C, able to operate in an 
oxidizing environment for 2000 hours. 
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glasses, ceramic-glasses Viscous phase 
hot pressing (2D preforms) 

Sol-gel route 
2D, 3D preform oxides 

Table 2 : Main processing routes for CMC’s 

I PROCESSING ROUTE I MATRICES I PORlSlTY 

2 %  

10-20% 

I I l O - 2 0 %  Chemical Vapour carbides, nitride I Infiltration carbon, oxides, borides 

Polymer precursor 
route (3D preform) 10.20% Sic, SixN, 

SixCp, 

Gas-metal 
reaction 

Liquid Metal 
Infiltration 

< 5 %  oxide (AI) 
nitrides (AI, Zn, Ti) 

(Si) ->  Sic 

Sic, Si3N4 Solid state 
Hot pressing 

2 %  

< 2 %  

oxides Hot pressing 
(2D preforms) < 10 % 

Prepeg curing 
and pyrolysis Sic, Si3N4 l O - 2 0 %  

Table 3 : Ceramics processed by CVI and usual precursors (aner 5) 

Refractory Materials 

Carbon 

Boron 

SIC 

Si3N4 

B4 
TIC, ZrC 

TiB,, ZrBzC 

BN 

Al2Op ZrO, 

Matrix 

SiO, 

TiOZ-SiO2 

GeO,-SiOz 

B,O,-SiO, 

AI,O,-SiO, 

Zr0,-SiO, 

Gaseous precursors 

CH4 ; C ~ H B  ; q H 2  ; C,H, 
BCI,-H, ; BBr3-H, 

CH,SiCI,-H, ; (CH,),SiCI,-H, ; SiC14-CH4-H2 

SiCI,-NH, ; SiF4-NH, 

BCi,-CH4-H2 ; BBr,-CH4-H2 

MC14-CH4-Hz (M = Ti, Zr) 

MCI,-BCI,-H, (M = Ti, Zr) 

BCl,-NH,-H, ; BF,-NH, 

AICI,-H,-CO, ; ZrC14-H,-CO, 

Table 4 : Chemistries for forming single and mixed oxides (after 12) 

Used Precursor 

Tetraethoxysilane (TEOS) 

TEOS + Ti(OC2HS), 

TEOS + Ti(iso-OqH7)4 

TEOS t tetraethoxy-germane (TEOG) 

TEOS + GeCI, 

TEOS + B,O,hydr. 

TEOS + AI (sec-OC4H9) 

AI (iso-C3H7), 

AI (see-OC4H9), 

TEOS + ZrC14 

Gel-Formation Process 

HCI catalysis in ethanolic solution 

Simultaneous hydrolysis 
HCI catalyzed in ethanolic 
solution 

HCI catalysis in ethanolic solution 

Ethanolic solution without additional catalyst 

HCI catalyst in ethanolic solution 

Aqueous ethanolic solution 

HCI catalysis in ethanolic solution 

2-step (NH,OH/HCI) catalysis 

Ethanolic solution without catalyst 
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- 
Si(: f BMAS 

SiC/CAS 

- 

Table 5 : Compared mechanical strength of different glass.eeramic matrix composites with a 2D reinforcement 

Nicalon 
Bah4AS CG 428 

o/gfJ 

Nicalon 

0/90 
CAS NLM 202 200 

550 700 800 
70 h 70 h 100 h 

350 10 % 

Room Temp. Composite 

SiC/LAS 
200 (tensile) 20 (TI i 

Table 6 : Loss In rupture stress of some glass-ceramic composites 
with a 2D reinforcement after an exposure at temperature in air 

900 
70 b 

FLEXURAL STRENGTH AFTER EXPOSURE IN AIR 
I I 

SiC/MASL c 460 420 

480 248 242 165 



Table 7 : Mechanical properties od 2D SiC/SiC composites (aner 38) Table 8 : Mechanical properties of 2D C/SiC composites (after 38) 

23°C 
Properties 

1000°C 1400'C 

Fibre volume fraction 
Density 

Open porosity 

Composite 
2D SiC/SiC 

Characteristics 

Tensile strength 

Elongation to rupture 

Tensile Young's 
modulus 

1 2D C/SiC 

Flexural strength 

Compressive strength // 

processing 
route 

Type 

Vf 
reinforcement 

Porosity 

rupture 
strength tens 

(MPa) 

Compressive strength 

S.E.P. Dornior ONERA ONERA Nippon Dow 
CVI expolysilazane ex-PVS ex-PVS Sic  Carbon Corning 

prepeg + 3 Sic powder powder ex(Si, N, C) 
polymeric + 2 polymer 
injections injections 

2D woven- 2D woven- 
fabric fabric 

Skinex 0/90" Skinex 

45% 45% 45% 30% 35% 40% 

8-12% 10-15% 17% 17% 20% 

n 4 0 0  200-400 250 200 250 110 350-420 
260 200-350 210-245 

Interlaminar 
shear strenpth 

"Toughness" K, 

I Units 

= 
% 

% 

MPa 

% 

GPa 

MPa 

MPa 

MPa 

M Pa 

MPaJ 
m 

- 
- 

: I :: I 100 

500 700 700 
I I 

32 32 

Table 9 : Comparison of 2D SiC/SiC and C/SiC composites processe by diNerent routes 
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1000 1500 2000 T'C 
I I I 
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CERAMIC MATRIX COMPOSITES: 
CHALLENGES AND OPPORTUNITIES 
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LIST OF SYMBOLS 
shear strength 
compliance coefficient 
residual stress coefficient 
shear strain 
displacement 
characteristic length 
hysteresis loop width 
strain 
elastic strain 
permanent strain 
contribution to permanent strain caused by 
matrix cracks 
Poisson's ratio (assumed to be the same for fiber and 
matrix) 
pull-out coefficient 
stress 
residual stress in 0/90 material along fiber axis 
lower bound stress for tunnel cracking 
debond stress 
matrix cracking stress 
stress acting on 0' pliw in a 2-D material 
peak stress 
saturation stress 
misfit stress 
interface sliding resistance 
matrix cracking coefficient 
fracture energy 
interface debond energy 
dissipation associated with traction law 
matrix fracture energy 
misfit strain 

SUMMARY 
A methodology for the straightforward and consistent evalua- 
tion of the constituent properties of CMCs is summarized, 
based on analyses from the literature. The results provide a 
constitutive law capable of simulating the stress/strain behav- 
ior of these materials. The approach is illustrated using data 
for two CMCs: SiC/CAS and SiC/SiC. The constituent pro- 
perties are also used as input to mechanics procedures that 
characterize stress redistribution and predict the effect of 
strain concentrations on macroscopic performance. 

1. INTRODUCTION 
For the structural application of ceramic matrix composites 
(CMCs), it is necessary to have il methodology that prescribes 

the influence of strain concentrations, such as notches, on ten- 
sile properties. Ideally, this methodology should have explicit 
connections to the constituent properties (fibers, matrix, 
interface), such that efficient design procedures can be imple- 
mented. This article contributes toward this objective by 
surveying the tensile properties of CMCs and the mechanisms 
that govern their properties, in a manner that leads to a meth- 
odology for relating macroscopic behavior to constituent 
properties. A mechanics approach that addresses the influ- 
ence of strain concentrations is then summarized and 
compared with preliminary experimental results. 
CMCs usually have substantially lower notch sensitivity than 
monolithic brittle material~l-~ and, in several cases, exhibit 
notch insensitive behavior?-' This desirable characteristic of 
CMCs arises because the material may redistribute stresses 
around strain concentration sites. There are two fundamental 
mechanisms of stress redistribution:"12 (i) distributed matrix 
cmcking and (ii) fiber failure involving pull-out. An under- 
standing of these effects provides a basis for devising a 
methodology to characterize and predict properties. In most 
CMCs, the Linear Elastic Fracture Mechanics (LEFM) meth- 
odology successfully devised for metals cannot be ~sed,2.~9.'*-'~ 
because failure does not occur by the propagation of a 
dominant mode I crack. Alternative mechanics are needed, 
based on the actual mechanisms of failure. A more relevant 
mechanics is that based on the Large-scale Bridging of matrix 
cracks by (LSBM). However, even LSBM is inade- 
quate. It must be augmented by Continuum Damage 
Mechanics (CDM)I6 in order to establish a rigorous metho- 
dology. 
The basic approach has the following features. An informed 
background needed for progress is provided by experimental 
results used in conjunction with models of matrix cracking 
and fiber failure. The matrix cracking and fiber failure observ- 
ations are conducted on 2-D materials in tension and shear. 
Large-scale Bridging Mechanics are used to rationalize the 
observed damage mechanisms. The tensile properties mea- 
sured in the presence of holes and notches, when combined 
with damage observations, establish the mechanics approach 
needed to rationalize the influence of strain concentrations. 

The strategy is facilitated by devising mechanism maps that 
use non-dimensional parameters, which combine the basic 
constituent properties listed on Table I in mechanistically 
relevant ways. A list of these parameters is presented in Table 
II. The most successful methodology will be that using the 
minimum number of constituent properties needed to repre- 

Presented at an AGARD Workshop entitled 'Introduction of Cemmics into Aerospace Structural Composites: April, 1993. 
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Matrix Fracture Energy, I-,,, 

sent the constitutiye behavior. At mechanism transitions, the 
mechanics needed to characterize composite behavior often 
~hange.'~.'~ 

2. BASIC RESULTS FOR 1-D MATERIALS 
2.1 Phenomenology 
Models for a range of damage phenomena found in 1-D 
CMCs, have been established and validated by e~periment.~"~" 
These models provide the basis upon which the behavior of 
2-D and 3-D CMCs can be addressed. The underlying pheno- 
menology involves matrix cracking and fiber failure. Matrix 
cracks form first and interact with predominantly intact fib- 
e r ~ : ~ ~ - ~ ~  subject to interfaces that debond, at energy ri, and 
then slide at a constant shear stress, t. This process com- 
mences at an energy bound stress, ijmc. The crack density 
increases with increase in stress above ijmc and may eventually 
attain a saturation spacing, 2,. The details of crack evolution 
are governed by the distribution of matrix flaws. The matrix 
cracks reduce the elastic modulus, E, cause hysteresis in the 
presence of sliding interfaces, and also induce a permanent 
strain, These matrix cracking effects are schematically 
illustrated in Figure 1. The intent is to relate these quantities 
to the constituent properties (Table I) through non-dimen- 
sional parameters (Table U). 

Monolithic Material 

Saturation Crack Spacing, 

Matrix Cracking Stress, amC19 

The matrix cracks may enhance the stress of the fibers and 
encourage fiber failure.".lS However, when a fiber fails, the 
stress does not reduce to zero everywhere along that fiber. 
Load transfer can still occur through the sliding stress, T, even 
though the matrix has many ~ r a c k s . ~ ~ - ~ ~  As a result, the ultim- 
ate tensile strength (UTS) may exceed the value expected for a 
'dry bundle' (fibers with no matrix). R o  bounds appear to be 
involved. When failed fibers and matrix cracks do not induce 

t 
IO 
6 
2 
fj 

tn 

I 

+ 
&P - Strain, E 

Fig. 1. A schematic indicating the consequence of matrix 
cracking in CMCs on the stresshtrain behavior. 

$ More rigorous debonding and sliding behaviors have been ana- 
lyzed:' but have not yet been found necessary for the derivation of 
useful constitutive laws. 

Table I 
Measurement methods 

MEASUREMENT I CONSTITUENT PROPERTY I 
Sliding Stress, T 

Saturation Crack Spacing, 7320.22 

Hysteresis Loop, 6 E 1/22324 

Unloading Modulus, &2324 
I 

Fracture Mirr0rs383~ 

Ultimate Strength, 9 
Characteristic Strength, S,, m 

Misfit Strain, R 
Bilayer Distortion9 

Permanent Strain, ~ ~ 2 3 2 4  

Residual Crack Openi11g3~ 

Debond Energy, ri Permanent Strain, ~ ~ 2 1 2 4  

Residual Crack Opening21,24 

Table II 
Summary of non-dimensional coefficients 

- 
& e 2 = (c2/cI)E,R/Zip, MisfitIndex21.24.32 

UP 

- 
(VCl )  ,/= - C,, Debond Index2124 

UP 

?f = b 2 ( l - a , f ~ R Z i ~ / 4 7 ~ E , f 2 ,  HysteresisIndex24.32 

L = r,(l - ffE,E,/fz'E,R,'Crack Spacing Index22 

%f = 6rrmf2 E,/(l - f)ELRE,, Matrix Cracking Index2,1&19 0 
Q = E,fR/E,(I - v), Residual Stress Index19.24 

a = a,SZ/ELr, FlawIndex8 

ab = [f/(l- f)]'(E,E,/Eb)(a,r/Rs.), 

R p  = (a.F)(Sp/EL), 

Flaw Index for Bridgin$~15 

Flaw Index for Pull-OuP7.41 

a significant stress concentmtion within intact fibers, global 
load sharing (GLS) applie~.~' Then, the effective gauge length 
relevant to fiber failure is governed by the load transfer length. 
Consequently, the UTS becomes independent of the actual 
gauge length. Conversely, when an unbridged segment of 
matrix crack exists (because of processing flaws, etc.), the 
stress concentration induced within the fibers reduces the 
UTS."." In this case, fiber pull-out appears to control the 
UTS.4' Constituent properties that lead to this transition in 
behavior will be discussed below. 
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2.2 Matrix Cracks 
A summary of the matrix cracking results is presented, which 
apply to materials with relatively small debond energies 
(SDE). More complete results are presented el~ewhere.2'~~~ 
Long matrix cracks interacting with fibers are subject to a 
steady-state condition, which leads to a lower boundcracking 
stress, given by 2*18~19 

where q is the residual axial stress in the matrix, which is 
related to the misfit strain, 62*, by;19 

q/Em = P[E,/EL(I- v ) ] ~ Q  
( 9  

with f3 = 1. The first important non-dimensional relationship y" thus (Table IQ, 

As multiple matrix cracking develops, the slip zones from 
neighboring cracks overlap and produce a shieldingeffect.2°*zz 
When the shielding proceeds to completion, a saturation 
crack density results. This occurs at stress 4, with an asso- 
ciated spacing, j,, given by2" 

The coefficient x depends on crack evolution: periodic, ran- 
dom, etc. Recent estimateszz indicate that, x = 1.6. The 
second important non-dimensional formula is thus (Table II), 

(2b) 

The actual evolution of matrix cracks at stresses above U,, is 
governed by the size and spatial distribution of matrix flaws. If 
this distribution is known, the evolution can be simulated*" 
(Fig. 2).$ A simple formula that can be used to approximate 
crack evolution is 

(3) 

Direct application of Equations 1 to 3 requires that the elastic 
properties be known and, moreover, that the constituent pro- 
perties (T, r,,, and a) be independently measured?.30 
However, it would be more convenient if a methodology 
existed that related the constituent properties to readily mea- 
sured macroscopic features. With this objective, a series of 
formulae have been derived from basic solutions for debond- 
ing and sliding at interfaces, as matrix cracks evolve.21,24*31 

* P may be related to the thermal expansion coefficients of fiber a, 
and matrix q,, by, SZ - (q,, - a,)AT, where AT is the cooling range, 
taken as a positive quantity. However, in some cases, there are addi- 
tional contributions from phase transformation, 'intrinsic' stress, 
etc. 

t 
I 

Crack 
Density, p 

(Lower Bound), om 

- Applied Stress, 8 - 
Fig. 2. A schematic indicating the parameters that influence 
the evolution of matrix cracks in 1 -D CMCs.= 

Matrix cracks increase the elastic compliance. Numerical cal- 
culations indicate that the unloading elastic modulus, E*, is 
given by31 

E,/E' -1  = ( R / Z ) ~ [ ~ , E , / E , ]  
(4) 

where a is another non-dimensional function (Fig. 3). Initial 
unloading occurs with modulus, E*. However, the displace- 
ments caused by reverse sliding soon d0minate.3~J~ These 
lead to an effective unloading/reloading .modulus, E, and 
generate a hysteresis loop, width 6E. When the stress ijp is 
below 4, such that limited slip zone overlap occurs, the 
unloading modulus and the loop width (Fig. 1) are independ- 
ent of the misfit strain, Sq but relate to the sliding stress, T. 
They are also independent of ri, for SDE.24.32 The unloading 
modulus is given by23.243.32 

where 9f is the third important non-dimensional parameter 
(Table IT), given by 

H = b,(l- a,f)2R5i/477E,f2 
(6) 

The width of the hysterisis loop 6~ is24.32 

8 E  = 2H(E/Ep) [l - ./Ep] 

such that the loop width at half maximum, 6 ~ , , ~  (at ij - ij,,/2), 
is 

8EH = H/2 

$ In some cases, small matrix cracks can form at stresses below 
ij,,c?8~29 These occur either within matrix-rich regions or around 
processing flaws. However, the non-linear composite properties are 
usually dominated by my-developed matrix cracks that form at 
stresses above Cmc (Fig. 1). 
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Modulus Ratio, Ef / E, 

Fig. 3. Effects of matrix crack density on the elastic 
compliance of 1 -D CMCS.~  

The permanent strain, F+ is sensitive to the sliding stress and 
the misfit, as well as the debond energy. It is given by,21.24.32 

Ep = 2H[1-Ci] [1-Ci+2CT]+E'  

(8) 

where & and & are two non-dimensional parameters (Table 
II) that introduce the influence of the debond energy ri and 
the misfit strain Q given byz'*z4*32 

(9) 

and E* is the extension associated with relief of the residual 
stress caused by matrix cracks, in the absence of interface slid- 
ing,'l 

E* = (EmQ/E)[fa,/(l-a,f)][~/E.-1] 
(10) 

The above results can be combined to give an expression for 
the secant modulus, The resulting constitutive law may 
be used to simulate stresshtrain cur~es.2~ The results may 
also be used to evaluate t, ri and Q, provided that C, has been 
measured, as elaborated below. 
At stresses above lis, the behavior is less well-documented. It 
has generally been assumed that the tangent modulus Et is 
that associated exclusively with the fibers,18 

2.3 Fiber Failure 
Several factors are important concerning fiber failures within 
a composite matrix. (i) Fibers begin to fail prior to the UTS.25- 
27 At the UTS, the fraction of failed fibers within the 
characteristic length, 6,, is sufficient that the remaining intact 
fibers are unable to support the load. (ii) The stochastic nature 
of fiber failure dictates that the fiber failure sites have a spatial 
distribution around the fracture plane. Consequently, a fric- 
tional pull-out resistance exists. This resistance allows the 
material to sustain load, beyond the UTS. The associated 
pull-out strength S, is an important property of the compo- 
site. (iii) When unbridged flaws exist in the material, the 
matrix cracks introduce stress concentrations within intact 
fibers. This effect may lead to a reduced UTS."*ls 

The basic stochastics of fiber failure have identified two non- 
dimensional parameters: a characteristic ~ t r e n g t h ~ ~ , ~ ~  

S, = Sa [TL,/RS,]~~" '  

and a characteristic length 

6, = La [So R/T Lo]%m ''1 

related by 

S, = T ~ , / R  

When multiple matrix cracking precedes composite failure, 
and when GLS applies, the UTS is gauge length independent 
at large lengths (Lg 5 6,). The UTS is given by25 

S" = fS,F(m) 
(13) 

where 

F(m) = [2/(m + 2)]K"." [ (m + l)/(m + 2)] 

At shorter gauge lengths (Lg C a,), the UTS increases as Lg 
decreasesz6 (Fig. 4). 

I I I I I I I 

However, deviations from Equation 11 often 

Finally, it is noted that certain matrices (especially oxides) are 
susceptible to stress corrosion cracking.2s This phenomenon 
leads to time-dependent matrix cracking, which can occur at 
stresses below e,,,,. 

0.51 I I I I I I 
0 0.2 0.4 0.6 0.6 1 1.2 1.4 

Relative Guage Length, L, / 6, 

Fig. 4. Effects of gauge length on the ultimate tensile 
strength predicted by global load sharing analysis.*' 



In principle, it is possible for composite failure to be preceded 
by relatively few matrix cracks, with GLS still applicable. 
Then, because the avcrage stress on the fibers is lower, the 
UTS is predicted to be higher than S,. In the limit wherein 
only one matrix crack has formed, the UTS (subject to GLS) is 

v) 
U 

P 
. 

0.3 

5- 
P 
W 
-I 
c 0.2 a - - 
3 a 
.- 9 0.1 

d 
c m - 

- where 

- 

. 

. 

G(m) = [ (5m + 1)/5m]exp[- l/(m + l)] 
The spatial distribution of the fiber failures that occur upon 
loading results in fiber pull-out on the matrix fracture plane. 
The mean pull-out length,E (for LB >a,), has the non-dimen- 
sional ~ o I - I ~ ~ ~ , ~ ~  

- 
hz/RS, = h(m) 

ere are two bounding solutions for the function 1 (Fig. 5). @ omposite failure subject to multiple matrix cracking gives 
the upper bound. Failure in the presence of a single crackgives 
the lower bound. 

8 

8 

o l  ’ 
5 10 15 20 

Shape Parameter, rn 

Fig. 5. Bounding solutions for the non-dimensional fiber 
pull-out length.25 

Because of pull-out, the system has a residual strength, S,, 
(Fig. 6a) given by 

The preceding results are applicable provided that there are 
no unbridged segments along the matrix crack. Unbridged 
regions concentrate the stress in the adjacent fibers and 
weaken the composite. The effect can be addressed using 
Large-scale Bridging Mechanics (LSBM). Simple linear scal- 
ing considerations require that the strength S* depend on a 
non-dimensional j7uw index”J5 (Table 11), 
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I I 1 I I I  

Bridging 
Only - 

0.25 0.5 0.75 1 .o 1.25 

Flaw Index. Ab = - f2 - E,E a,? 
(1# ( Emz) (E) 

1.2 I I I I I I I 

1 .o 

0.8 

0.6 

I 

0 0.1 0.2 0.3 0.4 0.5 0.6 

Flaw Index, A,=(a,/h) @,/E) 

Fig. 6. Strength degradation in elastically isotropic CMCs 
subject to unbridged segments (length 2%) a) combined 
bridging and pull-out; b) p~ll-out.~*~’ 

a = aoS2/ELro 

(17) 

where ro is the area under the streddisplacement curve for 
the bridging fibers, S is the fully-bridged UTS and 2% is the 
length of the unbridged segment. The flaw index a must be 
specified for each bridging law, based on ro. The functional 
dependence of strength S* on A has been determined by 
numerical analysis for two limiting ~ases.3~ A lower bound 
arises in the presence of bridging without pull-out (S S,, S, - 0), with flaw index,”.I5 (Table 11), 

Ab = 3[f/(’- f)]2 @,EL/%) (aoT/RS) 
(184 

The dependence of the UTS on a b is plotted on Figure 6a. 
An upper boundobtains when the UTS is pull-out dominated 
(S - S,), with flaw inde9937p41 (Table n), 
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500 F 
The degradation is plotted on Figure 6b. The behavior 
between the bounds has not been well-established. It involves 
coupled bridging and pull-out. One result3' (plotted on Fig. 
6a) suggests that the lower bound is more relevant when A b 7 
0.3, whereas the upper bound is a reasonable approximation 
when A M.5. 

Experimental validation of the above results requires inde- 
pendent measurement of S,, and m. Tests conducted on 
pristine fibers are not relevant, because fiber degradation 
usually occurs upon composite pro~essing.'"*~~*~* n o  appro- 
aches have been used. One approach entails removal of the 
matrix, by dissolution,' which is only feasible if further fiber 
degradation does not occur. The second approach involves 
fmcture mirror measurements on failed fibers, after tensile 
testing of the comp~si te . ' "*~~*~~*~* 

3. CHARACTERISTICS OF 2-D MATERIALS 
3.1 Matrix Cracking 
General comparison between the stress/strain, U(€), curves 
measured for 1-D and 2-D materials41 (Figs. 7 and 8) pro- 
vides important perspective. It is found that U(€) for 2-D 
materials is quite closely matched by simply scaling down the 
1-D curve from S to S/2. The behavior of 2-D materials must, 
therefore, be dominated by the 0' plies,# which provide a fiber 
volume fraction in the loading direction about half that pres- 
ent in 1-D material. 

400 

350 I 
300 I 

' ' d.1 ' d.2 ' 013 ' 014 ' 0:s ' 0:s ' 017 ' 018 ' 0.9 ' 1I.O 
I 

Tensile Strain, E ( % )  

Fig. 7. A comparison of stress/strain curves for 2-0 CMCs 
all reinforced with Nicalon fibers (with f-0.4). The SiC/CAS 
is a laminate, the SiC/SiCcv, has a plain weave: the other 
materials have a &harness satin weave.41 

4 Furthermore, since some of the 2-D materials are woven, the S/2 
scaling infers that the curvatures introduced by weaving have mini- 
mal effect on the stresdstrain behaviors. 

F 400 

L 

0 'I i 
0.  

--- SiC/CAS - SiC/SiC (CVI) 
I , , , ,  

0 0.5 

Strain (%) 

Fig. 8. A comparison of 1 -D and 2-D CMC tensile 
properties obtained for SiC/CAS and SiC/SiC,,. The lines 
marked (1 /2)1 -D are the results for 1 -D material reduced in 
scale by (1 12):' 0 

The only significant 2-D effects occur at the initial deviation 
from linearity. At this stage, matrix cracks that form either in 
matrix-rich regions or in 90' plies evolve at somewhat lower 
stresses than cracks in 1-D  material^?^*^" However, the asso- 
ciated non-lineanties are usually slight and do not normally 
contribute in an important manner to the overall non-linear 
response of the material. For example, matrix cracking in the 
90' plies often proceeds by a tunneling m e c h a n i ~ m ~ * ~ ~ , ~ ~  (Fig. 
9). lhnnel cracking occurs subject to a lower bound 
stresslL434 

(Tt = [ rm E/g t]X - O R  (EL + 

(19) 

0 0 0 0 0  

0 0 0 0 0  

0 0 0 0  

I I 1 
Fig. 9. A typical matrix cracking mode in 2-D CMCs! 
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where g is a function that ranges between 1/3 and 2/3.44 The 
unloading modulus associated with tunnel cracks is44 

- 
E/E = h(E,/E, I f ,  t / t )  

(20) 

with being the mean crack spacing in the 90'plies. The func- 
tion h varies between 1 and - 0.6 as achanges from - 0 to > 
1. The corresponding permanent strain is44 

= (1 - E$/E,)o,/E~ 

The actual evolution of cracks at stresses above az depends on 
the availability of flaws in the 90' plies. 
Extension of these tunnel cracks into the matrix of the 0' plies 
results in behavior similar to that found in 1-D material. 
Moreover, if the stress CO acting on the 0' plies is known, the 
1-D solutions may be used directly. Otherwise, this stress 
must be estimated. For a typical 0/90 system, So ranges 
between 6and 26, depending upon the extent of matrix,crack- 
'ng in the 9o'plies and upon Preliminary analysis has a een conducted below using, = 26, as implied by the 
comparison between 1-D and 2-D stresdstrain curves (Fig. 
8). Additional modelling is required on this topic. 

3.2 Fiber Failure 
The matrix cracks that originate in the 90' plies and extend 
through the 0' plies must induce a stress concentration in the 
fibers. The phenomenon is analogous to that considered 
above for 1-D material containing unbridged segments. When 
the stress concentration is small, the UTS should be given by 
Equation 13, but with freplaced b y j  .In a typical case (j /f- 
1/2), the UTS would be S,/2, consistent with experimental 
findings on several CMCs (Fig. 8). In other cases, the stress 
concentration is important and the UTS is significantly 
smaller than S,/2. 
Major factors governing the stress concentration are the mod- 
ulus ratio, E-&,, the crack spacing, E, and t. That is, small 
values of GEL, E and t alleviate the stress 

3.3 Shear Damage 0 When loaded in shear, 2-D CMCs are subject to non-linear 

h I I 

0.0 0.5 1.0 1.5 2.0 2.5 3.0 3.5 4.0 

Shear Strain, a(%) 
Fig. 10. The shear strength of various CMCs normalized by 
the composite shear 

deformation.4' The deformations are governed primarily by 
matrix cracks. Typical shear stress/strain, T(y) curves (Fig. 
10) indicate that CMCs can normally sustain larger shear 
strains than tensile strains prior to failure. The matrix damage 
often consists of cracks oriented at 45' to the fiber axis. Since 
fiber sliding is inhibited in shear loading, the elastic compli- 
ance of the composite with matrix cracks may be a useful 
upper bound for the shear strength. Consequently, when nor- 
malized by the shear modulus of the composite (Fig. lo), the 
T(y) curves found a range of CMCs tend to converge into a 
band. 

4. TEST METHODOLOGY 
The preceding characteristics suggest a methodology that can 
be used to efficiently evaluate constituent properties, which 
may then be used to make predictions about composite per- 
formance. The basic philosophy is that straightforward 
procedures be used, with consistency demonstrated between 
independent measurement approaches. The measurements 
that are experimentally convenient include: the fiber pull-out 
length,g, the matrix crack spacing at saturation, j,, the stress/ 
strain (a, E) behavior, the fracture mirror dimensions and the 
bending deformation of a bilayer (Table I). 

The steps are as follows. Generally, the fiber modulus is 
known, whereupon E, can be evaluated from the measured 
initial composite modulus. Both S, and m are known, pro- 
vided that fracture mirror measurements have been made. 
Curvature measurements made on bilayer provide 51. At this 
stage, measurements of pull-out, saturation crack spacing and 
unloadinglreloading hysteresis are used to determine 'c, ri and 
r,, as well as to provide checks on the magnitudes of S, and 
5 1 . 2 4 9 3 4  Specifically, the magnitude of t is obtained from the 
hysteresis loop width at half maximum, b ~ , , ~ ,  measured as a 
function of Cp (Eqn. 7b) and checked using the unloading 
modulus, (Eqn. 5). Typical results are shown in Figures 11 
and 12. Then, the misfit strain, 51, and the debond energy, ri, 
are evaluated from the permanent strain ~p (Fig. 13) by using 
Equation 8. Additional procedures have been devised to 
determine The misfit is compared with the bilayer mea- 
surements. Thereafter, the fiber pull-out lengths are used to 
provide consistency checks on t and S,, by using Equation 15, 
with the appropriate bound for k 

When the preceding measurements provide consistent infor- 
mation, two other results can be used. The saturation crack 
spacing &, allows estimation of r, (Eqn. 2), which may be 
compared with values found for the monolithic matrix mate- 
rial. The same value of r, can be used to calculate the matrix 
cracking stress, 6,, (Eqn. l), which can be compared with the 
onset of linearity found in the stresdstrain curves. 

Finally, with S, and m known, the UTS may be compared with 
the strengths predicted from global load sharing analysis 
(Eqn. 13) and fiber pull-out analysis (Eqn. 16). This compar- 
ison gives insight about the influence of matrix flaws on stress 
concentrations expected in the fibers. 
The procedure is briefly illustrated by referring to a compre- 
hensive set of results .obtained on both SiC/CAS6,y*24.30 and 
SiC/SiCzy*34*46 (see Figs. 11- 13). The constituent properties 
for these two CMC systems obtained using the above metho- 
dology are summarized in Table III. More complete 
assessments are provided el~ewhere.2~9~~ The comparison 
between these two systems is interesting, because the consti- 
tuent properties are very different. (i) In the SiC/SiC system, 
the fibers have clearly been degraded during processing. (ii) 
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Fig. 13. Variation in permanent strain for a 1 -D SiC/CAS 
material showing comparisons with the model (Eqn. 8) for 
various values of the sliding stress, using an independently 
determined value for the misfit strain, with (r, =O).30 0 

Fig. 11. The unloading modulus measured for 1 -D and 2-D 
SiC/CAS and SiC/SiCcvI showing comparisons with the 
model (Eqn. 5) for various sliding 

Table 111 
Important constituent properties for CMCs: 
comparison between SiC/SiC and SiC/CAS 

1000 

I 
- 
(T 

800 - 

600 - 

400 - 

l l l , 1 , 1 , 1  
0 2 4 6 0 10 

Relative Crack Spacing, Q/R 

PROPERTY 
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CONSTITUENTS I Residual Stress, q (MPa) I 80-100 I 50-100 I 

Debond Energy, ri (Jm-*) 

PRoPERTES Pull-out Length ii (pn) I 250-350 I 25-40 I 

Fig. 12. Variations in the relative hysteresis loop width with 
crack density obtained for 2-0 SiC/SiCcvl showing 
comparisons with the model (Eqn. 7) for various sliding 
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als, at stresses prior to sa~ration may be simulated by using 
Equations 1 to lO."-U The procedure is straightforward for 
1-D material, provided that Equation 3 is a reawnable repre- 
smtation of matrix crack evdution. Some examples arc 
pmeuted in Figure lhZ* Further work is needed to predict 
the behavior above 6,. The simulation capability for 2-D 
material depends on the assumption made about the stress 6, 
acting on the 0'pIies.Ifthis stress is considcrcd tobe, eo - 26, 
the simulations for SDE materials, based on SiC/CAS (Fii. 
14b). agree quite well with experiments except at small plastic 
maimy Further research is needed to understand the behav- 
iors at small plastic strains. 

6. FSFIKTS OF STRAIN CONCENTIWIONS 
6.1 GedCoasidentions 
When either holes or notches (or other strain w~~centrating 
sites)arcintroduced,~~~resultshanindicatedthst 
CMCs can exhibit (at least) three dasses of behavior,la@ as 
sketched in Figure 15. Class I materials exhibit a dominant 
(mode I) crack emanating from the notch, with fiber failures 
occurring as the crack extends across the material. Claw II 
materials experience multiple (mode I) matrix crackiq from 
the notch. These cracks usually extend across the ne4 section 
prior to fiber failure. In daps IU materials, shear damage 
occurs from the notch and extends n o d  to the notch plane 
prior to composite failure. In all three CBSCS, sbem are &- 
friburedby matrix CracLing as well as by 6be.r pullaut. 

Thelargedifferenceinrindieates that the Ceoatingplaeedon 
the fibers in the SiC/SiC material (by vapor deposition) has 
vezy dif€erent properties than the C interphase in the CAS 
systrm, which is gowned by reaction during processing. The 
high &em of the Sic matrix may also have an importaut 
Muence on z (iii) The SiC/SiC system has a substantially 
larger debond energy, r,, which is the origin of the relatively 
small permanent strain. 

5. SIMuWnoNS 
When the C!OUStiNent properties have been evaluated in a 
consistent manner, the stress/saain C U N ~ S ,  for SDE materi- 

a 

% m ;  z 
5 

0 0.002 0.m 0.m 0.008 0.01 0.12 

Strain, I? 

m . . . . , . . . . ( . . . . , . . . . ( . . . .  

180 - - 

SirnYiaIiDn 
- 

- 

- 

0 0.005 0 M1 0.0015 0 . W  0.W25 

Swain. E 

Fig. 14. Sirnulabcl stress, strain curfas for SDE material a) 
1-D material with notational constituent pmperlies. b) 2-D 
material simulation obtained by assuming 26, compared 
with experimental measurements (constituent pmpenies 
mkwant to SICICAS) 

Class I 
Matrix Cracking + Fber Failure Matrix Cracking: No Fiber Failure 

C h a  111 

Shear Damage By Matfin Cracking 

Fig. 15. The three class88 of behavior found in CMCs and 
the associated mechanisms of stress rediibution.acl 
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I 

The Ehara*crizstion of notch effects for CMCs exhibiting 
these thne classes of behavior appears to require different 
mcchmkv, because the stress redistribution mechanism 
wi~eachclassoperatesoverdifferentphysicalscales.class 
I behavior involves stress redistribution by 6ber bridging/ 
pull-out, which occurs along the crack plane. Large-Scale 
Bridging Meehsnics (I53M) is prefmed for such materi- 
a l~! .~~-~~ Qass II behavior allows stress redistribution by 
hrgwdematrixcracking. ~ e n t l y , ~  ' -based, 
continuum Damage Mechanics (CDM) is regarded as most 
appmpr&e.l6 Qass III behavior involves material responses 
similar to those found in metal~,~-'O*'~ and a comparable 
mechanics might be used: either LEFM for small-scale yield- 
ing or non-linear fracture mehanics for large-scale yielding. 
Since a unified mechanics has not yet been identihi, it is 
noetasllly to devise mrchpnirm mapsthat distinguish the var- 
ious classeq through constituent properties. Initial a m p b  
areelaboratcdbe.low. 

- 

SiClCAS 

SiuslCPp 

63 MedmdmTndtlom 
Ihe uansition between class I and ClaM II behaviors involves 
wnsiderations of both matrix crack growth and fiber failure. 
One hypothesis for the transition may be analpzed using 
LSBM. Such analysis allows the condition for fiber failure at 
the end ofanunbridged crack segment tobesdved simlll- 
taneody with the energy releascrate ofthe matrix front. The 
lam is equated to the matrixfractureenag~.~ By- this 
solution to specify that fiber failure occurs befom the nrorrix 
cmck&ndsimos?eadyshue, class Ibehavior is presumed to 
enaue. Convascly, class II behavior is assigned when the 
steady-state matrix craclring condition is achieved prior to 
fibs failure. The resulting mcebsnism map inwlves two 
S m : l S  

and 

c, = a& 

With Sand C, as coordinates, amechsnism map maybe wn- 
strutted that dishpishes class I and dass n behavior (~ig. 
16). While this map has qualitative features consistent with 
experienw the urpcrimcnts requid for validation have not 
been wmpleted. In practice, the mechslllsm ' transitionin 

The incidence of class behavior is found at mlatively small 
megninrds ofthe ratio of shear strength,T,to tensile strength 
S.WhenT/Sipsmsll,ashearbsnddevelopsatthenotchfront 
and extends normal to the notch plam.lo*ra Furthermore, 
since T is related to G pig. lo), the parameter G/S is selected 
astheordinateofamechanismmap.L'C1Expcrimentalresults 
suggest that dass III behavior arises when G/S 2'50 (Fig. 17). 

6.3 Meeh.niesMetbodology 
i) ChnrIMateriaLs 

The class I mechanism, when dominnat, has features compat- 
ible with LSBM. Thes mechania may be used to 

IIIUSt ~volvc additional COllSiderStiOns. 

characterize &e& of notches, holes and manufacturing .flaws 

on tensile properties, whenever a single matrix crack is preva- 
lent. For cases whemin the flaw or notch is small compared 
withsp.cimendimmsio~,thetensilestRngthmaybeplotted 
as functio~ of both flaw indices: A and A (Fig. 6). For the 

L 
E- 

3 c 20- 
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5 -  
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Fig. 16. A proposed mechanism map for the transition 
between dass I and dass II behaviors."' 
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- 0,lS - 
Fg.17. Apmposedmechaniimnpfcfthebansitknto 
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former, the results are d t i v e  to the ratio of the pull-out 
streqth S, to the UTS. These results should be used when- 
ever the unnotched tensile properties are compatible with 
global load sharing. Conversely, A should be used as the 
notch index when the unnotched properiies appear to be pull- 
out dominated. 
When the notch and hole have dimensions that are significant 
fraction of the plate width (adw > 0), ncrsecrion effects must 
be includedP3' Some results (Fig. 18) illustrate the behavior. 

-.- Notch 

1 Expdmental, ac/c 
0 . . .  I . . ,  

0 02 0 4  0 0  08 1 

Relative Hole Size, a,lw 

Fig. 18. Effects of hales and notches on the tensile strength 
predicted using LSBM. Also included are results obtained for 

Complete experimental validation of LSBM for class I mate- 
rials has not been undertaken. Partial results for the material, 
Sic/%, are compatible with LSBM, as shown for data 
obtained with centex notches and center holesL2 (Fig. 17), with 
AL.8.Forthismate~theunnotchedpropertiesappearto 
be pull-out controUed,"J2 and the constituent properties give 
a pull-out notch index, A 4.76. 

U) Claw II Marerialr 
The non-linear stsess/stram behavior governed by manix 
cracking, expressed through E (Eqe 5)  and ep  (Eqn 8) pro- 
vide a basis for a Damage Mechanics approach that may be 
used topredicttheeffectsofnotchesmd holes.Suchdevelop- 
ments are in propas. An mportant factor that dictates 
whether continuum or discrete methods are used concerns 
the ratio of the matrix crack spacing to the radius of curvature 
of the notch. 

In practice, several class ll CMCs have been shown to exhiiit 
notch insensitive behavior for holes and notches in the size 
range: 1-5mm (Fig. 19). These materials include: SiC/CAS6 
and SiC/glass (1070).' The non-linearity provided by the 
matrix cracks thus appeam to allow stress redistribution to 
extent that essentially er immls  the stress concentration.l.'' 
me elimination of the stress concentration has been esta- 
blished both by notch strength measuremenP.' and by 
thennoelastic emission tests" 

Relative Notch Size, a,/b 

Fig. 19. The notch saength of a 2-D SiC/CAS composite 
revealing that this is a notch insensitbe material! 

iii) Claw III Marerials 
Class Ut behavior has been found in several C matrix compo- 
sites1"*" (Fig. 16). In these materials, the extent of the shear 
deformation zone Cp is found to be predictable from mea- 
sured shear strengths, T, in approximate accordance with n 

Calculations have indicated that this shear zone diminishes 
the s w s  ahead of the notch,12 analogous to the &I ofa 
plasric zone in met&, and provides good notch pmperiies. 
For several C/C materials, it has been found that the shear 
band lengths are small enough that LEFM characterizes the 

Materials 
0 c/c, x 
a C/C.Y 

250 

wu 0 0 1 2 3 4 5 6 7  

Notch Size, a, (mrn) 

Fig. 20. Use of LEFM to characterize the catch strength of 
C/C composites.* 
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expimental data over a range of notch lengths. For edge 
notched specimens, it is found that,'* Krc -16 MPaGpig. 
20). However, conditions must exkt where LEFM is violated. 
For example, when CJ% 5 4, the stress concentration is 
essentially eliminated and the material must then become 
not& insensitive.'* Further work is needed to identiry para- 
meters that bound the applicability of LEN as well as 
establish the requirements for notch insensitivity. 

7. CONCLUSION 
Tat  methods have been described that relate WnstiNent pro- 
p e h  to macroscopic behaviors in a consistent manner. The 
approach has been illustrated for two CMC systems. It is 

strain cum and examine their sensitivity to ConstiNent 
properties. These properties may be used to delineate 
mechannism maps that represent transitions in macroscopic 
performance, especially in the presence of snain conced~tr- 
ations. Mechanics procedures for each mechanism have been 
deacribed in a prelimioary manner. A concerted effort is 
needed to further develop and validate the mechanics, which 
should have applicability to a wide range of technologically 
important CMCS. 
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Paul D. Jero, Triplicane A. Parthasarathy and Ronald J. Kerans 
USAF, WRDCWLM, Bld 655 
Wright-Patterson Air Force Base 

2230 Tenth St STEl 

United States 
OH 45433-7817 

ABSTRACT 

The results of pushout tests on two ceramic matrix composites are presented 
and discussed. Emphasis is placed on the effect of interface roughness on the 0 interfacial properties. Toward that end, techniques used to characterize fiber and 
interface topography are described and results presented. An advanced analysis, 
which takes account of the roughness contribution to the radial stress during 
debonding, is used to calculate interfacial properties. It is observed that the fiber 
fabrication technique has a profound effect on the nature of the interfacial 
topography. 

1. INTRODUCTION 

The fiber pushout test has become one of the more popular techniques used to 
examine interfaci a1 phenomena in both ceramic and metal matrix composites. 
There has been significant progress made in both experimental technique and in 
analysis of the data, such that it is now possible to  derive useful interface 
properties (e.g. friction coefficient, toughness, etc.) from the test. In addition, 
both experimental [ 1-21 and theoretical [3-41 works have begun to  examine the 
effects of a previously unappreciated parameter, the interfacial topography or 
roughness. Since the energy dissipation associated with frictional sliding is a 
major contributor to the increased toughness of composites, understanding the 
role of interface topography is important to the continued development of these 
materials. Control of this parameter presents both a challenge and an 
opportunity, the latter being the ability to  engineer interfacial roughness for 
optimization of composite behavior. 

Recently, Jero et al. [l-21 described an extension of pushout testing in which a 
fiber which has been pushed partially out, is subsequently pushed back in. This is 
done in order to  examine the reseating of the fiber within the matrix. The 
momentary decrease in sliding friction which is observed, referred to  as the 
seating drop, results from the re-mating of the corresponding fiber and matrix 
irregularities. The parameters of the seating drop (period and magnitude) are 
related to  the spatial extent and amplitude of the interfacial roughness, 
respectively, and give an indication of the overall contribution of roughness to  the 
sliding friction. Other investigators have confirmed the observations and begun to 
examine roughness effects 15-71. 

Of the more advanced analyses of the pushout test, only that of Kerans and 
Parthasarathy [3] explicitly accounts for interface topography. They assume that 

Presented at an AGARD Workshop entitled ‘Introduction of Cemmics into Aerospace Structural Composites; April, 1993. 
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the effect of displacing the fiber and matrix asperities can be modeled as an 
increased radial clamping stress, 

where 

A is the effective roughness amplitude, r is the fiber radius, and Ef, Em, vf, and 
Vm are the elastic modulus and Poisson's ratio of the fiber and matrix, 
respectively. The approach only applies when the relative fibedmatrix 
displacement is large compared to half the period of the roughness, W2, typically 
after complete debonding of the fiber. It would be expected, however, that the 
roughness would play a role even when the displacements are smaller than h, 
although the relative importance should decrease. Recently, Parthasarathy & 
Kerans [4] extended their treatment to  include a roughness contribution during 
the debonding phase of fiber pushout. The treatment assumes a simplified linear 
dependence of the radial displacement (of the fiber and matrix), 6,(x), on the axial 
displacement, 6(x), for displacements less than W 2 .  

0 

For displacements greater than h/2, 6,(x)=A. The inclusion of the roughness 
significantly complicates the equations, which were fairly transparent in the 
previous model. However, the salient features remain unchanged. The basic 
load-displacement relationship is of the form 

where 
Pa - Pr + c2b2 - (p* + pr) e-b2ld 

C l  

cl=-(l 4kA - 2vfk) ( ~1 + '$1 and c 2 = 7 ( p +  2k 
2 A  y} r2v& 
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Id is the debond length, obtained by first solving the implicit equation 

which was obtained by setting P(X=ld) to (Pd + Pr), the Critical load to propagate 
the crack. The reader is referred to [31 and [4] for mathematical details of both 
analyses. 

The objective of this work was to measure interface properties in two composite 
systems with particular emphasis on the effect of roughness. This involved 
interface (pushout) testing and the subsequent data analysis as well as 
characterization of the interfacial roughness. The latter included 
characterization of a variety of (virgin) ceramic fibers, since the interfacial 
roughness is often controlled by the starting morphology of the fiber [8]. 
Characterization of the fibers required the use of multiple characterization 
techniques in order to measure roughness over a wide range of length scales. 

0 2. EXPERIMENTAL PROCEDURE 

2.1 Pushout testing 

Two composites were examined. Each has been described previously. The 
reader is referred to the references indicated below for details of the processing. 
For simplicity, the composites will be designated by the numbers assigned below. 

1. SCS-Ghorosilicate glass (custom composition from 
Corning Glass Works, designated "Et') [2] 

2. Nicalodaluminosilicate glass (Corning 1723) [91 

Both of the composites were unidirectional layups. The elastic modulus, 
Poisson's ratio, arid coefficient of thermal expansion (CTE), a, of the fibers and 
matrices are shown in Table I. Thin slices were cut from the composites with the 
fibers perpendicular to  the faces. Both faces of the samples were diamond 
polished to a 1 pm finish. The pushout specimen of composite 1 was 1.87 mm thick 
and that of composite 2 was 0.198 mm thick. 

The pushout apparatus has been described previously [2,9]. Tests on composite 
#1 employed a 100 pm diameter flat bottomed tungsten carbide cylindrical loading 
probe. Tests on composite 2 employed a custom made truncated diamond cone 
(70" included angle with a 10 pm diameter flat). These fibers could only be pushed 
3 to 5 pm due to the conical nature of the loading probe. The tests were run at a 
constant displacement rate of 127 pdmin  (#1) or 12.7 pdmin  (#2). In each case, 
the fibers were subsequently pushed back in to examine the seating behavior. 

2.2 Characterization of fiber roughness 

Commercial fibers come in a wide range of diameters and morphologies, 
hence the need to characterize surface topography over a wide range of length 
scales. This necessitates the use of multiple characterization techniques. The 
fiber roughness was examined using the scanning electron microscope (SEMI, 
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scanning laser profiler (SLP), laser interferometric microscope (LIM), and 
atomic force microscope (AFM). The SLP consists of a stepper motor attached to a 
precision linear motion stage which steps a fiber through the measurement area 
of a scanning laser micrometer. The laser beam width is 1 pm and the minimum 
step length is 0.5 pm. The vertical resolution is -0.2 pm, and the minimum fiber 
diameter which can be measured is approximately 100 pm. The technique is 
particularly good for large fibers which show relatively long range roughness ( S O  
pm), since the scan length is effectively unlimited. This work employed a Zygo, 
Model 5610, LIM. At maximum magnification the spatial resolution is 0.25 pm. 
A -10 nm vertical resolution is typical, although the unit is capable of 
significantly better under the best of operating conditions. This technique is good 
for large fibers which show intermediate range roughness (-3-50 pm). The AFM 
used in this work was a Digital Nanoscope 11. The unit achieves angstrom level 
vertical resolution. Spatial resolution depends on the scan length, 400 points 
being sampled per scan. For a standard 10 pm scan length, the spatial resolution 
is 25 nm. The AFM is particularly well suited to  measurements on textile 
diameter fibers and others which have short range roughness (<3 pm). In no 
case is any special specimen preparation required. The Textron SCS-6, BP 
Sigma, Saphikon and Advanced Crystal Products sapphire, Nippon Carbon 

ha 

NGalon, and DuPont FP fibers were examined. 

3. RESULTS AND DISCUSSION 

3.1 Characterization of fiber topography 

It was observed that the fiber fabrication techniqu a profound influence 
on the nature of the fiber surface roughness. This-can be readily explained by 
examining the various fiber fabrication techniques. Existing large diameter 
(monofilament) ceramic fibers are produced by either chemical vapor deposition 
(CVD) or melt growth. In CVD, substrate fibers are pulled through a long, heated 
reaction chamber in which reactant gasses flow. The deposit builds up over the 
coarse of time as the fiber traverses the reaction chamber. At any given instant 
deposition is occurring on several feet of fiber. The result is a fiber which is 
highly resistant to  momentary process deviations. Such deviations effect a long 
length of fiber, and only slightly. 

The situation is almost completely reversed in melt growth, in which a single 
crystal fiber is pulled slowly from a melt, with a seed crystal used to initiate 
growth in the desired orientation. Here, the fiber is formed by solidification 
across an interface rather than deposition on a substrate. Solidification, 
obviously, occurs over only atomic dimensions at any given instant. The result is 
a fiber which is extremely susceptible to  momentary deviations in temperature, 
pull speed, etc. Compounding the effect is the axi-symmetric nature of the 
resulting roughness in these fibers. Process deviations result in distinct diameter 
variations or undulations, whereas the nodular roughness characteristic of CVD 
fibers (see below) is randomly oriented, minimizing the overall roughness 
amplitude. 

Commercial textile diameter fibers are generally produced by a fiber spinning 
process, in which a viscous solution or mixture is forced under pressure through 
a die. The fibers may be spun from a heated or solved pre-ceramic polymer, a 
heated or solved gel, a fine particle suspension, or some combination. The fiber 
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tow is rapidly cured, cooled, or  dried and then heat treated. Surface forces 
promote smooth, round fibers, but, gravity, shrinkage, sintering, and fiber 
interactions during the cure and pyrolysis promote irregularity. The ovality of 
certain fibers is a classic example. Most of the textile diameter fibers remain 
amorphous through pyrolysis and are extremely smooth. Those fabricated from 
crystalline constituents are, clearly, crystalline and exhibit distinct surface 
roughness as a result. 

In CVD, the morphology of the deposit is dependant on a host of system 
parameters, but the resulting fibers generally have a nodular surface (Figure l), 
with the nodules ranging up to -10 pm in diameter. For the SCS-6 fibers 
examined, the average peak-to-valley roughness (over -100-300 pm) was -250-300 
nm, with an RMS roughness of -25-35 nm. Fibers produced by melt growth 
exhibit a highly variable topography and require fairly long range 
characterization (Figure 2). Each batch of sapphire fiber that was examined was 
quite different, hence it is not possible to list typical roughness values. Diameter 
variations of several pm over a few mm of length are not uncommon, although 

The Nicalon fiber remains amorphous through pyrolysis and is extremely 
smooth (Figure 3). Characterization is incomplete, but roughnesses on the order 
of a few tens of nm's appear to  be typical. In this case, although the virgin fibers 
are quite smooth, they typically degrade during composite fabrication, producing 
a carbonaceous interface layer. The resulting interface roughness may be quite 
different than that of the starting fiber. Fiber FP represents the other extreme 
among textile diameter fibers. Its surface is quite rough (Figure 4), the individual 
nodules presumably being crystallites. Peak-to-valley roughnesses are on the 
order of 200 nm, similar to the SCS-6 fiber. 

Although similar in absolute roughness, in must be realized that the order of 
magnitude difference in diameter of the Fiber FP and SCS-6 makes a huge 
difference in the overall effect of the roughness. For a given matrix, the stress 
associated with displacing the Fiber FP far enough to maximize the radial 
fibedmatrix displacement would be much greater than that associated with 
displacing the SCS-6 a similar amount (maximized radial displacement). 
Another obvious difference is that the SCS-6 must be displaced approximately 5 
pm before the roughness induced friction is maximized, whereas the Fiber FP 
need only be displaced approximately one half pm before a similar maximization 
occurs. In some of the sapphire fibers which have been examined, a 
displacement of up to 100 pm or more would be required. The significance of the 
roughness, then, depends in large part on the magnitude of the fibedmatrix 
displacement (crack opening displacement (COD)) which will actually be observed 
in a composite in service. 

At  present, the amount of damage that can be tolerated is somewhat 
speculative. It can be argued that the brittle nature of the matrix in addition to 
the various fiber and matrix imperfections (porosity, inclusions, broken, 
displaced, or misaligned fibers) which distinguish real composites from the 
models that are studied, virtually guarantee that real composites in real 
applications will be at least locally microcracked. If the COD is limited to just a 
few pm, then longer range roughness will be largely irrelevant. 

*uch smoother fibers can be grown. 



3.2 Pushout Tests 

Figures 4 and 5 show the pushout and pushback data for composites 1 and 2, 
respectively. The system compliance has been removed from the pushout curves 
in order to show the actual debonding behavior. Note that in composite 2 
displacement is plotted against stress rather than load. This is necessary since 
the fiber diameter varies. In this case, an effective diameter for each fiber was 
calculated by measuring two perpendicular diameters and averaging. 

The use of a flat bottom diamond probe for pushout tests on textile diameter 
fibers represents a distinct improvement over the use of nanoindentation. Such 
probes avoid both fiber damage and significant radial loading. 

Tables I1 and I11 show the interface properties calculated for the composites 
using the analysis of Kerans and Parthasarathy (no roughness) [3]. See also [lo] 
and /9/, respectively, for more details. Note that in each case the interface 
toughness is quite small, often 0. This is consistent with the nature of the carbon 
rich interface that is known to exist in these composites. Similarly, the friction 
coefficient, p, is low, -0.13. This is consistent with an independent measure of p 
for graphite on glass (p=0.15) by Gupta [ll]. The calculated residual stresses are 
higher than what would be calculated from the data in Table I, the fiber volume 
fractions, and an assumed AT over which the stresses develop. However, there is 
disagreement in the literature about the true values of a (radial) for the fibers, 
and the AT'S are merely educated guesses. 

The subsequent analysis of Parthasarathy and Kerans [4] has also been 
applied to the data of composite 1. The analysis requires that a roughness period 
and amplitude be known [in principle, it is possible to calculate both of these 
parameters from the data using a more advanced curve fitting program]. The 
period can be readily calculated from either the roughness characterization or the 
seating drop. The period used, 11.3 pm, was the average period of the seating 
drop for this specimen. The amplitude, however, is more difficult to establish. In 
particular, it is not clear whether it is the average roughness amplitude that is 
important or the extremes. In addition, how much of the roughness is offset by 
highly localized elastic and/or plastic deformation is not known. From the 
roughness characterization, roughness values ranging from 25 to 300 nm are 
possible. Using Equation 4 below (which derives from [3]), with the a 

magnitude of the seating,drop, A, and the sample thickness, t, it was possible to 
assume a roughness amplitude, A, and calculate p. By simultaneously adjusting 
A and iterating it was possible to arrive at an amplitude that gave the same p 
from both Eq. 3 and 4. This was taken as the correct value. The calculated 
amplitude ranged from 20 to 28 nm, very close to the RMS roughness value 
obtained by examining fibers. 

However, it can be (and has been [2]) argued that the measured seating drop 
underestimates the roughness amplitude for a number of reasons, and that an 
"effective" seating drop, measured from the immediately post peak sliding friction 
to the bottom of the seating drop, would be a better measure. If this value of A is 
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used, the calculated A ranges from 115 to  305 nm, closer to  the typical peak-to- 
valley roughness. Table IV shows the calculated interface parameters for each of 
these choices of A. It is seen that the calculated p is decreased as the assumed 
roughness amplitude increases. Additionally, the calculated residual stress is 
increased slightly. The two sets of values in Table IV should represent upper and 
lower bounds to the true values. The fact that they differ little is reassuring. The 
fact that they vary little from the values in Table I1 indicates that the roughness 
has relatively little effect at these small displacements. The radial stress due to 
the roughness vanes along the length of the debond, but using Eq. 1 and the 
assumption of Eq. 2, at the top of the fiber (the point of maximum stress), the 
roughness induced stress would be -4 MPa for an A of 25 nm and -47 MPa for an 
A of 275 nm, given a maximum fiber displacement of 1.5 pm. Upon complete 
debonding, the roughness induced stress would be maximized, the corresponding 
stresses are -16 MPa and 176 MPa, respectively. 

It is seen that the roughness induced stresses are relatively small during 
debonding. In this case, the stress (displacement) was limited by the sample 
thickness, but the issue of how large the fibedmatrix displacement will be within 
a composite in service, remains. If the maximum crack opening displacement 
(COD) is limited to 1 or 2 pm, then the debond length will be remain short and the 
contribution of this fairly long period roughness will be relatively small. In the 
limit of a failing composite which is sustaining COD'S on the order of up to a few 
10's of pm, the roughness will play a major role. Interestingly, composite 2, 
which contains the finer diameter Nicalon fibers, exhibits a roughness period on 
the order of 1 pm (Figure 5). In this case the roughness will play a major role 
early in the debonding process. 

SUMMARY 

Pushout tests have been used to examine interface properties in two ceramic 
matrix composites. The fiber roughness has been examined experimentally and 
the effect of roughness has been included in one case. It was seen that the 
roughness period was too large to have a major effect on the behavior given the 
relatively short debond length. The nature of the fiber roughness was seen to 
depend on the fiber fabrication technique. The period of the fiber roughness has 
implications regarding its usefulness in optimizing composite properties. 
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Table 11. Interface properties calculated for composite 1. 
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Figure 3. Surface topography of Spun fibers. AFM images. 
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Table IV. Interface properties calculated for composite 1 with roughness 
contribution included, (left) based on "absolute" seating drop and (right) based on 

"effective" seating drop. 
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F'igure 1. Surface topography of CVD Sic fibers. Micrograph of SCS-6 (left) and 
AFM image of Sigma fiber (right). 
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F'igure 2. Surface topography of melt grown fibers. Examples of long range 
variations (left) and shorter wavelength undulations. 
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I. SUMMARY 

Ceramic-and glass ceramic matrix composites 
are being touted for application in high- 
temperature structural components. Before 0 their potential can be realized, however, 
understanding of the significance of the fracture 
modes that occur at very low stress levels well 
beneath those commonly assumed to initiate 
microcracking in the literature, will be 
essential. Unfortunately, at this point in the 
technology development, the precise definition 
of these mechanisms, i.e., the geography of the 
fracture plane(s), has been described rather 
incompletely in experimental research. In most 
cases, the experimental observations only 
provide views of these cracks at their 
intersection with a surface of the composite. 
Thus, in this presentation, we will provide 
some predictions of failure scenarios based 
upon a hypothetical idealized initial flaw in the 
matrix-an annular crack in a plane normal to the 
fibers of an unidirectional composite. 
Although many of the properties needed for the 
modeling study have not been realistically 
determined, especially the in-situ strength/ 
fracture properties, and the fracture criteria 
itself incorporates an undetermined parameter, 
i.e., initial flaw size, it is hoped that the 
modeling can serve to determine the nature of 
the parameters that require measurement and to 
help establish the sensitivity of the response to 
these parameters, as well as to guide 
experimental efforts to attempt validation of the 
failure processes hypothesized. The 
complexity of these processes seems to demand 
an iterative approach between the analyst and 
experimentalist. 

According to the new model, interface damage 
in the form of matrix cracking and/or 
debonding may be developed as a function of 
the stress concentration produced by the 
annular crack. This secondary damage may 
then set up a synergistic increase in the applied 

0 

energy release rate. For the cases considered 
here, this enhanced energy release rate entered 
the population of matrix YC only for the non- 
uniform situation, where locally increased fiber 
spacing is encountered. Of course, this is 
partially due to the larger potential cracking area 
in the matrix. On the other hand, the small 
annular cracks permitted in the model in 
regions of large fiber volume fraction, were 
shown to be almost universally immobile. This 
suggests that uniform, high fiber volume 
fraction materials will be endowed with crack 
growth resistance. The fact that much higher 
values of Y are available in matrix-rich regions 
may be responsible for the observation3 that 
matrix cracking occurs in such regions, 
however, the small size and detection difficulty 
of potential matrix cracks in fiber-dense regions 
must also be considered. 

The present model includes in its scope the 
perennial problem of the competition between 
the respective stresses causing crack deflection 
and fiber penetration at the fiber-matrix 
interface. The conclusion on this issue is that, 
for the composite class considered here, and 
ignoring dynamic and statistical effects, the 
state of stress on the interface at the point of 
maximum stress is such that matrix damage 
(due to Ozm) or debonding (due to Or) would 
precede fiber failure, even for the highest 
interface strengths that one can expect in these 
materials. Even when the annular crack 
impinges on the interface itself, the ratio O@zf 
is so large that debonding would be expected. 
Therefore, practical efforts to degrade 
interfacial strength for the purpose of 
promoting crack deflection may be fruitless or 
even negative in many cases. 

II. INTRODUCTION 

We will make predictions employing a recently 
developed variational model1 of an 

Presented at an AGARD Workshop entitled ‘Introduction of Cemmics into Aerospace Structural Composites: April, 1993. 
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axisymmetric concentric cylinder which may 
contain damaged regions in the form of annular 
or penny-shaped cracks in the constituents 
andor debonds between them. The work 
attempts to examine in closer detail than 
analyses currently availableZ 3 the mechanics 
of failure in BMC once a flaw has been formed 
within the matrix. It should be noted that we 
start with the viewpoint discussed by Kim and 
Pagan04 that initial failure in BMC occurs 
within a single cell or at random in various cells 
and is assumed to be a planar transverse matrix 
crack which is stopped (or deflected) as soon 
as it encounters the nearest fiber-matrix 
interfaces and does not extend any further. 
This is in contrast to the global steady state 
cracking mode in which a single matrix crack 
traverses and bridges all the fibers as studied in 
the famous ACK models and refined by 
Budiansky, Hutchinson, and Evans6. In this 
regard, it represents the cylindrical geometry 
counterpart to the model of Wang et a13 and the 
micromechanical version of the models that 
examine short cracks in homogeneous, 
orthotropic media, such as those by Marshall, 
Cox, and Evans7 and McCartneys. 
Unfortunately, such models that represent the 
fibers and matrix as "layers" provide inaccurate 
geometric details as, for example, the ratio of 
fiber spacing to fiber diameter is very much 
higher than that in a composite having the same 
volume fraction of fibers arranged in a 
hexagonal pattern (See Fig. 1). There is 
substantially less distortion of these details in 
the concentric cylinder model utilized in the 
present work, although the idealization of an 
initial annular crack in this case carries its own 
question of credibility. We have called this 
failure mechanism the full-cell cracking mode9, 
which may or may not include interfacial 
debonding (See Fig. 2). 

An important feature of this work lies in the 
fact that very large (non-singular) stresses can 
be developed on the fiber-matrix interface in or 
near its intersection with the plane of an annular 
matrix crack and that these stresses may cause 
damage in the matrix (possibly the fiber as 
well) at the interface prior to propagation of the 
annular crack. Various failure scenarios may 
then develop depending on the magnitude and 
mix of the interlaminar stresses, the matrix 

energy release rate, and the respective ultimate 
properties of the interface and constituents. 
One of these scenarios which will be further 
explored examines the possibility of crack 
deflection at the interface, which of course 
represents a key controlling feature of a useful 
BMC. Included in this work is the presentation 
of a model which approximates the response in 
a region where the volume fraction differs from 
the average value. The behavior under 
consideration here is governed by numerous 
factors such as the thermoelastic and 
strengthlfracture properties of the constituents, 
geometric details such as fiber diameter, 
spacing and volume fraction, initial annular 
crack dimensions and location, interface 
characteristics (which may not all be identified 
at this time), loading parameters, residual 
processing stress state, and, perhaps, 
interphase properties. Because of the multitude 
of parameters, we shall perform this 
investigation in the mode of a case study rather 
than attempting a systematic study of all the 
parameters and focus on bulk material 
properties typical of present composite systems 
under study in which the fibers are Nicalon and 
the matrix a glass-ceramic. Furthermore, we 
shall take advantage of the relative technical 
simplicity of a composite having a radial 
compressive stress at the fiber-matrix interface 
after processing. (The full-cell cracking mode 
may be generated by flaws other than the 
annular one assumed here, however, it seems 
quite reasonable to assume that such a flaw 
approximates one which must develop 
sometime prior to the forniation of a full-cell 
transverse crack). 

Somewhat representative (isotropic) values of 
elastic properties for the constituent materials 
will be assumed. The thermoelastic moduli and 
geometry are taken as 

Ef = 200 GPa Em = 100 GPa 

Vf = 0.2 Vm = 0.4 

af = 2.7 x 10-6/0C a, = 3.2 x 10-6/oC 
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The given ratio of d/a corresponds to a fiber 
volume fraction of 60% in the concentric 
cylinder. These dimensions will be 
subsequently modified by applying a factor of 
8 x 10-6, a realistic value of fiber radius (in 
m). 

Although we have utilized a specific set of 
material properties the work should be 
considered, in addition, as an example of the 
use of advanced mechanical models in 
predicting microcracking events and some 
comments will be made regarding trends as 
governed by changes in these properties. 

III. VAIUATIONAI, MODEL 

The axisymmetric damage model was 

stress field and strain energy release rates of 
bodies in the form of concentric cylinders as 
shown in Fig. 3. The model is generated by 
subdividing the body into regions consisting of 
a core and a number of shells of constant length 
and satisfying the Reissner variational equation 
with an assumed stress field within each 
region. 

developed 1 in order to approximate the elastic 

In order to study the conditions leading to the 
development of the fidl-cell cracking mode of 
Fig. 2, we shall consider an idealized model in 
which the fibers are arranged in a hexagonal 
array as shown in Fig. 4(a). The (z) dimension 
normal to the figure is constant and the body is 
subjected to a uniforrn (composite) uniaxial 
stress field on its ends and a constant 
temperature change. Thefull-cell cracking 
mode may be generated by a single annular 
crack surrounding the central fiber of Fig. 4(a) 
and lying in a plane normal to the fiber 
direction and extending the same radial distance 
in both directions. We focus on the region 
surrounding the central fiber bounded by a 
cylinder extending to the central surface of the 
crack r = d. This leads us to consider the 
axisymmetric element shown in Fig. 4(b), 
where continuity Conditions are to be 
prescribed at r = d. We now assume that the 
representative volume element of the uncracked 
composite can be represented by a concentric 
cylinder model having fiber and matrix radii a, 
d, respectively, and we consider the boundary 
conditions to be imposed on the cracked 

concentric cylinder. In particular, we consider 
the surface r = d. At points well removed from 
the crack region (the results from the analysis 
will determine the affected zone) the boundary 
conditions are those corresponding to a 
uniform macroscopic stress state. For the 
concentric cylinder approximation in the 
present case, these conditions are the vanishing 
of shear and radial tractions. At points on the 
surface close to the crack, the boundary 
conditions are not so simple, however, we 
choose to impose a constant radial displacement 
and zero shear stress at (d,z) since these lead to 

zero slope of the crack surface, at (d,O). 
Thus we avoid the cusp which would result 
from the application of zero radial stress. As 
usual in fracture mechanics problems, we solve 
by superimposing solutions for a cracked and 
uncracked body. The former in this case is for 
a pressurized crack with constrained surfaces at 
r = d and z = /such that the normal 
displacements and the shear stress all vanish. 
The actual (entire) body has the length 2 

A comment about failure analysis is in order 
here. In the event that the stress components at 
a given location are finite, we assume that 
failure will be governed by the maximum 
values of the stresses at the point as a first 
approximation. Subsequent research to 
develop refined failure criteria will depend on 
the iterative correlations of modeling and 
experimental studies. Here we refer to the 
stresses that would be calculated by elasticity 
since singular values do not arise in the present 
formulation. For crack-tip stress fields, we 
shall employ a critical energy release rate 
criterion, where an approximate value of 
computed from the model. Of course, this 
assumes that stresses can exceed the "strength" 
value in a crack-tip region. Hence the two- 
pronged approach may not be entirely 
consistent. However, we must remark that 
both approaches have been employed under the 
stated conditions to successfully predict failure. 
Finally, for points at which the stress 
singularity is of the form x-1, where 1 is a 
constant and x the distance from the singular 
point, we shall only speak of ratios of stresses, 
e.g., 3, which, having the same h, are const- 
ant in the singular zone. Hence we use the 

is 

0, 



approximate values of stresses at the (elasticity) 
singular point calculated from the variational 
model to determine the relative propensity for a 
failure mode of a given type to occurlo. It 
would seem that these different methods of 
estimating failure conditions can be unified by 
use of an average stress or point stress criterion 
11912 for each. However this would require a 
major speculation, in which we do not care to 
indulge at this time, regarding an additional 
dimension. Where necessary, plausible values 
of material strengths and matrix critical energy 
release rate are assumed to attempt 
discrimination between competing failure 
mechanisms, plausible values of material 
strengths and matrix critical energy release rate 
are assumed. In subsequent work, we will 
assess the meaning of computed stresses in 
terms of their impact on failure and failure 
modes. 

IV. GENERAL APPROACH 

Our procedure consists of first examining a 
region of relatively high (.60) volume fraction, 
which seems to be near the upper limit for 
practical composites. We then introduce an 
annular matrix crack which could result from 
the processing conditions. The nature of the 
predicted stress field and energy release rate 
then guides the concoction of several additional 
fracture mechanics problems in a fairly 
exhaustive analysis. All of these respective 
failure modes are possible, given the right 
conditions, where the "right conditions" are 
certain combination of a geometric scaling 
factor, constituent and interface strengths and 
critical energy release rates. For example, 
under various conditions in which we allow 
arbitrary selection of material and geometric 
parameters, any of the failure modes displayed 
in Fig. 5 can take place. We then focus on the 
conditions implied by the use of reasonable 
bulk values of the latter properties to determine 
the likelihood of the associated failure modes. 
From this point, we investigate the influence of 
fiber spacing, which is expected to be very 
significant3 by developing a new model in 
which a lower value of volume fraction is 
assigned to the unit cell It should be noted that, 
in all this work, the boundary value problems 
have been posed as "what if '  exercises, i.e., 
we do not presume to know the length of the 

initial annular crack so it is treated as a 
parameter. Furthermore, the subsequent 
problems formulated are of the same nature in 
that they are assumed from observation of the 
stress field, not derived from a'priori 
knowledge or theory of crack growth behavior. 

V. MODEL RESULTS 

Selected results for interface stresses and 
energy release rates for various crack lengths 
are presented in Table 1. The values given 
represent the maximum magnitude of each 
stress component at the interface. Two loading 
conditions are considered: i) the effect of a 
constant temperature change of -1OOO"C and 
(2) the same temperature change in conjunction 
with an additional applied displacement e& 
where EO = .001. The value of strain 
corresponds to a composite stress of 
approximately 160 MPa. The latter value of 
strain is in the vicinity of that required to initiate 
matrix transverse cracking in a wide class of 
glass-ceramic composites4. The reported 
stresses can be linearly interpolated or 
extrapolated to any value of Q while 
quadratic function of the axial matrix stress in 
the uncracked body and linear in a. 
In the as-processed composite (Q = 0) it is 
clear from Table 1 that the critical stress 
components are oz and oq in the matrix phase 
at the interface, however, once load is applied, 
either with or without the transverse crack, oz 
becomes dominant. We should point out that 
failures caused by oq would tend to take the 
form of radial cracks, which cannot be treated 
with the present model (this work is in 
progress). 

is a 

We now employ the previous results to 
postulate a logical sequence of failure events, 
starting with the as-processed composite, 
which, as we have just seen, develops large 
values of oz in the matrix. Subsequent axial 
loading increases this tension, even at low 
values of Q. We should also observe here that 
the uncracked oz stresses (corresponding to b/a 
= 1.291) reported in the table act not only at the 
interface, but throughout the entire region. But 
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Or, the interfacial normal stress, is initially 
compressive. Therefore the appearance of 
transverse tensile matrix cracks would be 
expected based on bulk matrix tensile strengths 
of the order 100 MPa. If many of these cracks 
occur, we assume they are sufficiently far apart 
so that they do not interact. Thus we are led to 
presume the presence of a transverse annual 
matrix crack, after which the entire stress field 
will be redistributed. Since the crack length of 
the initial flaw is not known, we shall treat it as 
a parameter to be varied arbitrarily. This leads 
to the remaining results displayed in Table 1. 
The stresses reported in the table are the 
maximum values at the interface. While the 
theoretical stresses at the crack tip are 
unbounded, their effect is represented by the 
energy release rate y. In assessing these 
results, it is important to keep in mind that they 
presume no failures other than the postulated 
annular crack occur and also that EO is 
essentially an arbitrary quantity which can be 
much greater or much less than the value .001. 
But, as we shall see presently, the matrix and 
interface would usually need to possess 
extremely high strengths to support imposed 
values of EO much larger than .001. 

Some important predictions follow from the 
data reported in Table 1. Firstly, although a 
significant stress concentration in fiber axial 
stress is present, this component would not 
develop appreciable values compared to the 
fiber strength, which is in the neighborhood of 
2 GPal3, except at values of much larger 
than those corresponding to observed initial 
cracking in glass-ceramic systems. As we have 
already seen, the matrix axial stress OZ is 
always quite large and increases with crack 
length, however, as the crack length increases 
(orb decreases) the ratio of interfacial radial 
tensile stress Or to the matrix oz increases 
drastically. Thus at large crack lengths, 
debanding would tend to precede transverse 
matrix cracking at the interface. Furthermore 
such debonding would take place at strains 
less than .001 for typical glass-ceramic 
composites where estimates of the interfacial 

tensile strength? range from 10 MPa14 to 40 
MPal5, depending on the nature of the fiber 
surface treatment among other material and 
processing variables. Of course, the interfacial 
strength would also depend on the shear stress 
zm, however, we have little or no data by 
which we can incorporate this effect. 
Therefore, the effect of z n  is not included in 
our failure hypothesis. The preceeding failure 
analysis also depends upon the assumption of 
an immobile initial crack, which, by comparing 
the calculated values of with the range of 
critical bulk values 8 - 45 N m -1 (Reference 3), 
does suggest immobility. Thus, unless the 
initial transverse crack extends all the way to 
the interface, which is possible since the so- 
called "effective flaw" size in the matrix is at 
least several fiber diameters in length, the initial 
failure scenario consists of transverse matrix 
cracking followed by either interfacial matrix 
cracking or interface debonding, depending on 
the initial crack length. Subsequent crack 
linking may foilow. In the event that the initial 
matrix crack extends all the way to the 
interface, the scenario will differ and will be 
discussed later. 

While the ability to experimentally discriminate 
between two different failure scenarios within a 
realistic composite is at best a complex task, the 
added insight fostered by the present 
fundamental treatment may be important. 

VI. CRACK DEFLECTION 

We now inquire into the situation b = a, where 
the crack tip just touches the interface. For this 
problem, the model gives results of 1072 MPa 
for Or and 2536 MPa for ozf, where the values 
represent an approximation of a singular stress 
field. As mentioned earlier, the present model 
does not produce singular stresses, but very 
high values which increase with the number of 
shells used to subdivide the body. One can 
justify the use of point-or average-stress failure 
criteria11 or possibly rely on the ratios of the 
stress components, but not the stresses 

t These are based on experiment-theory 
correlations using large diameter silicon 
carbide fibers in a glass-ceramic matrix. 



themselves to predict failure. In the present 
example, the relatively high ratios of radial and 
shear stress to fiber axial stress at the interface 
suggest the subsequent failure mode of 
debonding rather than fiber penetration (recall 
that the fiber tensile strength is several orders 
of magnitude higher than the interface tensile 
strength for the data cited earlier). Therefore, 
in the extreme case in which the matrix crack 
impinges on the interface, as well as for all 
other relatively long cracks under the present 
conditions, crack deflection (debonding) is 
expected in lieu of fiber failure. Furthermore 
careful consideration of the stresses displayed 
in Table 1 suggests that the magnitude of 
interfacial strength, as far as its effect on the 
phenomenon of crack deflection, would not be 
an issue in the present class of composites 
according to the model and hypotheses given 
here. Table 1 also suggests that an important 
mechanism to consider is that of a matrix crack 
imDinging on a debonded interface. Although 
Wang et a13 consider an analogous physical 
problem in a laver model (fibers and matrix 
represented by lamina or layers), we observe 
here the case where the debonding is caused by 
the matrix crack. 

At this point in the study in which nominal 
values of material properties and perfect 
interfacial bonding have been assumed, we see 
that the energy release rate is insufficient to 
propagate an initial transverse matrix crack at 
applied load levels corresponding to values 
known to create thefull-cell cracking mode 
(Fig. 2)  in typical glass-ceramic composites. 
We have, however, shown that the initial flaw 
causes sufficiently large stresses, in particular 

interface. Which of these stress components 
incites such a failure depends upon their 
ultimate values which in turn may vary 
considerably within the present class of 
materials. We have also demonstrated the 
improbability of fiber fracture under the stated 
conditions. Guided by these results, we now 
consider a series of problems designed to 
determine if the subsidiary failures can provide 
a mechanism to produce the full-cell cracking 
mode. We will present these as demonstration 
problems, rather than attempting an exhaustive 
parametric study. 

and Or, to produce subsidiary failures at the 

VII. POTENTIAL SECONDARY 
FRACTURE MECHANISMS 

We now assume that a small transverse matrix 
crack develops at the interface. We arbitrarily 
select the rla values of the crack-tips to be 1.05 
and 1.15. If y i s  suffrciently increased, the 
larger crack may grow and linking of the two 
can occur. However, the effect on y o f  the 
larger crack is very small. We next investigate 
the energy release rate of the short (inner) 
crack. Again, this value is quite small, 
suggesting crack-tip immobility. Although we 
have only considered a limited range of crack- 
tip locations, the smallness of ysuggest that 
linkage does not occur. 

We should clarify one aspect of this problem, 
i.e., it was shown that two cracks having an 
initial separation would not merge. Our 
inability to quantize the lengths of incipient 
flaws, however, does imply the existence of a 
possible linkage mechanism, where either crack 
is so long that the mere appearance of the 
second flaw causes it to touch or intersect the 
original one. This mechanism is not included 
in the present analysis. 

In the next case we examine the other plausible 
subsidiary failure mode-debonding of the fiber- 
matrix interface caused by the stress 
concentration in radial stress in or near the 
plane of the annular crack. Again, the 
pressurized crack problem is solved. For 
simplicity, we shall only treat the limiting case 
of a long debond region of length 21: 
Furthermore, we let the boundary conditions 
on the interface be represented by 

Zrz (a, 2) = 0 
U, (a,z), Or (a,z) continuous 

or, "smooth interface" conditions, which only 
approximate the physical situation since or(a,z) 
is not compressive everywhere. 

The curve of Fig. 6 indicates a larger value of y 
than for the case of a perfectly bonded 
interface. We see that y i s  enhanced by a factor 
that increases with crack length. As the crack 
tip approaches very close to the interface, 
however, the energy release rate is still 
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somewhat below the minimum value required 
to propagate the crack for the assumed range of 
8 - 45 N/m cited earlier at = ,001 and DT = 
-1000°C. The accuracy of the present model is 
insufficient to pinpoint in this range. Again, 
we provide an indication of the effect of the 
subregion details as shown by the slight 
discontinuity near b = a. Thus thefull-cell 
cracking mode may lie in the realm of 
"probable" or "possible" for the matrices 
having the lower y c  values and the effect of 
the material property and modeling 
assumptions may be crucial for precise 
prediction of the event. 

VIII. MATRIX ANNULAR CRACK 
EMANATING FROM THE INTERFACE 

At this point we shall consider one more 
parameter in our case study of thefull-cell 
cracking mode in the present class of 
composites. This parameter is the location 
where the annular crack originates. So far we 
have assumed that it would emanate from the 
midpoint between the fibers. We shall now 
pose the problem in which the annular crack 
initiates and grows outward from the fiber 
matrix interface. In order to justify use of the 
concentric cylinder model we might assume 
that two cracks initiate at r = a and 2d - a and 
grow towards each other. The pressurized 
crack problem is treated under perfectly bonded 
interface conditions. We have let the crack-tip 
location be defined by r = bl, so that in this 
case, bl increases with crack length. 
However, the energy release rate is comparable 
to that of the previous situation. Hence, 
annular cracks of crack-tip radius b l <  d 
originating at the interface are not likely to 
propagate. 

0 

The case study examined a single composite 
(although we have not assumed a unique set of 
strength or fracture properties) under a given 
loading condition to assess the consequence of 
a single annular transverse crack in the matrix. 
Based on the present model, the only plausible 
explanations for the appearance of thefull-cell 
cracking mode (Fig. 2) are 

interface caused by the annular crack, 
debonding occurs which in turn increases the 
energy release rate causing it to propagate to the 

1) Due to stress concentration at the 

interface. This would only occur, at best, for 
the lower range of y c  that has been cited. 

2) When the initial annular crack is 
formed, it simply consumes the entire plane 
between fibers. Subsequent debonding takes 
place, almost independent of interface strength, 
due to the very high radial tension at the 
interface. 

Another mechanism, involving a transverse 
crack caused by stress concentration at the 
interface intersecting the original annular crack, 
is postulated but is beyond the scope of the 
present modeling exercise. It should be 
recalled that we have not assumed a length for 
the initial annular crack; the length was 
examined parametrically, i.e., varied 
arbitrarily. This concludes our case study of 
the particular composite of interest. The 
bottom line is: Growth of an annular crack to 
produce thefull-cell cracking mode in a 
composite having the elastic properties and 
strength range assumed here with a volume 
fraction of .60 is very unlikely. This suggests 
that a unidirectional composite with well- 
controlled phase geometry and high volume 
fraction should be very resistant to initial crack 
growth of the matrix. 

We now proceed to examine the plausibility of 
annular crack propagation in a region of the 
composite which has a lower volume fraction, 
hence, a larger fiber spacing. According to 
Wang et al3, the matrix cracks initiate in such a 
region. 

IX. VARIABLEVOLUME 
FRACTIONIFIBER SPACING 

So far in this work, we have assumed that the 
composite phase geometry is perfectly uniform 
with a fiber volume fraction of .60 throughout 
the medium. While debonding in the presence 
of an annular crack is very likely in that case, 
the growth of the annular crack to generate the 
full-cell cracking mode is improbable. Now 
suppose that we consider a region of material 
within the composite where the volume fraction 
is significantly lower, or equivalently, the fiber 
spacing is greatly increased, while the average 
fiber volume fraction is preserved. For 
example, suppose that we consider a local 
region in which the fiber volume fraction is 
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.20. We model this medium as shown in Fig. 
7, where we imagine that the central fiber and 
its surrounding six neighbors of Fig. 4 are 
embedded within a homogeneous material 
characterized by the thermoelastic moduli of the 
host composite (Vf = .60). The radii of the 
inner rings are defined by the area ratio of .20, 
with the first composite ring being endowed 
with the effective properties corresponding to 
that value. The outer radius of the composite 
region is taken as 200a to simulate infinity 
since the uncracked stresses zge evaluated by 
means of a computer code16 written for a finite 
body. The stresses in the uncracked problems 
to be superimposed on those of the crack 
problem are computed through the model of 
Fig. 7 and will be discussed shortly. The 
model for the pressurized crack problem is 
unaffected by this new geometry, aside from 
the fact that its radii are governed by the smaller 
volume fraction. The curve showing the 
energy release rate for the pressurized crack 
problem is given in Fig. 8. Clearly, by 
comparison with Fig. 6, we observe an order 
of magnitude jump in the energy release rate for 
the longer cracks in this region for the case of 
unit pressure on the crack surface. Lowering 
the fiber volume fraction of the central region 
(say, to .10 or .05) would have the effect of 
increasing y even further. The significance of 
these results can be grasped more f d y  by 
computing the actual energy release rate and 
stresses under a loading condition known to 
produce full-cell cracking, i.e., EO = .001 and 
AT = -1000°C. These results are displayed in 
Table 2. Again, we must caution that these 
results are based upon the presence of an 
annular crack of assumed length and no other 
damage. The Table 2 results, in conjunction 
with ranges of strengths and critical energy 
release rates assumed earlier, suggest longer 
cracks (small b) may propagate for matrix 
critical energy release rates in the lower end of 
the range. However, for long cracks, the 
interface radial stress and matrix axial stress 
become incredibly large. As before, the 
interface debonding mode is dominant in this 
range. Also as before, axial matrix cracking at 
the interface would be dominant for short 
cracks. Finally, as before, the analysis shows 
that we expect no fiber failure except, of 

course, from statistical weak spots which are 
not incorporated in the present model. 

X. SECONDARY DEBONDING IN 
MATRIX-RICH REGIONS 

Our final example deals with the effect of 
debonding on the energy release rate of the 
annular crack in the matrix-rich region (large 
fiber spacing) of the composite shown in Fig. 
7. As we have just seen, a fairly long annular 
crack will generate very large radial tension at 
the interface which tends to cause debonding. 
In turn we wish to examine the effect of 
debonding on the energy release rate of the 
annular crack that produced the debond. Thus, 
as before, we assume sliding interface 
boundary conditions imposed in the 
pressurized annular crack problem, leading to 
the curve depicted in Fig. 8. The trend is 
similar to that seen earlier in Fig. 6, i.e., the 
effect of the debonding is to increase the energy 
release rate of annular cracks, the magnitude of 
the effect growing with increasing length of the 
annular crack. In this region, the interactive 
effect produces energy release rates within the 
median and high range of values of y c  for 
glass-ceramic matrix materials. Thus, a true 
synergistic effect takes place where the original 
annular crack causes interfacial debonding, 
which in turn magnifies the energy release rate 
of the annular crack. 

0 

XI. FINALREMARKS 

We have examined by means of a recently 
developed variational model, the phenomenon 
we call thefull-cell cracking mode, in which an 
annular matrix crack surrounds a given fiber 
and eventually propagates to the fiber-matrix 
interface, while we suppose that the symmetric 
reflection of this crack grows to the interfaces 
of the neighboring fibers. Only one 
combination of constituent thermoelastic 
moduli were considered - this being 
representative of composites made from 
Nicalon fibers and certain glass-ceramic 
matrices. An important restriction is the 
assumption that a m  > af ,  thus inducing a 
process stress state consisting of axial tension 
and radial compression in the uncracked matrix 
according to the concentric cylinder model. 
However, in the presence of an annular matrix 
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crack, the radial interface stress reverses to 
tension, setting up the possibility of debonding 
under small tensile loads applied to the 
composite. Furthermore, the expansion 
coefficients only affect the uncracked solution 
in terms of the difference a m  - af,  provided 
the elastic constants and volume fractions are 
unchanged. Hence, the given results can be 
easily converted for different thermal expansion 
mismatches. If this mismatch is such that the 
uncracked interfacial radial stress is tensile, 
however, the axial stress in the matrix will be 
compressive and the crack problem reverts to a 
non-linear contact problem, possibly in the 
presence of debonding caused by the process 
stresses. 

As noted in the text, given the right conditions, 
i.e., particular combinations of geometric 
scaling parameter (a), ultimate strengths, and 
critical energy release rates, numerous failure 
scenarios can take place once an annular crack 
is introduced in the matrix phase. The 
maximum stresses are the same in 
geometrically similar bodies with the same 
phase thermoelastic moduli and the scaling 
factor for y is ap2, where p is the axial matrix 
stress in the uncracked body. We have used 
conventional failure criteria in conjunction with 
bulk properties to interrogate the possible 
scenarios for the Nicalon and glass-ceramic 
matrix class of composites. According to the 
new model, interface damage in the form of 
matrix cracking or debonding may be 
developed as a function of the stress 
concentration produced by the annular crack. 
This secondary damage may then set up a 
synergistic inerease in the applied energy 
release rate. For the cases considered here, this 
enhanced energy release rate entered the 
population of y c  only for the non-uniform 
situation, where increased fiber spacing is 
encountered. Of course, this is partially due to 
the larger potential cracking area in the matrix. 
On the other hand, the small annular cracks 
permitted in the model in regions of large fiber 
volume fraction, were shown to be almost 
universally immobile. This suggests that 
uniform, high fiber volume fraction materials 
will be endowed with crack growth resistance. 
The fact that much higher values of 
available in matrix-rich regions may be 
responsible for the observation3 that matrix 

are 

cracking occurs in such regions, however, the 
small size and detection difficulty of potential 
matrix cracks in fiber-dense regions must also 
be considered. 

In this first-order study, we have not included 
the presence of an interphase region, however, 
such a region can be recognized within the 
existing model. The difficulty here is the lack 
of information on in-situ interphase 
thermoelastic properties andor bonding 
conditions. 

The present model includes in its scope the 
perennial problem of the competition between 
the respective stresses causing crack deflection 
and fiber penetration at the fiber-matrix 
interface. The conclusion on this issue is that, 
for the composite class considered here, and 
ignoring dynamic and statistical effects, the 
state of stress on the interface at the point of 
maximum stress is such that matrix damage 
(due to ozm) or debonding (due to Or) would 
preceed fiber failure, even for the highest 
interface strengths that one can expect in these 
materials. Even when the annular crack 
impinges on the interface itself, the ratio or/ozf 
is so large that debonding would be expected. 
Therefore, practical efforts to degrade 
interfacial strength for the purpose of 
promoting crack deflection may be fruitless or 
even negative. We might point out, however, 
that the ratio 
tibedmatrix modulus ratio decreases. 

would decrease as the 

Perhaps it is useful to re-emphasize here that 
the failure mode treated here is that of matrix 
microcracking, in contrast to the mode of 
'steady-state cracking'6 in which all fibers 
bridge the damaged matrix. The latter mode 
has been extensivdy treated in the literature5-8 
but detailed experiments4 have shown steady- 
state cracking is not the appropriate initiation 
mode, at least in a broad class of Nicalordglass- 
ceramic matrix composites. Furthermore, local 
matrix microcracking (which we have labelled 
as the full-cell cracking mode) initiates at low 
stress levels. For example, the photomicro- 
graphs of Fig. 2 show evidence of matrix 
microcracking at composite stress levels as low 
as 70 m a .  The present model attempts to 
characterize this behavior in a fracture 
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mechanics setting. Aside from details of the 
local and average phase geometry, the input 
variables are the usual ones needed to conduct 
such an analysis, i.e., phase thermoelastic 
moduli and matrix fracture toughness. If 
subsidiary failure modes take place, however, 
interfacial strength/toughness parameters, such 
as interface tensile strength, will also be 
required. Of course, the proper way to 
characterize interfacial strength remains an open 
question. Clearly the model, especially the 
version which permits variable fiber spacing, is 
also amenable to failure prediction via a stress- 
based criterion. 

What is needed now is a systematic 
experiniental effort in which the experimentalist 
carefully determines the conditions at the 
initiation of full-cell cracking, i.e., composite 
stress or displace-ment and the very important 
details of the failure region, such as the fiber 
spacing of neighboring fibers to define the 
true shape and size of the failure surface. In 
this way, we can begin to establish the veracity 
of the model in its representation of the 
geographic details, and hopefully to begin the 
interchange leading to the determination of that 
elusive parameter - the initial crack length (or 
inherent flaw size), if appropriate. Such work 
is now in progress. It's impact on the 
assumptions and predictions made via the 
present model will be reported soon. 

Elastic Materials", Int. J. Solids Structures. 25, 
9 (1989), pp. 1053-1067. 

3. Barsoum M., Kangutkar, P., and Wang, 
A.S.D., "Matrix Crack Initiation in Ceramic 
Matrix Composites Part I: Experiment and Test 
Results"; Wang, A.S.D., Huang, X.G., and 
Barsoum, M., "Matrix Crack Initiation in 
Ceramic Matrix Composites Part II: Models 
and Simulation Results", Comp. Sci and 
Technoloev. 43,3 (1992), pp. 257-282. 

4. Kim, R.Y. and Pagano, N.J., "Crack 
Initiation in Unidirectional Brittle Matrix 
Composites", J. Am. Ceram. S O C . . ~ ~ ,  
5 (1991), pp. 1082-1090. 

0 5. Aveston, J., Cooper, G., and Kelly, A., 
"Single and Multiple Fracture", in 
Properties of Fiber Composites, Conference 
Proceedings, National Physical Laboratory, 
Guildford, UK. IPC Science and Technology 
Press, Ltd. (1971), pp. 15-26. 

6. Budiansky, B., Hutchinson, J.W., and 
Evans, A.G., "Matrix Fracture in Fiber- 
Reinforced Ceramics", J. Mech. Phys. Solids, 
- 34 (1986), pp. 167-189. 

7. Marshall, D.B., Cox, B.N., and Evans, 
A.G., "The Mechanics of Matrix Cracking in 
Brittle-Matrix Fiber Composites", Acta Metall, 
- 33 (1985), pp. 2013-2021. 

ACKNOWLEDGEMENT 
8. McCartnev. L.N.. "Mechanics of Matrix 

The author would like to express his sincere 
appreciation to Ms. Charleen Baldwin and 
Mrs. Barbara Hager for their very careful and 
skillful preparation of the text and artwork for 
this manuscript. 

REFERENCES 

1. Pagano, N.J., "Axisymmetric 
Micromechanical Stress Fields in Composites". 
Proceedings of 199 1 IUTAM Symposium on 
Local Mechanics Concepts for Composite 
Materials Systems, Virginia Polytechnic 
Institute and State University, Blacksburg, VA, 
Oct. 29, 1991. 

2. He, H. and Hutchinson, J.W., "Crack 
Deflection at an Interface Between Dissimilar 

Cracking in Bittle-Matrix Fiber-Reinforced 
Composites", Proc. Roy. Soc. London. A-409 0 (1987), pp. 329-350. 

9. Pagano, N. J. and Brown, H:W., "The 
Full-Cell Cracking Mode in Unidirectional 
Brittle Matrix Composites," Composites. 24,2 
(1993), pp 69-82. 

10. Cornie, J.A., Argon, A.S. and Gupta, V., 
M R S  Bulletin, 16 (1991), pp 32-36. 

11 .  Whitney, J.M. and Nuismer, R., "Stress 
Fracture Criteria for Laminated Composites 
Containing Stress Concentrations", J. Comp. 
-9 Mat - 8 (1974), pp 253-265. 



4-1 1 

12. Folias, E.S., "Failure at a Fiber-Matrix 
Interface in a Composite Subjected to an 
Applied Load", J. Comp. Mat., a , 7  (1991), 

13. Prewo, K.M., "Fiber Reinforced 
Ceramics - New Opportunities for Composite 
Materials", Proc. 4th JaDan-U,s. Conference 
on Composite Mater&& (1988), pp 24-40. 

pp 869-886. 

14. Chatterjee, A., Mah, T., and Kerans, 
R.J., "Residual Stresses and Their Effects on 
Transverse Properties and Interfacial 
Debonding in S ic  Fiber Reinforced Glasses", 
presented at First International Ceramic Science 
& Technology Congress, Anaheim, CA, Oct 
31-NOv 3, 1989. 

15. Lilley, R., personal communication. 

16. Pagano, N.J., and Tandon, G.P., "Elastic 
Response of Multi-directional Coated - Fiber 
Composites", Comp. Sci. and Technology, 31 
(1988), pp 273-293. 



4-12 

TABLE 1 

& o = O  E o  = .001 

bla 03 qf uZm 

1.05 25.84 7.46 109.34 

1.10 -5.72 -4.36 79.69 

1.14 -18.76 -8.86 67.74 

1.20 -29.93 -12.65 59.00 

1.291' -35.96 -15.66 53.94 

ad" or 

106.57 30.96 

81.88 5.87 

73.43 -2.60 

66.30 -10.75 

62.60 -15.66 

7l-z Y 

14.20 ,146 

7.78 . I24  

4.56 ,101 

1.86 ,064 

-0- -0- 

o2f ugf a2m agm 

344.95 48.06 323.42 211.34 

251.58 13.09 235.70 138.32 

213.01 -0.20 200.38 113.32 

179.99 -11.43 174.52 92.23 

162.14 -20.33 159.55 81.27 

*Uncracked 

Energy Release Rates and Maximum Interface Stresses for imposed EO plus AT = -1OOo'C, Vf = 0.60 

TABLE 2 

& o = O  

bla ozf oef oZm 

1.08 222.8 109.8 292.5 

1.12 166.8 93.9 235.3 

1.48 101.8 44.0 86.5 

2.236* -33.0 -8.2 60.2 

*Uncracked 

Gem or Trz Y ozf oef 

259.2 192.8 47.4 1.63 878.5 318.0 

213.4 142.9 37.1 1.55 723.2 259.4 

62.4 56.2 16.8 0.85 294.5 137.3 

70.8 -8.2 -0- -0- 166.0 -10.6 

Eo = .001 

oZm oem 

814.9 617.0 

655.3 489.5 

240.9 175.4 

167.7 91.9 

117.57 42.01 

43.34 22.98 

18.29 13.48 

-20.33 -0- 

549.5 131.8 12.6 

410.0 103.5 12.0 

171.5 46.7 6.58 

-10.6 -0- -0- 

Energy Release Rates (N/m) and Maximum Interface Stresses (MPa) for imposed Q, plus AT = -1OOO'C in Non-uniform Composite 
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Interfacial Debond 

Coating/Matrix Cracks 

Figure 3. Axisymmetric Damage Model 
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1. SOMMAIRE 
Les difftrentes possibilitts d'investigation 
micromtcanique assocites A l'essai d'indentation 
Vickers instrumentte en force et dtplacement sont 
dtcrites. Dans le cas des ctramiques renforctes par 
es fibres longues, il est possible de dtterminer la a urett et le module &Young des constituants ainsi 

que les caracttristiques mtcaniques de l'interface 
fibre-matrice, ii savoir, l'tnergie ntcessaire ii sa 
dtcohtsion et la contrainte moyenne de rechargement 
par cisaillement sur la longueur de l'interface qui est 
dtsolidariste. 
Des exemples d'application sont donnts sur les 
composites h matrice oxyde (mullite, vitroctramique) 
ou covalente (carbure de silicium) renforcte par des 
fibres SiC-Nicalon. L'effet des traitements de 
vieillissement sous air A haute temptrature est 
abordt. 

2. INTRODUCTION 
Les ctramiques renforctes par des fibres longues 
peuvent prtsenter une certaine toltrance aux 
dommages contrairement aux ctramiques 
monolitiques. Pour cette cattgorie de composites h 

a m a t r i c e  ctramique (CMC), l'endommagement est 
caracttrist par une multifissuration progressive de la 
matrice sans rupture des fibres. Ainsi que l'ont 
montrt Aveston, Cooper et Kelly [l], dans le cas d'un 
renfort unidirectionnel, tel que sa fraction volumique 
soit tlevte, la matrice est progressivement dCbitte en 
blocs orthogonaux aux fibres. Toutefois, compte tenu 
de la singularitt de contrainte qui existe au droit de 
la fissure matricielle et ii l'interface fibre-matrice, il 
faut que la fibre et la matrice puissent se dtplacer 
l'une par rapport A I'autre pour accommoder le 
champ de contrainte locale. 

Pratiquement, cela implique que la liaison fibre- 
matrice ne soit pas trop forte pour autoriser 
localement la dtcohtsion de l'interface. Le 
rechargement de la matrice de part et d'autre de la 
fissure matricielle rtsulte alors du transfert de charge 
des fibres vers la matrice dont on suppose qu'il 
s'effectue par cisaillement sur la longueur de 
l'interface qui est dtsolidiuiste. 

D'autre part, pour obtenir des contraintes limites 
tlevtes, il faut que la matrice soit suffisamment 
densifite et que les fibres ne soient pas alttrtes lors 
de l'tlaboration du composite. 

Exptrimentalement, la technique d'indentation 
Vickers instrumentte en force et dtplacement permet 
ii la fois : 

- de dtterminer les caracttristiques intrinsbques - 
durett Vickers H,,, module &Young E -de la 
region indentte et ainsi de vtrifier l'incidence des 
parambtres d'Claboration sur la fibre et sur la 
matrice ; 

- de caracttriser mtcaniquement l'interface fibre- 
matrice en dtterminant l'tnergie ntcessaire A sa 
dtcohtsion G, ainsi que la contrainte de 
cisaillement r caracttrisant le rechargement fibre- 
matrice sur la longueur de l'interface qui est 
dtsolidariste. 

Dans un premier temps, nous allons dtvelopper pour 
chaque type de caracttrisation, le principe de l'essai 
et la modtlisation correspondante. Ensuite, nous 
donnons des exemples d'application au niveau des 
constituants et de l'interface fibre/matrice. Enfin, une 
estimation des contraintes d'origine thermique 
s'exersant sur la fibre est proposte. 

3. PRINCIPE DE L'ESSAI DE MICRO- 
INDENTATION.. 

3.1 Indentation d'un milieu homoghe. 
L'essai de microindentation est usuellement utilise 
pour determiner trbs localement la durett d'un 
mattriau. Pratiquement, il s'agit de quantifier la 
dtformation plastique rtmanente provoqute par 
l'application ponctuelle d'une charge au moyen d'un 
indenteur pointu. L'indenteur le plus usitt est une 
pyramide en diamant de type Vickers (base carrte 
ayant un angle entre faces de 136" et un angle entre 
aretes de 158"). Lors du chargement, la profondeur 
de ptnttration h, se dtcompose en une composante 

Presented at an AGARD Workshop entitled 'Introduction of Cemmics into Aerospace Structural Composites: April, 1993. 



5-2 

plastique hp e une composante tlastique he 
conformtment B la reprtsentation de la figure la. 
AprCs suppression de la charge, la durett Vickers I-I,, 
s'exprime par le rapport entre la force maximale 
appliqute F, et la surface de l'empreinte rtmanente 
qui correspond B la dtformation plastique dtterminte 
par la mesure de la diagonale D de l'empreinte : 

Pour les mattriaw ctramiques qui sont caracttrists 
par une trts faible plasticitt, la charge ne doit pas 
extder quelques dixjtmes de newton pour tviter la 
formation de fissures dans le prolongement des 
diagonales de l'empreinte. De ce fait, la dimension de 
l'empreinte est gtntralement inftrieure a la dizaine 
de micromttres. 

he = composante hlastique 
h, = composante plastique 

A 

Flgure 1 : Courbe d'lndentatlon dans un mllleu homoghe (a); 
Comportement Clastoplastlque. 

La figure l b  prtsente la courbe exptrimentale de 
ptnttration de l'indenteur en fonction de la force qui 
peut &re dtcrite par une loi en puissance selon 
l'approche de Meyer [2] : 

En exploitant la partie de cette courbe correspondant 
au dtchargement, Loubet [3] a propost de calculer le 
module &Young E en supposant que la deformation 
plastique est constante durant cette phase de l'essai. 

L'ttablissement des tquations pour determiner le 
module &Young rtsulte d'une analyse anttrieure 
proposte par Snedon [4] : 

141 

F, ttant la force maximale appliqute, dF/dh la pente 
de la courbe lors du dtchargement, hp la profondeur 
plastique, 8 le demi angle entre les faces de la 
pyramide Vickers, E, v, Eo, vo ttant respectivement 
le module &Young et le coefficient de Poisson du 
mattriau et du ptnttrateur. 

Cette approche a t t t  validte sur les matkriaux 
ctramiques en utilisant des monocristaw de silicium 
(liaisons covalentes) et d'alumine a (liaisons iono- 
covalentes) pour lesquels la durett et les proprittts 
klastiques sont bien ttablies. Les valeurs de durett et 
du module d'Young sont reporttes sur la figure 2. 

! 
E 
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HV I C P ~ I  
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'- - 

Si 
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20 

Flgure 2:DCtemlnatlon de Eet €I, parmlcrolndentatlon en 
fonctlon de h, sur des monocrlstaux de SI et M203-a 

Pour les faibles valeurs de chargement, les mesures 
sont entachtes d'erreurs exptrimentales (tmoussage 
de la pyramide Vickers, prtcision de 'l'instru- 
mentation, ...) [5]. Pour les charges trop tlevtes, il y a 
fissuration de la ctramique, ce qui modifie la rtponse 
tlastoplastique du mattriau et les rtsultats sont alors 
dtpendants du t aw d'endommagement. Dans le 
domaine intermtdiaire et jusqu'au seuil de fissuration, 
les rtsultats sont indtpendants de la charge et 
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Orientation 

les v,_m du module d'Young sont en . m accord 
avec celles dttermintes B I'&helle macroscopique 
(tableau 1). 

100 110 

33 Indentation d'une fibre. 
ans le cas des mattrianx dramiques renfords par a es fibres longues, Marshall (61 a ette le premier B 

ntiliser un indenteur Vidrers pour appliquer une 
charge sur une fibre de faible diamhtre (environ 
15minombtres pour la fibre Sic-Nidon) qui se 
prkente perpendiculairement la surface du 
mattriau poli. Si la liaison fibre-matrice u'est pas trop 
forte, le niveau de contrainte appliqut est suffisament 
tlevte pour provoquer le glissement de la fibre dans 
sa gaine de matrice. La figure 3 p r k n t e  une courbe 
d'indentation rtalisk sur un composite SiC- 
Nicalon/SiC brut d'6laboration. La premihre partie de 
la courbe mespond  B la rtponse tlastoplastique de 
la fibre qui peut etre d h i t e  par une loi en puissance 
(Stade I). Le changement de pente correspond B la 
dbhks ion  de l'interface fibre-matrice qui intervient 
pour une force Fe La contrainte critique de 
d h h t s i o n  s'exprime alors par la relation : 

oil R est le rayon de la fibre. En I'absence de 
contraintes thermiques residuelly une analyse 
tnergttique simple [7] permet de relier cette 
umtrainte de dtcohkion B I'tnergie de d b h t s i o n  
G, : 

oil E, est le module d'Young de la fibre. Le signe "-" 
rend compte d'une contrainte de compression due 
I'indentation. 

-IC 3:0w1be dVndeni8tkn mrnm campodle SKYSIC 
Compmnbm awe h eolllde mod6lYe =loll lbppmehe de 
Mmnbdl. 

Le stade U correspond au glissement rclatif fibre 
matrice. En supposant que ce dernier soit purement 
frottant sans frettage de I'interface, et en negligeant 
la deformation de la fibre sous Peffet de la charge, 
Marshall et Oliver [a] considerent que le 
rechargement fibre-matrice s'effeetue B contrainte de 
cisdement T constante. Une analyse uniaxiale 
permet alors de calculer la longueur de glisscment 
fibre-matrice U en fondon de F, T et Gc : 

Si on analyse un cycle de chargement-dechargement- 
rechargement, il est 6galement possible de dttenniner 
la contrainte thermique axiale a," support& par la 
fibre. Dans le cas simple oil l'interface fibrematrice 
est initialement d&olida&e (cas du composite 
SiC/MLAS au 8 7) et si psn /& 112 (fibre en 
compression axiale), on peut dculer U," B partir du 
formalisme proposC par Marshall et Oliver [9] : 

F," est la charge axiale rkiduelle, Au = &-I&, 
u d t  urn &ant respcctivement la longueur de 
glissement fibrematrice maximale et residuelle ap rh  
suppression de la charge. 

4.DlSPOSlTIFEXPERIMEIWALETPROCEDURE 
DE DEPOUILLEMENT. 
Le schCma de princips de I'appareillage d'indentation 
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Vickers instrumentte est reprhentt en figure 4. I1 est 
construit sur la base. d’un microscope optique. 
Ce dernier est 6quip-5 d‘une tourelle porte objectif sur 
laquelle est positionnk la cellule d’iidentation, de la 
mime fawn qu’un objectif. L’tchantillon, montt en 
pince, est positionnd sur un capteur de force. 
La  motorisation de la mise au point dn microscope 
permet d’atteindre des vitesses de chargement de 2 h 
50 millinewtons/seconde. Le dtplacement de 
I’indenteur par rapport il la surface de I’tchantillon 
est mesurt il l’aide d’un capteur capacitif issu des 
travaux de A. Bruere [lo]. En utilisant une bande 
passante de 10 Hertz, la rtsolution est de 
10 nanometres pour une distance capteur-surface de 
l’tchantillon de 300 microm&tres. Le capteur de force 
autorise la mesure d’efforts jusqu’il 1 newton avec 
une prtckion de 0.5 millinewtons inhtrente h sa 
grande souplesse, mais qui rend I’ensemble 
particulierement sensible aux vibrations. De ce fait, 
une isolation vibratoire du moyen d’essai s’est avtrte 
nbssaire. Le systeme est pilot6 par un micro- 
ordinateur qui permet d‘acqutrir les courbes 
d’indentation. 

Le capteur de dtplacement mesure la variation de la 
distance d vis h vis de la surface du mattriau qui 
correspond i la dtformation tlastoplastique h, h 
laquelle se superpose le glissement fibre-matrice U 
au-deli de Fd. L‘exploitation de I’essai d’indentation 
se fait en quatre &tapes : (i) estimation de la force 
s e d  de dtcohtsion F,, donc de ad ; (U) extra- 
polation de la dtformation tlastoplastique 
de I’ensemble fibre et indenteur au deli de Fd 
(stade 11) ; (ii) dttermination du glissement fibre- 
matrice U en retranchant la deformation 
tlastoplastique 4, au dtplacement d mesure par le 
capteur ; (iv) dttermination de I’tnergie de 

d h h t s i o n  Gc et de la contrainte de eisaillement T h 
l’interface. En utilisant I’tquation [7l relative h la 
modthation de Marshall, on dttermine la vdeur de 
T, sed arametre ajustable, qui s’approche le plus de 
la courL ewrimentde (figure 4). 

Les tchantillons d’indentation se prhentent sous 
forme de parall&Itpip5des tels que Ies  grandes faces 
soient perpendiculaires aux direetions principdes de 
renforcement. L’une de ces surfaces est ensuite polic 
i la p5te diamant jusqu’h une granulomttrie de 0.25 
micromktres. 

5. MESURE DE LA DURETE ET DU MODULE 
D’YOUNG DES CONSTITUANTS DANS UN CMC. 
La determination du module d’Young il h i d e  de la 
technique d’iidentation instrumentte suppose que 
Yon rtalise plusieurs essais pour obtenir une mesure 
indtpendante de la charge comme cela a kt6 
dtmontrt au 5 3.1. Pour faire des essais sur des fibres 
ou sur des regions de matrice peu ttendues, 1. 
convient donc de prodder i des cydes de 
charge/dtcharge partiels en augmentant 
progressivement la charge jusqu’au seuil de 
fissuration. 

La figure 5 illustre un essai pratiqut sur une fibre 
Sic-Nicalon NLM U12 dans une matrice Nasicon, le 
composite ttant Clabort par pressage h chaud i 
1050°C [SI. Le module &Young ainsi mesure ttant 
identique h celui de la fibre brut, on en dtduit que les 
conditions d’tlaboration n’ont pas d t t r t  les 
proprittts tlastiques du renfort. 

’ O O U  0 0.3 hmleml 0.6 O 

Le tableau 2 rtsume quelques rtsultats locaux 
concernant des composites h renforts fibreux ou 
particulaires [q. On constate que la presence de 



prtcipitts de zircone permet d'augmenter le module 
&Young et la duretk. Dam un composite B matrice 
vitroctramique LAS (Li20-A120-6Si02), le suivi du 
module d'Young B l'tchelle locale est un bon 
indicateur pour apprtcier l'homogtntitt de la 
cristallisation et son degrt d'avancement en fonction 
des traitements thermiques. 

Mattriau - Lieu d'intentation 

Composite Fibre S ic  
SiC/Nasicon* Matrice avec Zr02 

Matrice sans ZrO, 

Composite 

SiC/LAS' 

Monolithe de Mullite"' 

Matrice 

E (GPa) H v  (GPa) 

2202 10 -25 
106 2 s 7,2 2 09 
882s 5,7 2 0.7 

6622 820.4 

1802 17 12,4 2 0.8 

I Monolithede Mullite + lO%ZrO, I 240215 I 15,722 I 

Composite 

I D  brut 

Tableau 2 : Mesures de E et Hv par microindentation 
sur composites et monolithes : 

* (elaboration par voie sol-gel B lOSO"C), 
++ (elaboration par voie verriere A U20°C), 

+++(Mttage de poudre B 1600°C) a dicohbion r decohesion t moyen 
moyen MPa moyen J/nP MPa 

1100 2 200 6 ? 2  33 5 8 6. CARACTERISATION DE L'INTERFACE FIBRE- 
MATRICE DANS LES CMC. 
Les exemples concenient deux types de CMC B 
renfort fibreux de c a r h e  de silicium (Sic-Nicalon 
NLM 202 de chez Nippon Carbon) : SiC- 
Nicalon/Mullite Clabort B l'ONERA par pressage B 
chaud de tissus prtimprtgnts par voie Sol-Gel [ll]. 
Pour les renforts unidirectionnels (1D) et 
bidirectionnek (2D), le taux volumique de fibres est 
d'environ 40%. 

2D 
sous vide 1OOO'C 

2D 
sous air 1000°C 

1100 2 100 

IND. 

Les composites Sic-Nicalon/SiC ont t t t  caracttrists 
B l'ttat brut et aprbs vieillissement de 100 heures sous 
vide et sous air, B une temperature de 1OOO"C [12]. 
Les courbes caracttristiques &indentation sur les 
composites bruts d'tlaboration et aprbs vieillissement 
sont reporttes sur la figure 6. La contrainte critique 
de dtcohtsion a d ,  l'tnergie de dtcohtsion I' au sens 
de l'approche de Marshall Gc=21' et la contrainte de 
cisaillement interfaciale T sont rtpertorites dans le 
tableau 3. Les valeurs xnoyennes et les tcarts-types 
mentionnks sont donnQ; sur dix essak stlectionnts 
d'une part, pour que le taux surfacique de matrice et 
de fibres avoisinantes soit tquivalent, et d'autre part, 
pour que le rayon des fibres soit compris entre 7 et 
9 micrombtres. Pour les composites B renforts 1D et 
2D (tissus taffetas), la dkcohtsion est marqute et se 
produit B des niveaux de contraintes sensiblement 
difftrents. L'exploitation du stade I1 de glissement 
montre une augmentation significative de la 
contrainte de cisaillement r qui passe de 33 B 
63 MPa respectivement pour les composites B renfort 

0 

63  f 03 67 5 11 

IND IND 

1D e 2D. L'ondulation d s fibres dans le m 
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osite 
ii renfort 2D peut expliquer cette difftrence. 

as a71 

Qure  6:Qutbes d'lndentatlon surcomposltes 2D SIUSIC 
brut et apds vleilllssement. 

I 2Dbrut I 1500 f 230 I 12 2 4  I 63 f 15 I 

I I I I I 

Tableau 3 : Mesure de U,, , I', T par microindentation sur des composites 
Sic-Nicalon/SiC (IND : ind6temiin6) 

Pour le mattriau oxydt B 1OOO" C pendant 100 heures, 
aucune dtcohtsion ne se produit. Seule la 
dtformation tlastoplastique de la fibre est 
enregistrte. L'observation de l'interface a t t t  rtaliste 
par microscopie tlectronique B balayage couplke B un 
spectrombtre 1 dispersion d'tnergie. Les analyses ont 
ainsi rtvtlt la prtsence d'oxygbne qui n'est pas 
observable B l'ttat non vieilli. Fillipuzzi [13] propose 
que l'interphase de carbone, initialement prtsente 
dans les composites SiC/SiC, s'oxyde avec formation 
d'oxydes de carbone (CO, et/ou CO) ce qui 
entrainent la crtation de pores B l'interface fibre- 
matrice. La diffusion de l'oxygbne dam la porositt 
conduit alors B la formation de silice B la surface de 
la fibre. La prtsence de la couche de silice 
interfaciale a tgalement t t t  remarqute pour des 
composites SiC/SiC traitts sous atmosphbre oxydante 
B des temperatures plus tlevtes [14OO"C) par 
Mozdzierz et Backhaus-Ricoult [14]. 
Aprbs vieillissement sous vide B 1OOO" C pendant 100 
heures, la dtcohtsion se produit pour des charges 
plus faibles que sur le composite SiC/SiC brut. 
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De plus, dans le stade I, on note une deformation 
tlastoplastique difftrente, qui peut stre attribute ja 
I’affaiblissement des carattristiques mtcaniques (E ou 
HJ de la fibre. 
I1 est tgalement possible d’tvaluer la contrainte de 
cisaillement interfaciale T en determinant I’espace 
interfissures du rtseau de fissures qui se dtveloppe 
perpendiculairement au renfort fibreux. Pour un 
composite 1D Sic-Nicalon/SiC caracttrist par une 
contrainte a rupture d’environ 450 MPa, la longueur 
moyenne L, des blocs de matrice est de 34 
micromttres (longueur minimale d’environ 20 
micromktres). En appliquant le formalisme dtveloppt 
par Aveston, Cooper et Kelly [l] puis par Zok et 
Spearing [15], T est respectivement estimt B 110 MPa 
et 125 MPa (en considtrant une tnergie de rupture 
de la matrice de 10 J/m*). Le dtsaccord avec la 
mesure de T issue de l’essai d‘indentation peut 
provenir du mode de sollicitation de I’interface qui 
n’est pas tquivalent dans les , deux essais. 
En particulier, dans l’essai d’indentation, le 
cisaillement axial de I’interface s’accentue 
contrairement a l’essai de traction du fait que la fibre 
est initialement soumise a une contrainte de 
compression d’origine thermique pouvant atteindre 
300 MPa [16]. De plus, dans les deux approches, le 
modble utilist pour dtterminer T ne prend pas en 
compte la dtformation de la fibre (effet Poisson) 
ainsi que la contrainte de frettage estimte ja 200MPa. 

En ce qui concerne les composites 2D (tissus 4 dir) 
Sic-Nicalon/Mullite, il est possible de modifier la 
composition de I’interphase fibre-matrice et de la 
matrice en ajustant le rapport molaire AI,03/Si02 du 
gel et de la poudre successivement utilist lors de 
I’ttape de prtimprkgnation du tissu. Pour les deux 
compositions ktudites [17], les tvolutions de durete 
au niveau des constituants et de la contrainte de 
cisaillement interfaciale sont rtpertorits dans le 
tableau 4, avant et aprbs vieillissement de 3 heures ja 
900°C sous air. D’apr2s les mesures de microdurett, 
les fibres ne sont pas alttrtes par les conditions 
d’tlaboration ou de vieillissement et la matrice 
prtsente des caracttristiques tquivalentes ja celles des 
mullites fritttes sans renfort fibrew. I1 est a noter 
que la composition plus riche en alumine est moins 
densifite et de ce fait, elk est moins rigide. 
L‘augmentation de la contrainte de cisaillement ja 
I’ttat brut a t t t  corrtlt 21 I’enrichissement du verre de 
mullite en alumine et ja la formation de cristaux 
aciculaires de mullite en plus grand nombre et de 
plus grandes dimensions, certains d’entre eux Ctant en 
contact direct avec la fibre [18]. 

Composition d a  mmporiier 

133 7-3 

- 
PomitC 

en 
mlume 

ouvcne 

10 

m 

Tableau 4 : Mesures E et T par microindentation 
sur les composites 2D Sic-Nicalon/mullite : 

Inlluence de la composition du gel d’interphase et de la matrice 

Aprts vieillissement, .l’interface fibre-matrice se 
rigidifie probablement en raison de l’oxydation 
superficielle de la fibre Sic-Nicalon comme cela a 
dtjja Ctt constat6 dans d’autres matrices de type oxyde 
ou Sic  [19]. Corrklativement, la rtsistance en flexion 
chute progressivement et le mode de rupture devien 
de plus en plus fragile. 
Pour optimiser les proprittts mtcaniques des 
composites, il convient donc de trouver un compromis 
entre la composition chimique et la temperature de 
frittage afin d’obtenir une matrice la plus dense 
possible tout en limitant I’adhtsion fibre-matrice. 

’. 

7. EVALUATION DES CONTRAINTES 
THERMIQUES RESIDUELLES DANS LES CMC. 
L‘ttude [20] a portt sur le composite 2D (taffetas) 
Sic-Nicalon/SiC caracttrist au 0 6 et sur’ un 
composite 2D (satin) Sic-Nicalon/verre ckramique 
MLAS (melange Mg0-Li20-A1,03-Si02) tlabort ja 
I’ONERA par pressage 2 chaud d’un tissu 
prtimprtgnt de poudres synthttistes par voie Sol-Gel 
[21]. Dans les deux cas, le taux volumique de fibres 
est proche de 40%. Les valeurs caracttristiques de la 
contrainte de cisaillement interfaciale et de la 
contrainte thermique longitudinale sont rtpertorites 
dans le tableau 5. a 

Tableau 5 : Deterniination de uF5u niveau de la fibre 
dam un composite SiC/MASL et SiC/SiC 

Pour le composite 2D Sic-Nicalon/MLAS, les 
courbes d’indentation prtsenttes dans la figure 7 sont 
en bon accord avec le modble Cvoqut au Q 3-2 dans 
le cas d’un cycle de chargement-dtchargement- 
rechargement. Les faibles valeurs relevees pour 
l’tnergie de dkcohtsion et la contrainte de 
cisaillement interfaciale ont C t t  corrtltes ja la 
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prtsence de carbone 2 la surface de la fibre SiC- 
Nicalon [22]. Cependant, le fait que la fibre soit en 
compression est inattendu car les phases cristallines 
qui doivent se dkvelopper sont caractkriskes par un 
coefficient de dilatation t hermique plus faible que 
celui de la fibre : l.lO""C-' pour  le spodumbne-I3 
structure keatite et 2,6.1040 C' pour la corditrite B. 
Ce dksaccord peut provenir de la prtsence d'une 
proportion importante de phase vitreuse rtsiduelle 
dont il faudrait prtciser le comportement 
dilatomttrique. 

h 

2 
Y 

N 
0)  

E a 

0.007 

0.006 

0.005 

0.004 

0.003 

0.002 

0.001 

0 

I F,,,= 80 m N 

0 50 100 150 200 250 300 350 400 
Distance de glissement (nm) 

Flgure 7:Courbe de charge-d6charge-recbarge d'une flbre SIC 
dans une matdce MIAS. 

En ce qui concerne les composites 2D 
Sic-Nicalon/SiC, I'exploitation de I'essai reprksentk 
dans la figure 8 est fait en supposant que : (i) la 
dtcohtsion de I'interface se produit de fason stable 
au fur et A mesure du chargement, (ii) I'augmentation 
de la longueur de glissement lors du rechargement est 
lite 5 une diminution de la contrainte de cisaillement 
interfaciale (environ 15% dans ce cas). Dans ces 
conditions, la fibre est soumise 5 une contrainte 
thermique axiale de compression d'environ 600 MPa, 

@soit pratiquement une contrainte deux fois plus tlevte 
que celle issue de la modklisation en dkformation 
plane 5 I'tchelle d'une fibre enrobte de matrice [16]. 

0.- F,,,= 500 m N --, 

0 100 200 300 400 500 600 
1 700 

Distance de glissement (nm) 

Flgure 8:Courbe de cbarge-d8charge-recharge d'une fibre SIC 
dans une matrlce SIC 

Ces essais prtliminaires ont permis de mieux 
apprthender I'approche proposte par Marshall et 
Oliver [9] mais l'appareillage devra &re amtliorC 
pour Cviter les phtnombnes d'oscillation observks sur 
les courbes d'indentation. De ce point de vue, le 
pilotage du dkplacement de l'indenteur par un 
dispositif piezoklectrique est envisagt. 

8. CONCLUSIONS. 
La technique d'indentation Vickers instrumentte 
apparait donc comme un moyen d'investigation 
micromtcanique qui permet de caracttriser 
localement la matrice et les fibres (duretC, module 
d'Young) ainsi que I'interface fibre-matrice (tnergie 
de dCcohtsion, contrainte de cisaillement interfaciale, 
contrainte d'origine thermique s'exersant sur la fibre). 

I1 est ainsi possible d'agir ulttrieurement d'une part, 
sur la formulation de la matrice ou de I'interphase 
fibre-matrice et d'autre part, sur les parambtres 
d'tlaboration pour optimiser les caracttristiques 
mtcaniques des composites. I1 est tgalement possible 
de caracttriser la degradation des composites aprbs 
des traitements de vieillissement correspondants aux 
conditions de fonctionnement. 

Pour mieux apprthender les tvolutions se produisant 
A I'interface fibre-matrice pendant I'utilisation, un 
nouveau moyen d'indentation automatist5 et 
fonctionnant A chaud (600" C) sous atmosphbre 
contrB1Ce est en cours de dtveloppement. 
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ROLE OF INTERFACES ON TEE CYCLIC FATIGUE BEEAVIOUR OF CERAMIC MATRIX 
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1. SUMMARY 
Ceramics reinforced with continuous fibres exhibit 
delayed failure under pulsating load. A micromechanid 
model describing the fatigue effects is proposed. It is 
based on the deaeasing of the shesr stress at the fibre- 
matrix inmtkes, resulting from inmfackd wear due to 

see-saw sliding. The main feaanw, of this model are 

During tirst loading cycle, the material exhiits multiple 
matrix wcldng and sane tXne brealcs. During subsequent 
cycles the inwfacial shear stress decreases, leadmg to 
increasing the failure probability of the bridging fibres. 
For a critical fraction of broken bridging fibres. 
instabiity occm and the specimen fails, thw d e f i i g  
the lifetime. FM lower peak sln?sse& but higher sti l l  tban 
the proprtionality limit, the material also evolves but 
no failure warn (up to one million cycles), indicating 
that the interfacial shear stress decreases to a non-ZeTO 
lowexbound 
Fatigue induced chaages of interfkd shear stress are also 
observed from fib pull-out length analyses. 

2. INTRODUCTION 
The use of continuous fibre reinforced ceramics for 
aerarpgce struetuns such as spece shuttles and very high 
speed airwfts and fM hot engines, O f f a  OppMtUIlity for 
using the same material for both nsistance to merbanical 
loads and thermal aggressions. 

For ceramic-ceramic composites emphasis was made in 
the improving of the toughness, because this property is 
in fact vcty low in bulk d c s  [1,21. In such materials, 
both fibre and matrix are brittle in nature and the 
tonghnening finds its origin in the matrix m k  tip 
shielding by bridging fibres which are at fmt intact and 
then broken, undergoing pull-out [31. 
Clearly. the fracture properties of ceramic matrix 
composites are controlled by two main microstructure 
parameters : f rs t  the average fibre strength and the 
s m g t h  distribution (described currently by a weibull's 
statistics) and secondly the interface properties, 
particularly the interfacial shear stress associated with 
friction or debnding and controlled by adequate fibre 
coaling and also residual thermal stre&Fes. 
When aircraft applications are considered, fatigue 
behaviour becomes a very imporfant thing. At present 

e e following : 

e 

very few works have been published about fatigue of 
ceramicseramic fibre composites [4-101. It appears clear 
yet that this family of materials exhibits some delayed 
failure due to cyclic fatigue effects. However, unlike the 
frilctllte behaviour, no micmmodemg is shaigthfmvard 
to demibe the microsmctural origin of the observed 
fatigue effect and t x m q u w l y  for bringing into relief the 
pertinent parameters which are to be controlled and 
improved so as to reacb material optimization. A very 
interesting pioneer model has been proposed for 
explainmg the origin of the hysteresis of suess-strain 
loops observed experimentally during fatigue tests [l 11 : 
the loops widening was still attributed to frictional shear 
strength at the interface and the fatigue damage related to 
the fraction of failed fibres. Nevertheless no discussion 
was made in connexion with the d cause of damage 
extension as a function of number of fatigue cycles. 

The purpose of this paper is to describe a fatigne model 
based on a decrease of the interfacial shear stress (ISS) 
which may be due to wear phenomena connected with the 
alternate slip berween fibre and matrix. The mulls of thi 
model are in very good agreement with practical 
observation so long as f i k s  are orientated in Ihe loading 
direction (in 1D or 2D composites) and provided that no 
great- . 'on damage occu~s during testing. 
In addition, we describe the effect of fibre radius on the 
interfacial shear stress measured by the indentation 
method. We also show how the interfacial shear stress 
changes by fatigue ; this parameter h i n g  evaluated 
indinctly from measurements of fibre plll-wt length as a 
hmction of fibre diameter. 

3. EXPERIMENTAL FATIGUE BEEAVIOUR 
Tests are carried out at room temperature under tension- 
tension sinusoidal cycling. between zero and controlled 
maximum stress, S, at a frequency of 1 Hz. The results 
are here given for a cross-weave composite of S ic  fibre 
(Nicalonm) bundles embedded in a S ic  matrix obtained 
by chemical vapor infiltration (2D SiUSiC). This 
composite is processed by the Societe EuropEenne de 
Propulsion (S.E.P.) and is chamctenzed . by a failure stfain 
of about 0.2-0.3 96. S i  results are obtained (but not 
described in this paper) for a cross-plied 
SiC(Nicalon)/glass-ceramic composite, processed by 
Akospatiale. The MAS-L matrix is obtained by using 
the sol-gel mute and hot-pressing. 

Presented at an AGARD Workshop enfitled 'Inaoducrion of Cemmics into Aempce Snucruml Composires; April, 1993, 
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Figure 1 shows the l i f e h e  diagram. Depending on the 
maximum stress applied, three stages are observed : 
i) samples broken at f a t  loading, a certain scattering in 
the ultimate tensile strength (Ul’S) is observed ; 
ii) fracam oawed after a limited n u m b  of cycles (from 
5 to 12,000) in relation to the maximum fatigue stress : 
iii) no fracture occured after a conventional number of 
cycles ( t y p i d y  : 106). 

180 I I 

0 Fatigue run-out 
2o A Fatigue fracture t 0 Tensile test fracture 

s 
1 

100 I I 
1 i o  io2 103 104 i o 5  106 

Number of cycles 

Fig. 1 : 2D Sic-Sic. Lifetime diagram. 
Fatigue in tension-tension. 1 Hz, room temperalure. 

But the mechanical behaviour with cyclic loading remains 
similar whatever maximum stress is applied. As 
illustrated on fig. 2a. the tirst sae~s-straia loading m e  
has a typical shape because of a response under loading 
similar to monotonic tensile test It is interesting to 
notice that curves given on Fig. 2 correspond to a 
specimen not failed at 106 cycles  we^ below the fatigue. 
limit) and it is clearly shown that the maximum fatigue 
stress is well beyond the limit of linearity. 

150 stress(MPa) (a) T 

25 
Simulation 

n 

Fig. 2 : 2D Sic-Sic. Fatigue in tension-tension 
(a) : example of recorded stress-saain loops 

(b) : example of theoretical loop. defmition of the tangent 
moduli. 
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Fig. 3 : 2D Sic-Sic. Fatigue in tension-tension (S = 
135 MPa). Tangent moduli as a function of number of 

cycles (no failure at 250.000 cycles). 

Further hysteresis stress-strain loops a ~ e  cbarauerized by 
an increasing area and a decreasing main slope. A 
theoretical loop is given on Fig. 2b ; careful stress and 
stmin measurements allow us to determine the evolutions 
of some stiffne.sses (tangent modulus) m the loop : ESL 
at start of loading. EEL at end of loading, Esu  at sfart of 
unloading and EEU at the end of unloading. Typical 
changes of these stiffnesses are shown on Fig. 3 : &L 
and EEU (at the bottom of the loop) are higher than the 
other two. due to debris affecting the normal crack 
closure. So only EEL and Esu (at the top of loop) are 
significant with respect to fatigue behaviour. 

Evolutions of these two slopes are given on Fig. 4 for 
different maximum fatigue stress values : 
i) at low S. EEL and ESU are high, equal and remain 
constant during cycling : elastic behaviour, no damage, 
no failure ; 
ii) at medium S (below fatigue limit), the stifiesses are 
progressively decreasing ; EEL decreases faster than ESU 
and at a given number of cycles the two slopes evolve in 
parallel (stabilization stage), no fatigue failure occu~s ; 
iii) at higher S (beyond the fatigue limit). same 
evolutions are observed but the failure appears always 
before the stabilization stage. 

More details upon the cyclic fatigue behaviour of 2D 
Sic-Sic composites and particularly the results 
concerning acoustic emission, can be. found elsewere 
L12.131. 

4. MODELLING OF FATIGUE BEHAVIOUR 
The analysis of fatigue micromechanisms is presented in 
the case of a perfect unidirectional (1D) composite where 
the continuous fibres are randomly arranged parallel to the 
direction of the applied load. The influence of a more 
complicated architeuure such as bidirectional (2D) woven 
composite will be discussed at each time if necessary. 

a 

a 
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(2) 

s = e1 % e*> (C) 
0 I 
1E+00 1E+02 1E+04 1E+06 

Number of cycles 

Fig. 4 : 2D Sic-Sic. Fatigue in tension-tension. End- 

versus N. (a) : S = 50 MPa (run-out); (b) : S = 135 MPa 
(run-out); (c) : S = 145 Mpa (failure at 800 cycles) 

of-loading (EEL) and stan-of-unloading (Esu) stiffnesses 

e 
4.1 Damage induced by tensile loading 
During tensile loading the 1D composite undergoes 
multiple matrix cracking. following the ACK [141 
scheme. n e  cracks are assumed running stmight over the 
entire cross-section and regularly spaced with a given 
distance, d, between them (Fig. 5). 

I 1 
Fig. 5 : Schematics of multiple matrix cracking 

in 1D composite. 

As loading proceeds, this distance decreases up to a 
saturation value. saturation of matrix cracking is mainly 
due to the overlapping of the matrix unloadmg regious. 
But in some cases, an apparent saturation can be observed 
with larger distances, for example when local overstresses 
oecur in the material near large voids introduced by the 
2D woven architecture ; in tbis case the crack spacing 
should be more or less linked with the distance between 
large voids. 

Near the matrix crack, the bridging fibres undergo 
overload and the peak stress. T. is given by the following 
relationship : 

T = A  
vr(l -a  (1) 

where ua is the applied stress on the cmposite, vf is the 
fibre vblume fraction and q is the proportion of broken 
fibres. To simplify, it is assumed that only the surviving 
fibres carry the load in the sliding zone. In the sliding 
zone, where the fibre stress, of. increases to peak stress 
(Fig. 6a). the slope of the fibre stress is given by: 

with 7 being the frictional interfacial shear stress (ISS) in 
the fibre/matnx ' sliding region, and r the fibre radius. 

/ /  \ \ \  ! 1 * 
'c 7 X 

Fig. 6 : Fibre stress profiles resulting from matrix 
cracking. T : peak stress, R : nominal fibre stress. 
(a) :case of large crack spacing ; (b) : smallmatrix 

SPacinP. 

According to crack spacing, two situations are to be 
considered (Fig. 6) : 
i) if the mean distance d is greater than a critical fibre 
length, le. the sliding zones are not interacting and the 
overload profile is surrounded by a constant fibre stress 
(Fig. 6a). The level of this constant fibre stress is : 

R=% 11 
Vf l + q  (3) 

where q is defied by : 
Er V I  v =  

Em (1 - VI) (4) 
with Ey and E,,, are the fibre and matrix modulus 
respectively. In this case, each bridged mauix crack is 
working independently from the other, and the specimen 
fails since one aack reaches the instability. 

U) if the distance d is smaller than the critical fibre length 
(Fig. 6b), the sliding regions are overlapping. When a 
fibre fails (near a given peak stress location). the 
resulting stress drop extends over several matrix blocks. 
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As a result, the bridged uach are no more independent 
systems. 'herefme the instability should be analyzed in 
the whole length of the specimen. 

4.2 Composlte fa i lure  under  monotonic 
loading 
For fatigue. there are several interests to analyze the 
failure under monotonic loading and particularly the 
ultimate tensile strength (UTS). 

First, the UTS repmenu a cbaradens . ticdatawhichisto 
be inaoduced in the lifetime diagram. Secondly. at the 
starting of a fatigue expeiimenh the tirst Loading up to 
maximum fatigue stress inaoduces the initial damage 
consisting of aceatah set of matrix cracks and acertaio 
proportion of broken tibm ; this nmhanwn ' istypically 
working under monotonic loading. Thirdly, during load 
cycling some mamial parameters are changing and 
consequently fatigue failure will OCCUT when the UTS 
(with the new parameters values) equals the maximum 
fatigue stress. And finally, fa a given maximum fatigue 
load a scauering in the life times is commonly observed 
experimentally. This scatten0 ' g should Find its origin in 
the variabiity of fatigue effea and also in the variability 
of Mrmepawnetersleading tothe sc~ttena ' gobserved for 
the UTS under monotonic loading. 

Thefailme.pdxbility ofthe fibres is described by means 
of the Weibull's statistics, following the weakest link 
scheme : the probability of failure of a fibre element 
(link) of length Sxcan be expressedas follows : 

Fi = (zr Sx 

when? af is here the stress sustained by the fibre element, 
m is the Weibnll's modulus and a0 a scale parameter, 
related rnthea~agefibrestrengtb (& Miform load) : 

with Lf being the fihre gauge length used for the 
measurement of strength and r the well-known ~UIU 
function. 

The analysis of ultimate failnre of the composite (bridged 
crack) is similar in the principle to the well-known dry- 

In the case of large cntck spacing (assumption A), the 
surviving f i b  in the bridging bundle undergo a stress 
profile as shown on Fig. 6a. The probability of fibre 
failure in such a system is calcnlated by using the same 
assumption and statistical analysis than Thouless and 
Evans 1151 ; particularly fibre failure outside the slip 
length is ignored and the fibre stress is assumed to 
decrease linearly from the. peak stre8S. T, to WO. The 
probability of fibre failure. anywhere within the overload 
protile is found to be : 

fiblnmdlefailurepoblan. 

and can be mnsidered as the frxtion of broken f i b  (q, 
see Equ. 1) at a given value of peak stress T. As the 
applied load increase.8, the fraction of broken fibres 
inmaw up to a critical instabity valne, q*. Equation 7 
can be easily m a x i m i  withrespectto T, leading to the 
following instability condition : 

1 
T a o m  (s) 

l b t  gives the critical fraction of broken fibres (subscript 
Arefers to this first assumption : d >  U : 

(q*)A= 1 -exp -- [ m + l l  
and t h e m  ofthebridgedcrsrk : 

For a specimen containing more than one matrix crack 
statistical fracture of a serial set of bridged systems as 
described above should be analyzed. For simplification, 
we will consider further that all cracks are exactly 
identioll. 
In the case of short fibre spacing (Fig. 6b) (assumption 
E). the fibre stress looks Like saw-teeth. Some authors 
[la] coosidered thata fibrebreaking anywhere. within the 
entire sample gauge length as, on Fig. 5)  is unable to 
carry any load. In these conditions, the same analysis as 
before leads to a different instabity condition. However 
the hypothesis of a single fibre failure within the gauge 
length does not seem vcry realistic, because of the 
existence of stress transfer mecharusns . betweenfibreand 
matrix in the other matrix blocks. 

A more complete analysis of UTS was receatly proposed 
by Cunin [171. It considers that each fibre in the 
composite can exhibit multiple failure, in the same way 
as a single F i t  embedded in a large failure. strain 

out by the broken fibres is talccn into account. The 
analytical result (with a slightly different Weibull's 
expression) concerning the critical fraction of broken 
tibreais: 

(q*k = -?- 

e 

matrix(aapcrmptionc).Inthatanalysis,theloadcarried 

m + 2  (11) 
andtheUTSbecanes: 

As a result, for the two most retllistic assumptions, the 
critical proportion of broken fibres is only m dependent. 
In addition. the UTS @U. 10 and 12) only differs in the 
m dependent prefactor : the influences of the other 
merial parameters (vf, 7.00 and r) are. exactly the same. 
In & to simplify the presentation, the Mer analyses 
are. only made with the assumption A (d > IC). 
If we take the hypothesis that some parameters (T moo) 
decrease during fatigue cycling, we see clearly that the 
potential UTS of the sample decmws. As, after a given 
number of cycles, this potential UTS reaches the 
maximum applied fatigue stress, the specimen will fail. 
Time dependent subcritical crack growth in the fibres 
leads toa decrease of effective fibre strength whic41 can be 
described by a decresse of ao. In the material considered 
hen, there are some arguments for retaining an effeu of 
alternative sliding induced by the cycling of load, 
particularly the non-aependence of fatigue effect on test 
fnquency [12,131. In these conditions, the decreasing ISS 
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is a vtxy good candidate to explain the observed fatigue 
effects. In the following sections the causes of the 
decmse of ISS as Mgue proceedp ~IE dirussed 

4 3  Changes of ISS during fatigue 
The first hypothesis is to consider that the ISS decreases 
continuously as a function of number of cycles. N, up to 
a limiting value T- Fig. 7). This decrease is mainly due 
to an interfacial wear, as discussed by Jero et al. [MI. 
This phenomenon is particularly effective when the 
matrix compresses radially the fibres. because of the 

the asperities are mutually .scrap& off and this effect 
should be more pronounced with asperities of higher 
amplitude. that is at starting of fatigue test : the 
M i g  rate of ISS (dddN) sbould be lower for large 
cycle number. Having 110 further information about this 
mecbarusm ' and to simplify, a power law as below was 
chosen (Fig. 7a) : 

themnal expansion mismatch. During the see-mw sliding, 

w > N=J (13) T=T- 0 
where. is the. initial ISS value before load cycling. 

' 4  

- 
N 

O~ig. 7 : cimges of in- shear stress as a 
function of number of cycles. 

(a) : power law (see mu. 13) : (b) : exponential law 

The decreasing law is bonnded by a limiting value ; this 
comes from non vanishing friction between fibre and 
matrix, due to long distance interactions : like changes in 
fibre diameter and crass-section sbape, fibre bending 
@arricularly in the case of woven clothes), etc. Another 
cause of ISS decrease can be originated from longitudinal 
splitting m the matrix. These cracks strongly reduce tbe 
tbermal mismatch indnced compression stress on the 
neighbouring fibres. Tbis mecbanim leads IocaUy to 
easier friction. The e f f d v e  ISS in a given moss section 
is there.fm diminiPhin 8. 
During one cycle, the fibre stress profde evolves as 
shown on Fig. 8 ; at each load rate inversion the sliding 
reverses (the slope of stresp inverses) in a regiou close to 
the crack. In this present assumption, as the number of 

Fig. 7a) and the widm of the sliding u n e  increases. Since 
a decrease of ISS leads to an increase of broken fibres 

cycles iocreases. the ISS deaeases regularly (aocading to 

fraction, the overloadin triangle at maximum applied 
fatigue stress exbibitr a continuously decrease of 
sharpness and an increase of peak stress, as fatigue 
proceeds. 

I b m a t r b c - k  t lata 

I 

Fig. 8 : Schematics of fibre stress profiles during 
unloading (left) and reloading (rigbt).(assnmption A). 

Some ~peated indentation tests suggest that the ISS 
drop very sharply alkz the first slip and remains constant 
during the subsequent loadings. Applied to our fatigue 
problem, this effect leads also to a continuously decrease 
of an effective ISS, but with asymptotic tendency to 7, 
(Fig. 7b). 
At present no more informations are available to specify 
what is the real law of the ISS deaease. Tbe m e s  on 
Fig. 7a and 7b are not very different in sbape, so we 
choose arbilmily the power law (Equ. 13) for taking into 
account the changes in ISS in a fatigue test 

4.4 Damage induced during nrst fatigue cycle 
During the first fatigue cycle, the applied stress a. 
increases from zero to the maximum imposed fatigue 
stress, s. 
Discussion about crack spacing 
V S  is lower tban the the first matrix Cracking stress 
(S<So). no matrix damage ocam during the fmt loading 
and therefore no subsequent fatigue effect may be 
observed : the specimen remains perfectly elastic. 

Above SO, there is multiple matrix cracking up to a 
certain amount &tined by an initial matrix spacing. @. 
As fatigue pmceeds (with S > So), the decrease of the 
ISS and the associated stress transfer involve that the 
remaining matrix blocks are on the whole less loaded. 
Consequently the maaix damage remaining constant 
under the Subsequmt fatigue cycles *mbe cornidered. in a 
fmt approximation (i.e. the crack spacing is only 
&pending on S). 
In real composites however, the applied load induces 
aach in the longiitudinal bundles which are not running 
over the entire cross-seaion and also other cracks in the 
non-longitudinal parts of tbe microslructure. As an 
example, for a woven architecture. in the bundles 
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orientated perpendicularly to the load direction, dassical 
fatigue effect, similar to that observed in polycrystalline 
cuamics[19l,canwtbeavoided. 

Dhcussion about fnrction of broken fibres 
This fraction increases as the applied load ina-eases. For 
the awnnption d > k. one obtains : 

(14) 
The relation between U&* and q does not depend on the 
ISS ; of course the UTS a.* is depending on it (see Equ. 
10). 
The initial fraction of broken fibres at fmt cycle, 91. is 
obtained by taking the relative fatigue stress S/u.* and 
resolving Equ. 14. If fibre. Weibull's modulus increases. 
the initial fraction of broken fibres decreases. On the 
other hand, if the. ISS deaeases. a.* deaeases and for a 
given constant value of S ,  the initial fraction of broken 
fibres increases. This feature is at the origin of the main 
fatigueeffea 
In real composites, both matrix and fibres exhibit 
scattering of failure suess and in some cases during 
loading, the region wbere fibres break overlap the zone 
where multiple matrix macking works. This was clearly 
modelled by F'&b POI for ID composite. 

4.5 Fatigue behavlour 
In this section we analyse the influence of a succession of 
loading-unloading cycles on the occurence of failure and 
on stiffnesses. 

Life-time diagram 
At fmt cycle, the initial ISS is TO and the loading up to 
S leads to the initial fraction of broken fibres 91. During 
subsequent cycles, the fraction of broken fibres increases 
(as T deereases, see Equ. 10 and 14 with U. = S ) .  The 
theoretical evolution of the fraction of broken fibres as a 
function of ISS on Fig. 9, and the corresponding lifetime 
diagram is given on Fig. 10. 
According to the level of S ,  several cases are to be 
considered: 
i) for very high S values, q changes from zero to q* 
during fmt cycle : the specimen fails at fmt  cyde at a 
Stress an* mu. 10 With T = To) ; 
U) for high S ,  q changes from q1 to q* : the specimen 
fails after a certain number of cycles (delayed fatigue 
failure). In this case the S value equals the UTS of the 
sample, given for example. by Equ. 10, with T <TO. One 
finally obtains : 

_s= I'm+' 

0.' (TO 1 (19 
and using the proposed power law for the ISS change 
(equ. 13). Ihe lbeoretical expression of the lifetime results 
in (for I S N S NF) : 

S = N h + '  
OS* (16) 

Such a lifetime law is in agreement with experimental 
measurements (see Fig. 1). 

0 

Fig. 9 : Simulated damage during fatigue. Roportion of 
broken fibres as a function of relative ISS change, for 

increasing maximum fatigue stress. (m = 6) e 

log N 
Iog-N, 

Flg. 10 : Theor@jcal lifetime diagram. 

For the scattering observed in the experimental S-N 
curve, hvomain cases  can be evoked : 
i) the variability of the basic fatigue effect from one 
specimen to another : the parameters t and 'ho appearing 
in Equ. 16 should be distributed. 
ii) the UTS under monotonic loading (given by Equ. 10 
or 12) is govmed by some distributed paramem (such 
as vf, ao, T = T o  or m). This means simply that a 
specimen having a potentially high UTS shows by 
fatigue an enhanced lifetime. 
The scattering in lifetimes observed appears to be in 
agreement with a gaussian distribution of the UTS, or 
with a gaussian distribution of the ISS namely [12]. 

Analysis of the loading-unloading loops 
From the fibre sress profile during loading and unloading 
(see Fig. 8). the stress-srrain relationship can be easily 

spacing. The theoretical hysteresis loop is symmetrical 
(parabolic laws), its width results from friction effects 
caused by the reverse slidings. In fact the loop is slightly 
open at z m  load because the effective ISS has changed a 
little since the preceding loading. An example of 
theoretical loop is given on Fig. 2b. 

In practice higher stiffnesses are commonly observed at 
low loads, by loading and unloading. This phenomenon 

e 

calculatedoverbasiclengthm~dingtomatrixaacL 
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the 1D longitudinal bundles. Finally if the multiple 
matrix cracking is fatigue sensitive, a denease of crack 
spacing, d, can be expected ; this affects the rule of EEL 
deaease but should no influence the E ~ J  stiffness. 

In short : the stiffnesses involve the entire damage in the 
specimen, the final failure involves only the bebavioor of 
the 1D longitudinal bundles. Of course in some cases 
such as a 2D composite orientated at W S o ,  this very 
simplifyiig assumption is no more. realistic. More work 
should be done for taking into account the damage 
Bccumulation in complex reinfacement architectms. 

5. INTERFACE CHARACTERIZATION 
In this section we briefly describe., particularly in the case 
of the SicIMAS-L composite, the effect of fibre radius 
both on the ISS. measured by indentation technique. and 
on the fibre pull-out length, measured after specimen 
failure in tension. 

5.1 Influence of the roughness on the ISS 
The Nica loP  Si-0-C fibre (from Nippon Carbon) is 
known to exhibit a large variation in diameter, from 
roughly 5 to more than 20 micrometers, with an average 
value close to 15 micrometers. This feature gives us a 
good opportunity for studying the interfacial 
characteristics as a function of fibre size. In addition, 
recent works clearly show that the interface roughness 
plays an important role in the frictional sliding 
mechanisms [18, 21.221. 

In the as-received material, the interface is bonded and a 
tensile thermal stress takes place. The debonding 
conditions are analyzed elsewhere 1231. After debonding 
and without external stress, the thermal expansion 
mismatch leads to a displacement, s', between the fibre 
and the matrix surfaces. given by : 

6 ' = r A a A T  (20) 
where Au =am - a f a n d A T =  T -To, with T : testing 
temperatwe and To : matrix processing (stress-free state) 
temperatlae. 
For the SiC/SiC composite (AaAT < 0). the 
displacement 6' leads in fact to a compressive dsidual 
stress ; for the SicIMAS-L composite (AaAT > 0). s' 
corresponds to a gap at the interface. 
The debonding is assumed to prduce a certain roughness 
Oftherwoaeatedsurfacesas~~byJaoeta l .  [18]. 
In these ccmditiom during post-debding sliding. a radial 
displacement of the film and ma& surfaces takes place ; 
this displacement is conmlled by the effective amplitude, 
6, of the asperities. So long as 6' < 6, the resulting 
misfit leads to a compressive radii stress given by [?A] : 

ISM=- U1 
r A  

is attributed to deMes located berwcen the crack surfaces 
which hindex the WCL closure at the end of unload. Our 
model does not take into account this feature. In these 
conditions, an analysis of the stiffnesses is more accurate. 
at the top of the loops. 

At the start of unloading, the stiffness given by the 
tangent modulus (duJd~,  for decreasing saain e. and ua= 
S) is simply the undamaged 1D composite Young's 
modulus : 

with & = 

At the end of loading, the tangent modulus (doa/& for E 

Ea= Ex f o r d > k  

%U=& (17) 
vf + E,,, v,,,, for perfect 1D composite. 

increasing and oa=S) can be Wrim as follows : 

2 v r T d q ( l + q )  ( I - q  
1 + ' s  1+114 

(W 
q is given by Equ. 4, and : 

Ea= EX for d < IC 
1+ I+rlp 

a 
tl(1-9) (1%) 

In the case of slip length overlapping (as shown on Fig. 
ab) the ends of loading and unloading curves become 
linear with a slope given by Equ. 18b. 

Experimentally. as shown on Fig. 3 for 2D woven 
composite the end-of-loading stiffness decreases mainly 
awmdhg to Equ. 17 where T decreases and p increases 
with increasing n u m b  of cycles. The in- observed 
at low n u m b  of cycles is seemingly due to the faa  that 
the new damage occuring near the maximum load is very 
i m m t  and it affects the. loading slope, because Equ. 
22 is written with the assumption that both T and q 
ranain m t a n t  over t h e d d m  of the amidemlcycle ; 
clearly this assumption is not valid for the first cycle. and 
probably also for few subsequent cycles. The higher the 
number of cycles. the smaller the new damage, hence 
after say 10 cycles this effect becomes negligible. 

In addition, a progressive deaease of the start-of-loading 
stiffness is observed on Fig. 3. This phenomenon is 
probably due to some fatigue induced damage appearing 
in other regions of the microstructure than the 1D 
longitudinal bundles, certainly induced by the stiffness 
lowering of the longitudinal bundles which induces 
higher stress in the non-longitudinal regions (the bundles 
at 90"). Despite the complicated architecture of the 2D 
woven composite, an effective modulus E m ,  associated 
with the overall stiffness of the non-longitudinal 
(transverse) part of the material which is moreover 
supposed to be non-hysteretic. can be amsidered in a rule 
of mixture : 

a 

( E ~ L  b = VL FZLO + WETO 

( ESU )m = VL& + WETN (24 
where VL and VT are the effective cross-section fractions 
respectively of the longitudinal and tranrverse parts of t6e 
composite. In these conditions, the difference ( E S U ~ D  - 
(EEL)2D remains representative of the fatigue effects in 

The interfacial sliding is assumed to follow a Coulomb 
law and the ISS can be written : 

?=-pa& (23) 
with p : coefficient of friction, considered as a constant. 



6-8 

This analysis neglects the effect of Poisson's radii 
expansion resulting from fibre compression during 
indentation test. In the cases described thereafter 
Poisson's expansion of fibre. radius remains within 10% 
of the roughness amplitude. Finally the ISS is given by 
the following exprespion : 

r = G - k A a  AT 
AI  A (24) 

Fig. 11 shows how the ISS varies theoretically as a 
function of the inverse of fibre radius. For Sic-Sic 
cumposites the interface is always in compression (Fig. 
113 ; for SiC/MAS-L, there is a given radius I* where 
the thermal induced gap just equals the roughness 
amplilude and then the ISS vanishes (Fig. llb). 

't I r \  / 

Ng. 11 : Interfacial shear stress versus Ih. 
(a) : A a  AT c 0 ; (b) : AaAT> 0 

5.2 Indentation measurements 
The sliding resistanoe is measured by using a non- 
instrumenIated miao-hardness tester flatwell) following 
the method of Marshall [=I, with an accuracy of about 
30%. The fibre to test is carefully selected with regard to 
similar arrangement of and distances from neighbouring 
fibres. Its diameter is measured and the fibre is then 
impressed. If the indent is not centend or if there is the 
least sign of fibre splitting, this measurement is rejected. 
The ISS related to sliding, r, is shown in Fig. 12 as a 
function of the inverse of fibre. radius. The ISS is seen to 
deaease in an o v e d  fashion as the fibre radius incseases. 
The observed scattering is caused by the low accuracy of 
measurement, and also by the natural variability of one 
fibre to another ; this includes variations of fibre and 
interface properties, and differem in the neighbourhood 
of each tested fibre as well. Some dots on Fig. 12 
(corresponding to about 10% of the retained tests) stand 
well aside the main trend and c o n m  mainly fibres of 
more than 20 micrometers diameter. This may be due to 
more pronounced irregularities in the fibre geometry such 
as sharper changes of the fibre diameter or the cross- 
section shape along fibre axis. Nevertheless the general 
trend of ISS change is in very good agreement with Equ. 
24 @g. llb). By taking vf = 0, E, = 75 GPa, = 200 
GPa, Aa = - 2 T1 and To = 1300 'C. we obtain, 
with I* = 20 pm, a roughness amplitude of S = 46 nm, 
for the material studied. The slope of the best fit line 
leads to a coefficient of friction : p = 0.042. 

I - 0  u-0 
& 

0,04 0.08 0,12 0.18 
Inverse of fibre radius ( pn) 

Fig. 12 : SicIMAS-L. ISS versus lh. 

5.3 Pull-out length analysis 
In the c ~ s e  of a single matrix crack (n with large distance 
between them), the pull-out length was analyzed by 

unidirectional composite (or a 0" ply in a laminate ?D Thouless and Evans [151 and by Sutcu [26]. 

without longitudinal discontinuities (woven clothes, 
macropom, ...I exhibits a saturation state in the multiple 
matrix cracking process ; this assumption is Wen for the 
SLUMAS-L material. In this case, the pull-out length 
was analyzed in details by Curtin [27l; the average pull- 
out length is then given by : 

d.9 = B (LYm+' 
T (U) 

with 

B = 1 <ufu>m/m+l ~ ~ l l m + l  m2 lllltl 
4 l-tm+1)[4 m )Idm+' 

where cufu> is the average fibre strength an 4 the gauge 
length for measuring it ; r(y) is the gamma function and 
m the fibre WeibuLl's modulus. Knowing tbat the ISS is 
also depending on the. fibre radius, we obtain fmally : 

= r = @ - EAa AT 

(2a) a AI  A 

The left hand side term is obtained from Equ. 25 and the 
right hand side is simply the Equ. 24. 
As a result, the average pull-out length is fibre radius 
depending as well. 

5.4 Measurement of pull-out length 
Tensile specimens of the cross-plied SiCMAS-L 
composite were tested with an hydraulic MTS 810 
machine. The failure was obtained bymonotonic W i g .  
either directly or after a great number of fatigue cycles (ii 
the case described here the fatigue conditions are : 
320,000 cycles with S = 0.66 u.*). 
Afterwards the fracture surfaces are observed by optical 
minoscopy. For each fibre, the diameter (2) and the pull- 
out length (Lp) are measured. These measurements are 
only possible on the outer zone of the outer 0" plies of 
the laminate. In these regions the thermal constraints due 
to the 90" plies are less effective. The number of 
measurements is sufficient for a valuable analysis for the 
fibm having a diameter between 10 and 20 pm. 



The average lull-out length 4 p >  is calcul;ued for each 
classoffibredii, which aredefinedby the median radius 
plus and minus 0.25 pm. Typical results are given on 
Fig. 13 ;on this figure are. only taken IIE averages of at 
least 20 tihres in each class. 

rddius bearmes larger. But the fatigued spechen exhibits 
overall higher pull-out length. Hence. the fatigue cycling 
leads to a significant increase. of the pull-out length 
which canbe only explainmiby a decrease of the ISS. 
Fig. 14 shows, as a function of lh, thc ISS calculated by 
using the left hand pan of mu. 26 (by taking also a fibre 
strenth of 15oO MPaand m = 4). As we can see, the ISS 
chanp are in gond agreement with the right hand pan of 
Equ. 26. 

3s ’ nonfatigued 
E 

one can seem tbepuu-out length increaseJ as the fib 

3 

+ fatigued Y 

1 - 1 - 1 - 1 .  

10 11 
= 0  

6 7 8 9 
Fibre radius ( pn) 

Flg. 13 : SiC/MAS-L. 
Pull-out length versus fibre radius. 

0.05 0.10 0,15 0.20 
Inverse d fbre tadius ( pn) 

Fig. 14 : Interfacial shear svesS versus I/r. 

Some parameters in the term B (Equ. 25) are not clearly 
quantitied and therefore it is diffiiult to conclude about 
the absolute values of the obtained ISS. Nevertheless the 
straight lines on Fig. 14 exhibit Seemingly the .same 
ordinate at the origin and therefore the Lower slope for the 
fatigued case. indicates a decrease of the amplitude of the 
mughness. This result is in very good agreanent with the 
idea of an interfacial wear due to the see-saw sliding 
during fatigue. Of course more work must he. done in 
order to analyze more accurately the real wear 
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phenomenon and to describe. better the law of ISS 
decrease, which is only expected on Fig. 7. 

CONCLUSION 
Fatigue test in tension-tension at room temperature. on 
2D woven Sic-Sic composites revealed several main 
features: 

i) Tbe apparent fatigue. limit is situated well beyond the 
pmporlional limit observed during tensile test. 

U) For fatigue tests conducted with a maximum imposed 
stress between the ploportional and fatigue limit, the 
tangent moduli at the end-of-loading and at the start-of- 
unloading decrease @uaUy. Afw a given number of 
cycles, the diffmffi between them stabilizes indicating 
stabilization of damage and test runs out without failure. 

iii) For test performed beyond the fatigue limit, the 
stiffnesses evolve in a similar fashion as before, but 
failure occurs before the stabilizatim stage. 

A micromechanical model descsibmg the mechanisms 
which are. at the origin of fatigue effect in the case. of 1D 
composite is proposed. It is based on the continuously 
decrease of the interfacial shear stress. resulting fmm 
interfacial wear due to the see-saw slidmgs near the 
matrix cracks. As interfacial shear stress derreases, the 
fraction of broken fibres increases up to a critical 
instability value. which determines the failure of the 
specimen. 
The interfacial shear stress decreases fmm a given initial 
value to a non-zero limiting value. Depending on the 
damage i n d u c e d  by the first loading, two situation can 
be considered : if this limiting value is reached before 
instability condition is fulfilled, the accumulation of 
bmkenfi~stopandthemechanicaIpropefiiesbecrme 
stabilized : if the critical fraction of bmken fibres is 
reached before this stabilization takes place, the specimen 
fails. 

The analysis presented here gives wme analytical 
expressions of the lifetime diagram and of the tangent 
moduli of the stress-sbain loops. 

For 2D composites and other complex reinforcement 
architectures, sme additional fatigue effects are. expected 
to occur in the transverse regions of the material, 
modifying the rule of stiffness reduction as a function of 
number of cycles. 

Finally the analysis of ISS measured by indentation 
method and evaluated fmm fibre pull-out length, shows 
clearly that Mgue cylmg induces a decreape of the ISS, 
probably in connection with a decrease of the roughness 
of the asperiks at the sliding interfacial surfaces. 
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1. SUMMARY 

This paper deals with rupture and 
creep behavior of CMCS. The influence 
of the specimen geometry and size on 
the R-curve behavior for two types of 
SiC/C/SiC composite materials were 
investigated.The experimental results 
obtained using in-situ matrix crack 
lengths indicate that the shape of 
the resistance curve depends essen- 
tially on the predominant toughning 
mechanism (extensive matrix micro- 
cracking or fiber-matrix debonding) 
whereas the frontal process zone size 
is the same for both types of mate- 
rials. KR-Aa curves of SENB and small 
CT specimens rise as a consequence of 
the ligament which cannot contain the 
fully developped frontal process 
zone. Using large CT specimens, a 
minimum ligament size necessary to 
contain the frontal process zone and 
thus a K -Aa behavior free of struc- 
ture size is observed. 
Creep results obtained using three 
point bending tests are also presen- 
ted for these materials and for SiC- 
MLAS materials, 

R 

2. INTRODUCTION 

Continuous ceramic fiber-reinforced 
ceramic matrix composites (CMCs) are 
a category of structural materials 
which is favourably considered regar- 
ding the sustained efforts devoted to 
it. The reasons for  that are their 
potential capabilities and the re- 
sults more than encouraging obtained 
during these last few years. The 
potentialities are those of ceramic 

materials, i.e. low density and che- 
mical inertness associated with a 
unique capability in the retention of 
strength at high temperature, plus 
the possibility to provide multi- 
directional reinforcement. Two steps 
are to be distinguished regarding the 
progress in the mastery of these 
materials : the elaboration and the 
mechanical characterization. The main 
results in the control of the elabo- 
ration processes indicate that effi- 
cient CMCS are obtained when the 
fiber-matrix bonding is weak enough. 
This is obtained when partial debon- 
ding occurs on cooling the materials 
from the elaboration temperature (for 
interphases subject to residual ten- 
sion), or through the use of an in- 
terphase material ( 1 , Z ) .  In such 
materials, the fracture energy is 
increased over the sum of the surface 
energies of the constituants by mean 
of interacting toughning mechanisms. 
The most important of them are: (i) 
the 'development of a non-linear pro- 
cess zone at the tip of the macrosco- 
pic crack (where matrix cracking and 
fiber-matrix debonding prevail) ; 
(ii) the shielding- of the growing 
macrocrack tip by the intact fibers 
bridging the cracks walls in the 
wake; (iii) sliding and pull-out of 
the broken fibers from the matrix 
(governed by the frictional characte- 
ristics of the debonded interface). 
The reasons of the outstanding pro- 
gress in the characterization of CMCs 
are twofold. On the one hand, it 
results from the various and recent 
experimental methods developped to 
assess the microstructural parameters 
which govern these mechanisms ( 3 - 6 )  
and from the analytical approa- 

Presented at an AGAR13 Workshop entitled 'Introduction of Ceramics into Aerospace Structural Composites; April, 1993. 
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ches proposed for modelling their 
effects (7-10). On the second hand, 
the progress in the mechanical cha- 
racterization of CMCs follows from 
the extension of linear elastic frac- 
ture mechanics (LEFM) concepts to 
assess non-linear fracture toughness 
parameters, namely the R-curve beha- 
vior (11-15). Meanwhile, only few 
investigations deal with the effects 
of the specimen size and geometry on 
the fracture toughness of CMCs (161, 
although these enquiries had been 
encountered for heterogeneous mate- 
rials such as concrete, mortar and 
rock (17,181. For CMCs the dependence 
of fracture toughness parameters on 
specimen size follows from the limi- 
ted dimensions of laboratory test 
pieces comparatively to the extent 
of the process zone (frontal process 
zone and bridging zone). The specimen 
geometry and the loading configura- 
tion affect the fracture parameters 
since they determine the effective 
mode of crack surface displacement. 
Very few works concern the creep 
behavior of CMCs, although creep 
results are very important as it 
informs on life-time and strain-time 
evolution for and arbitrary loading. 
One can only quote the investigations 
on 2D SiC/C/SiC (191, 1D SiC-Si3N4 
(201, 1D or 2D SiC-1723 (211, 2D 
A1203-SiC (22) and 1D SiC-MLAS (23). 

The purpose of the present study was 
to examine the effects of the speci- 
men size and geometry on the R-Curve 
behavior for two types of SiC/C/SiC 
composite materials different by the 
fiber-matrix bonding. To accomplish 
this, in-situ matrix crack lengths 
were used for SENB and CT specimens 
with different relative notch 
lengths (24). Comparative investiga- 
tion on the creep behavior of 
SiC/C/SiC and SiC-MLAS composites are 
also presented. 

3. MATERIALS AND METHODS 

3.1. Materials 

The materials under study are two 
different types of 20 SiC/C/SiC com- 
posites elaborated by the Societe 
Europeenne de Propulsion, Etablisse- 

ment de Bordeaux. The reinforcement 
consists in a stack of equilibrated 
bidirectional woven cloths of Nicalon 
fibers (NLM 202 cframic grade type of 
ultimate strain c =1%; Young’s modu- r 
lus Ef-200 GPa; 40 Vol. % I .  Prior to 
the deposit of the matrix, this fi- 
brous architecture was coated with a 
thin layer of pyrocarbon (the inter- 
phase material,- 0.1 pm thick). 

Both the pyrocarbon and the @-Sic 
ceramic matrix (of ultimate strain 
and Young’s modulus cm y 0.035 % and 
E = 350GPa, respectivgly) were obtai- 
ned using an isothermal-isobaric 
chemical vapor infiltration process 
(25). The remaining porosity is 10 to 
15 Vol. % and the final den3ity of 
the materials is d N- 2.5 g/cm . Mor- 
phological and physical properties of 
these materials have been extensively 
reported (26-29). The difference 
between the two types of the compo- 
sites (termed type A and type B) lies 
in the texture of the interphase 
(30). A1 though the interphase mate- 
rial and the matrix are the same for 
both types, in type B materials the 
surface of the fibers had been pre- 
treated prior to the deposit of the 
pyrocarbon. Hence type B materials 
show a more efficient load transfer 
capability from the fibers on the 
matrix, the ultimate strain is higher 
than 0.40 % whereas type A materials 

E N- 0.20 %. For both types of 
possess an ultimate strain 

rials the longitudinal Young’s modu- 
lus is E = 230 GPa. Typical uniaxial 

m 

mate- 0 
C 

tensile loading curves are shown in 
Fig. 1. 

The SiC-MLAS materials elaborated 
by Aerospatiale, Etablissement de 
Bordeaux, consist in a unidirection- 
nal arrangement of Sic Nicalon fibers 
(32 vol.%) embedded in a MLAS matrix 
obtained by a sol-gel route. Physical 
properties of these materials include 
a density of 2.47 g/cm3, a Young’s 
modulus of 127 GPa and a 4 point 
bending strength of 800 MPa. 
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0 0.25 0.50 0.75 
E (9) 

Fig. 1 : Behavior of the two types of 
materials under uniaxial tensile 
1 oading . 

3.2. Specimens and mechanical tests 

@The dimensions of the three point 
bending tegt specimens were 
lOOxlOx3.5 mm and 10OxlOx2.9 nun3 for 
types A and B materials, respectively 
(span L = 90 nun and width W = 10 nun). 
The bending tests were displacement 
controlled with a cross-head speed 
v = 10 @min. 
T 

Two sizes of geometrically similar 
compact tension specimens in accor- 
dance with the specifications of ASTM 
Standarts E399-74 were tested (W = 20 
and 40 nun, B=3 mm) and the displace- 
ment of the loading point was measu- 
red using a linear variable differen- 
tial transducer connected between the 
loading axes. For both types of spe- 
cimens,. one large surface was finely 
polished using different grades of 
diamond paste and the notch plane was 
machined in the edge-wise direction. 
The relative notch depth was changed 
from 0.1 to 0.4 for the SENB speci- 
mens and from 0.2 to 0 . 5  for the CT 
specimens. All the tests were run on 
an electromechanical testing machine 
(Schenck RMC) equiped with a 100 KN 
load cell. 

Creep tests were performed in three- 
point bendingl (20x5~2 nun3), under 
vacuum (- 10- torr) in a Sesame 
opening furnace in the 1173-1673K 
temperature range. The furnace is 
machine. Push rods were in tungsten 

with knives in TIC (0  = 5 nun). Dis- 
placement was measured on the exter- 
nal part of the device using several 
linear variable differential transdu- 
cers (with an accuracy better than 1 
pn). All tests were performed at 
constant stress in the 25-450 MPa 
domain. 
3.3. Crack length measurements 

3.3.1. In-situ matrix crack length 
measurement on the polished 
surf ace 

In-situ crack length measurements 
were performed by monotoring the 
matrix crack tip position on the 
polished surface of the specimen 
during the test (31). The experimen- 
tal setup consists in an optical 
microscope connected to' a stage mo- 
ving in a vertical plane parallel to 
the surface of the specimen. A camera 
was used for photographs; a video 
camera, a monitor and a magnetoscope 
could also be connected to the basic 
set for records. 

3.3.2. Post-mortem crack length measu- 
rement on the surfaces of 
rupture 

For each type of specimen and for 
each type of materials, identical 
specimens (same relative notch 
length, aoM) were loaded at dif- 
ferent levels Pi and then unloaded, 
and loaded again until the reloading 
loop meets the preceding unloading 
loop. Then a hot sealing wax was 
pourred in the notch root in the aim 
to mark the crack walls. This opera- 
tion was repeted a few times. The 
crack growth increment Aa is defined 
as the mean value measured on the 
front of the wax. The local com- 
pliance value, Ci(and the permanent 
displacement Ahi) associated to Piand 
Aai, was measured as the tangent line 
to the reloading loop passing through 
the unloading point (32). Because of 
the non-elastic fracture behavior, 
the local compliance Ci is different 
from the compliance Ci when no resi- 
dual displacement is present. 

1 
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3. Data reduction 

The crack growth resistance curves 
were worked out either in the form of 
the potential energy dissipation per 
unit area of fractured surface, R, or 
in the form of the stress intensity- 
derived toughness parameter, . The 
modified potential energy release 
rate R is presented as the sum of a 
pseudo-linear elastic term GR1 and a 
component GR2 including dissipation 
energies at the crack tip and in the 
wake regions (12,151 : 

KR 

P2 dC 
2B da GR1 = - - 

P dAh 
B da GR2 = - - 

R = GR1 + GR2 (3) 

The analytical expression used for KR 
is the general one for isotropic 
elastic specimens : 

KR = Q Y G  (4) 

For SENB specimens Q is the maximum 
tensile stress applied in the beam 
corresponding to the current crack 
length a, and Y is a factor expressed 
as a function of the relative notch 
depth a = ao/W : 

For CT specimens, the analytical 
expression used for KR is : 

where Y is the polynomial proposed by 
Srawley (33) : 

4. RESULTS 
4.1. Loading curves and in-situ matrix 

crack lengths 

4‘. 1.1. SENB specimens 

Figure 2a shows a monotonic loading 
curve, the associated in-situ matrix 
crack lengths and the crack lengths 
measured on the surfaces of rupture 
of identical specimens pre-stressed 
at different load levels as function 
of the displacement, for type A mate- 
rials. A subcritical crack is obser- 
ved on the surface of the specimen 
whereas no wax front is noted until 
the maximum load value is reached. 
From Pmax onwards, the in-situ matrix 
crack length is identical to the one 
obtained using the wax. Type B mate- 
rials behave totally different : two 
or more subcritical cracks develop 
from the notch root which are further 
connected by microcracks parallel to 
the loading axis. The macroscopic 
crack reflects the successive frac- 
tures of fiber bundles and is not 
fully controlled (Fig. 2b). So, both 
preceding methods for macroscopic 
crack length measurement fail. But as 
all the compliance lines (as defined 
above) meet at the origin 0 (O,O), we 
shall consider that type B materials 
behave linear elastic. Then for the 
SENB specimens of the type B mate- 
rials, the crack length a is taken to 
be the equivalent crack which gives 
the same reloading compliance. The 
iterative expression derived from a 0 
Y(a/W) polynomial proposed by Wilson 
(34) is used to calculate crack 
growth increments (31,35,36). 

0 

* * 
U-a C - C 

(8) n-1 n * 
C 2 Aa= a -a = 

n n-1  
n 

Y = ( (2+a) / (l-a)3’2) (0.886+4,64a- 
13.32~~ + 14.72~~ - 5.6a4) (7) 
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Fig. 2 : (a) Correlation of the mono- 
tonic loading curve (---) to the 
in-situ matrix crack lengths ( 0 )  and 
the crack lengths obtained using a 
wax (01 for SENB specimens of type A 
materials; b) loading-unloading curve 
for SENB specimen of type B mate- 
rials. 

4.1.2. Compact Tension specimens 

The monotonic loading curves of fi- 
gures 3a and 3b are relative to a 
small size specimen (W = 20 mm) and a 
large specimen (W = 40m) of type A 
materials, respectively. The correla- 
tions of these loading curves with 
the macroscopic matrix crack growth 
show that damaging initiates in the 
earlier stage of the loading sequen- 
ce, within the zone of apparent li- 
near elastic behavior. 

Sic-Sic CT 25.244 mrn3 oD/W=0.3 
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E 

15 & 
10 8 

5 

0 
0 

Fig. 3 : Monotonic loading curves 
(-1 and associated in-situ matrix 
crack lengths for small (a) and large 
(b) specimens of type A materials. 

4.2. Modelling the matrix crack 

Usual compliance C , and local va- 
lues, C (defined above), are. presen- 
ted in figure 4 as function of the 
matrix crack growth, Aa, for large 
compact tension specimens of type A 
materials. As the crack grows, the 
size of the bridging zone extends and 
for a given frack length value, the 
difference C (a) - C(a) is linked to 
the importance of the bridging of the 
matrix crack by the fibers (37). Fig. 
5 presents a schematic of the matrix 
crack in a unidirectional composite 
material (35). The usual compliance 
C is related to the portion a of 

the matrix crack where the crack 
walls are traction free a = (a)+(b) 

* 

* 
n 

n 
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(Fig. 5 )  and its i rement is given 
by expression ( 8 ) .  The portion where 
the matrix is fractured but the fi- 
bers remain intact or are broken but 
can undergo sliding in the matrix 
seath is the bridged region 
a = (c) + (d) (Fig. 5 )  which extent 
is evaluated by (38) : 

,., 

n 

where (U - a) is the remaining liga- 
ment ; h and Ah are the total and 
residual displacements, respectively. 

The matrix crack length is then : 

(10) 

* *  
n U-a C -C c* - c 

2 - + ( U  - a )  n * n-1 n n-1 n 

P P 
b 
n 

L 
n 

SIC-Sic CT 50048.3 mm3 
4 Y 

0 10 20 30 40 

a(mm> 

Fig. 4 : Illustration of the impor 
tance of the bridging effect by the 
differences betyeen the local com- 
pliance C and C for large CT speci- 
mens of type A materials. 

I G.NAVARRE-1989 

b C 
12-44 I 

Fig. 5 : Schematic of a propagating 
crack in a unidirectional composite 
material : (ao) is the notch; (b) 
crack mouths are traction free; 
crack months are bridged by broken 
fibers; (d) matrix crack is bridged 
by intact fibers; (e) intact remai- 
ning ligament and frontal process 
zone. 

(c) 

For both types of specimens of type A 
materials, the crack lengths gained 
from expression (10) are shown to 
provide a fair description of the 
in-situ matrix crack lengths (Fig. 6a 
and 6b). 

2t  
7. 0 TADA et a1 

B 0 model 

SIC-SIC 
100*10+3.5 mm3 

Oo/w=0.4 A 

0 20 40 SO 80 
C* (*1E-7 m/N) 
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Fig. 6 : Intercomparison of experi- 
mental crack lengths for type A mate- 
rials and results obtained from mo- 
dels : (a) experimental values are 
obtained using a wax; (b) experimen- 
tal values are in-situ matrix crack 
1 eng ths . 
4.3. Crack growth resistance curves 

4.3.1. SENB specimens 

The non-linear fracture parameters R, 
GRl and the GR2 are shown in Fig. 7a 
as function of the matrix crack 
length for type A materialsi Starting 
from a low value (a 200 'J/m 1, the 
resistance curve R increases slowly 
first in the domain of subcritical 
crack growth and then rises as the 
macroscopic crack extends toward the 
opposite side of the specimen. The 
quasi-elastic component GR1 remains 
verx low with a plateau value of 630 
J/m during quasi-static crack pro- 
pagation. In figure 7a the linear 
elastic energy release rate GR is 

shown to be a fair estimation of the 
resistance R. The effects of the 
specimen thickness B and the relative 
notch length ao/W on the resistance 
curve are shown in figure 7b. The 
influences of the crack bridging and 
the remaining ligament size on the 
resistance values appear clearly when 
intercomparing these curves. 

* 

A 

A GR1 
0 GR2 
O R  
o GR* D 

28 

0 0  10 
0 E=2.9 mm, aO/W=0.4 0 

8 0 B=3.1 mm, ag/W=O.l El .* cu^ 
E B=3.5 mm, ag/W=0.4 

> 6  

4 

2 

0 

Y 

E 
v 

0 2 4 6 
a (mm) 

0 

Fig. 7: (a) Non-linear fracture para- 
meters R, GR1, GR2 and linear elastic 
energy release rate GR as function 
of the matrix crack length, for a 
SENB specimen of type A material; (b) 
influence of the specimen thickness 
and of the relative notch length on 
the resistance curve. 

* 

Figure 8 shows the incremental work 
of fracture as a function of the 
effective crack length for a specimen 
of type B materials. The linear- 
elastic energy release rate reaches a 
saturation value of 15 kJ/m2 after a 
subcritical crack growth of 2 mm. The 
K -curve rises from an initiation 
value Kln A. 8 to 13 MPaG up to a 
plateau-like value of 40 MPaG for 
both monotonic loading and loading- 
unloading conditions (Fig. 9 ) .  

R 
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Fig. 8 : Incremental work of fracture 
as function of the effective crack 
length fo r  a SENB specimen of type B 
materials. The dash line represents 
the loading curve. 
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Fig. 9 : K -a curve for a SENB spe- 
cimen of type B materials. 

R 

4.3.2.  CT specimens 

The linear elastic energy release 
rate G* and the energy release rate 
when non-linear fracture mechanisms 
exist, R, are shown in figure 10a for 
type A materials. Both parameters 
increase continuously with the matrix 
crack length as we pointed it out for 
SENB specimens. At the opposite, the 
R curve of the large specimens of 
type A materials clearly exhibit a 
maximum value when the relative notch 
depth ao/W is less than 0 . 5  (Fig. 
lob) but the quasi-elastic component 
GR1 still remains at a low level. 
This behavior of the resistance curve 
is also observed fo r  the elastic 

R 

ut 
energy release rate GR of small spe- 
cimens of type B materials whatever 
the notch depth (Fig. lla). The maxi- 
mum values reached depend strongly on 
the relative notch iength. A t  the 
contrary, the GR curve of a large 
specimen with a relative notch depth 
ao/W = 0.2 exhibits a steady state 
level of 23 kJ/m2 by a crack exten- 
sion Aa t~ 12mm, (Fig. llb). The 
K -curves of the small specimens of 
type A materials s p  at the same 
initiation value KR = 4 .5  MPa hi and 
increase with a parabolic shape, 
whatever the initial notch depth 
(Fig. 12al. 

* 

R 

SIC-SIC CT 2502403 mrn3 a0/w=0.3 

l:; 

ut 
Fig. 10 : R and GR as function of 
the matrix crack length for (a) small 
and (b) large CT specimens of type A 
materials. 



8-9 

30 - 
iu^ 
E > 20- ,  
Y 
v c 
E 

10- 
(3 

Sic-SIC CT 2552453 mm3 er b 0 . A  

200 

- 150 

3 0 

a 100 
I 
U 

cc 
50 

0 

Sic-Sic C.7 50*48*3 mm3 aO/W=0.2 
40 > I 

er ) 0.4% 

0 

0 5 10 15 20 25 30 

Aa(mm) 

Fig. 11 : Linear elastic energy re- 
lease rate for type B materials :(a) 
small size CT specimens; (b) large CT 
specimen. 

The resistance curves associated to 
the large specimens with relative 
notch length ao/W 2 0.5 behave simi- 
larly but start from an initiation 
value Kin = 3.5 MPa& (Fig. 12b). The 
reduction of the relative notch 
length (ao/W = 0.3 to 0.4) results in 
a totally different behavior of the 
K -curve, but the initiation value is 
unchanged. 

R 

R .  

Sic-SIC CT 25.244 mm3 

0 a@=0.3. n.25 

0 a@-0.4. 11.14 

a@-0.5. n.5 

_ _  
50*48+3 mm3 
0 a@=O.3 n.4 

0 a 

B 

12 16 20 24 28 32 36 

a (mm> 
D 

Fig. 12~: K -a curves for type A 

materials: (a) smal and (b) large CT 
specimens. 

R 

For small specimens of type B mate- 
rials, the K curves behave similar 
to those of indentical specimens of 
type A materials but the initiation 
value is much higher (Kin = 7 to 8.5 

R 

R 

ma& as a consequence of a less 
weak f iber-matrix bonding (Fig. 13a). 
An increase in the size of the speci- 
men results in a K -Aa curve which 
increases up to a plateau value of 67 
MPaG and then rises (Fig. 13b). 

R 
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Fig. 13 : KR-Aa curves for type B 
materials (a) small and (b) large CT 
specimen. 

4.4. Creep results 

The analysi? of the steady-state 
creep rate, e ,  as a function of the 
applied stress, c, indicates that in 
both cases several mechanisms arise 
depending on stress and temperature 
(Fig. 14) (19,39,40) 

In the case of SiC/C/SiC, thanks to 
A1N marks (411, and then to an accu- 
rate localisation of the neutral 
axis, a deconvolution method has been 
proposed. From bending tests the 
curves of creep rate as a function of 
stress in tension and in compression 
have then been deduced. The obtained 
threshold stress values at 1473 and 
1573K are of the same order of magni- 
tude than that obtained experimen- 
tally during short time tests in 

tension (respectively 80 and 60 MPa). 
The stress exponent lies between 1.4 
and 2 for low stress values respec- 
tively at 1473 and 1573K, and 5.6 and 
3.2 for 1473 and 1573K at high 
stresses. 

.U 
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SiCf-SiC 

2D. B.V 

1373~ 

I I 
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5 

5 IO-' 

10" r , . . . I . . . . 
/ 

I 
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Fig.14 : Chavge in the steady-state 
creep rate, e ,  as a function of the 
applied stress, e, for 2D Sic-Sic and 
1D Sic-MAS tested in three point 
bending at different temperatures, 
under vacuum. 

In the transitory and stationnary 
stages there exists a damaging zone 
with decohesion and microcracking. 
Its evolution has been modelled from 
the stress relaxation associated to 
the transitory stage, confirming the 
existence of the stationnary stage. 

The origin of the change in stress 
levels on the fibers and the inter- 
faces during the transitory stage is 
due to the fiber creep from 1373K and 
to the fiber recrystallisation over 
1473K. 



During the transitory and stationnary proposed : it comes down to a supple- 
stages the damaging zone exists over mentary deformation which is to add 
a threshold stress value of which the to that obtained during the transl- 
change has been correlated to the tory stage. Then one considers that 
measurements of interfacial shear parallel microcracking is linked to 
stress, 7 by push-in method (391. stress concentration arising at the 

Taking into account the value of the 5. DI-I~ 
damaging zone preceding the beginning 
Of the in lntrodu- 5.1. Matrix crack, midging zone mize clng a parameter of continuum damaged 

interf ace. I *  

mechanics, D, it has been possible-to 
describe the tertiary stage and then 
the lifetime of this CMC from a dama- 
ging parameter, D, (from the 
Kachanov's analysis). 

In the case of SIC-Mus materials, 
the transitory stage has been model- 
led by a Zener cell (spring parallel 
to a Maxwell element) which takes 
into consideration the elastic beha- 
vior of the fibers and the vlsco- 
elastic behavior of the matrix (421. 

As one can see on figure 14 in the 
stationnary state, three domains 
appear with lower values of n than 
for SlC/C/SlC. To each domain of 
stress exponent a certain damaging 
feature was observed in the tensile 
zone of the specimens (43,441 : 

- low temperatures and low stresses : 
n = 0.3-0.4, with a damaging by 
decohesion and matrix microcracking 
parallely to the fibers, 

0 - low temperatures and high stresses: 
n = 1.4. with a damaging by decohe- 
sion and matrix microcracking pa- 
rallely and perpendicularly to the 
fibers, 

- high temperatures : n = 1.0, no 
damaging by microcracking is obser- 
ved during the stationnary stage ; 
the deformation of the composite is 
governed by the viscous flow of the 
vitroceramic matrix and the creep 
of the SIC fiber. 

0 

To explain the mechanisms responsible 
for the deformation for the two do- 
mains at low temperatures (~0.3-0.4 
and = 1.41 the hypothesis of a weak 
fiber/matrlx interfacial cohesion is 

The combination of the in-situ matrix 
crack measurement using an optical 
microscope with the dye penetrant 
technique provides reliable natural 
crack length values in fibrous compo- 
site materials. Earlier lnvestlga- 
tlons used directly optical crack 
length values measured on the surface 
of the specimen, (12,451, but yith 
our SlC/C/SlC materials with E.<E it 
was worth to verify that the surface 
crack lengths were identical to the 
values measured on the surfaces of 
rupture. Moreover, this method 1s 
much more easy to implement than the 
one which consists in a drilling-hole 
in the specimen (461. 

The interest in utilizing matrix 
cracks rather than effective cracks 
for the calculation of resistance 
curves is manifest when recalling 
that these materials are destined for 
high temperature applications. Then 
matrix fracture signifies the onset 
of permanent damage, the loss of 
protection provided by the matrix 
against corrosion and oxidation of 
the fibers. 

r r  

The importance of the bridging zone 
size, represented by the difference 
between the matrix crack length and 
the value calculated using expression 
(81, is shown in figure 15 as func- 
tion of the crack extension for a 
large CT specimen of type A mate- 
rials. A steady state value of the 
bridging zone size is not observed 
even after a crack growth increment 
of 20 mm. Depending on the saw-cut 
notch length, the bridging zone size 
increases to 7.3 mm for a /W = 0.3 or 

0 
0.4 and 6.2 mm for ao/W = 0.5, and 



8-12 

then decreases. These maximum values 
correspond to crack growth increments 
Aa = 14, 10 and 8 mm respectively, 
that means a total crack length 
a = 26 mm (from a = 12 and 16 mm) 
and a = 28 mm (from a. = 20 mm). The 
decrease can be explained by the 
progressive fracture of the fibers 
located near the notch tip due to 
bending as the crack enters in the 
compressive zone of the remaining 
ligament. 

0 

SIC-SIC CT 5~.4cdrnrn3 
15,  I 

U 104 

Matrix crack size (rnrn) 

Fig. 15 : Variation of the bridging 
zone size as a function of the matrix 
crack size for large specimens of 
type A materials. 

5.2. Resistance curves and frontal 
process zone size 

9 
The resistance curves R-Aa, GR -Aa 
and K -Aa for type B materials have 
been calculated assuming a linear 
elastic behavior because the reloa- 
ding compliances met at the origin 
point. This behavior is confered by a 
relatively strong fiber-matrix bon- 
ding which induces an intense micro- 
cracking of the brittle matrix as a 
consequence of a good load transfer 
from the fibers on the matrix (Fig. 
16al. As the fiber-matrix debonding 
is not favoured, very short pull-out 
lengths are observed on the surfaces 
of rupture and the fracture in the 
brittle matrix around the fibers is 
not fully brittle (Fig. 16b). More- 
over, the application of thf,21rwin’s 
relationship KR = (E’G:) when 
using the,steady state values of the 
KR-Aa and GR-Aa curves (67 MPa& and 

R 

23 kJ/m2, respectively) gives E’ =195 
GPa which is consistent with the 
longitudinal Young’s modulus E = 230 
GPa. This testifies the linear elas- 
tic behavior of type B materials 
which is highly damage tolerant (471. 

C 

I r 
c 

Fig. 16 : (a) 
of the brittle SIC matrix; (b) short 
pull-out lengths and weavy fractures 
on the surfaces of rupture of type B 
materials. 

From a notch depth a. = 8 mm, the 
K -Aa curve of figure 13b starts 
rlsing by a crack growth Aa = 16 mm. 
This corresponds to the interaction 
of the frontal process zone with the 
compression zone of the ligament or 
with the opposite side of the speci- 
men. The maximum size of the frontal 
process zone along the direction 
of crack propagation is then U = 
(a +Aa) = 16 mm, which is consistent 

with the remaining ligament size when 
the bridging zone size starts decrea- 

Intense mlcrocracking 

R 

0 
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sing for type A materials. Hence, the 
continuous increase in the resistance 
curves of the SENB Specimens of type 
A materials and the small CT speci- 
mens of both types of materials means 
that the ligaments (W-ao) were too 
narrow for the frontal process zone 
to develop fully (9). 

The effect of the frontal process 
zone size relatively to the ligament 
width on the behavior of the resis- 
tance curve is illustrated in figure 
17 where the I(,-curves of the two 
sizes of CT specimens of type A mate- 
rials are compared. Different domains 
are apparent, depending on the speci- 
men size : 

h 

I1:L Y 0 

0 

A 
P 

5 10 15 10 25 ?A 

Aa(mrn) 

SIC-SK: CT f l -a .4  

PI 
Y 

Fig. 17 : Comparison of the KR-Aa 
resistance curves for a small and 
large CT specimen notched at ao/W4.3 

- in domain I (Aa < 4mm) the KR 
values are identical for both 
sizes of specimen; this corres- 
ponds to the creation of a fron- 
tal process zone, 

- domain I1 is observed only for 
large Specimens. It is characte- 
rized by a full development of 
the frontal process zone size 
which propagates continuously 
within the ligament. Meanwhile, 
the matrix crack is bridged by 
the fibers and the size of this 
bridging zone has not reached a 
steady-state value. In domains I 
and I1 the K, curves behave like 
a, as far as the frontal process 
zone is totally contained within 
the remaining ligament, 

- domain I11 is characterized by a 
parabolic behavior of the 
KR-curve. For the small specimens 
this behavior is related to the 
wedge of the frontal process zone 
before it reaches a steady state 
size (insufficient size of the 
remaining ligament) while the 
matrix crack is bridged by the 
fibers and damage continues gro- 
wing. Large specimens behave 
similarly as the frontal process 
zone stumbles over the compres- 
sion zone of the ligament or the 
opposite side of the specimen. 
Figures 18 show an example of the 
surface of rupture of a CT speci- 
men of type A materials. 

Fig. 18 : Long pull out lengths (a) and a o M  = 0.4 (b) . The diffe- 
rent domains of behavior are depic- observed on the surfaces of rupture 
ted : of a CT specimen of type A materials. 
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Again. the change in the behavior of 
the KR-curves from domain I1 to 
domain I11 corresponds to a remaining 
ligament size of €6 mm. Meanwhile, 
this value has to be confirmed using 
larger specimens, i.e. W > 40 mm. In 
fact, for the same materials and 
using the data reduction formula (61, 
the results obtained by Conchln et 
al. (361 give an estimate of the 
frontal process zone size of 4 mm, 
whlch is low compared to the values 
discussed above. The discrepancy 
should be attributed to the methods 
used for crack lengths measurement 
(effective crack length versus matrix 
crack lengh). Thus. for the compari- 
son of resistance curves, it is 
lmportant to use not only the same 
data reduction formula. but also the 
the same method for crack length 
measurement. 

5.3. Creep behavior 

Comparison of SlC/C/SlC and SIC-Mus 
indicates that at equivalent tempera- 
ture, SlVC/SlC materials are more 
creep reslstant than S I C - W .  but it 
confirms that their domain of uses 1s 
higher. 

In any case, the predominant mecha- 
nisms are matrix mlcrocracklng, deco- 
heslon and interfacial microcracking, 
fiber creep and for glass or vltroce- 
ramlc matrix viscous flow. 

Although these two materials are made 
from the same Sic fibers (Nicalon* 
NLM 2021, the fracture and damaging 
features are in fact very different 
(Flg.19) : fiber pull-out decreases 
with temperature in the €173-1473K 
domain for SlC/C/SlC, while it ln- 
creases in the same domaln for SlC- 
W. That evidences clearly the 
predominant role of interfaces and 
the importance of their degradation. 

SIC-Mus, 1373K 

SIC-Mus, 14731: 

SlC/C/SiC, 1373K 
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(ill) for both types of materials, 
crack growth resistance curves 
non-dependent on specimen size 
are obtained when using large 
CT specimens (U = 40 mm), 

a SlWWSlC, 1473K 

Fig.19 : Scanning electron micro- 
graphs of Sic-MLAS and SlC/C/SlC 
after creep tests at different tempe- 
ratures. 

6. COPlCLUSIMS 

In this paper we advocate the utlll- 
zation of in-situ matrix crack length 
as far as possible, rather than an 
effective crack length, for the in- 
vestigation of crack growth resls- 
tance of CMC.. The application of 
this method to SENB and CT specimens 
of bidirectional SlWUSlC materials a shows that : 
(1) SENB specimens may be suited 

for in-situ matrix crack length 
measurement, depending on the 
toughning mechanism specific to 
the type of materials, 1.e the 
fiber-matrix bonding, 

(ill crack growth resistance curves 
obtained using SENB or CT spe- 
cimens of small size (U = 20 
mm) are strongly dependent on 
the specimen size because the 
full extend of the frontal 
process zone (=+ 16 mm) is lar- 
ger than the ligament size, 

(iv) intercomparison of the resls- 
tance curves of the two types 
of materials indicates that a 
weak fiber-matrix bonding is 
not a necessary condition for 
enhancing the fracture tough- 
ness. Tougher materials have 
been produced by promoting 
intense matrix microcracking 
(type B materials) against 
fiber-matrix debonding and 
pull-out of broken fibers (type 
A materials). 

(v) attention must be paid when 
comparing resistance curves 
from different bibliographical 
sources : the crack length 
measurement method is lmpor- 
tant. 

(vi) these CXC have a high domain of 
creep resistance where several 
mechanisms act and the aging of 
the fibers and of the interfaces 
must be taken into consideration 

AcIRuluLEDMmX 

This paper reports results from the 
thesis of ROUILUN M.H. LR-curve 
behavior of 20 SlC/C/SlCI, ABBE, F. 
(creep of SlC/C/SlCI and KERVADEC, D. 
(creep of Sic-U). 
This work is part of national Joint 
research programms in France created 
by CNFS. SEP, Abrospatlale, D E I ' ,  
CNES, SNECMA and MRE(CS4C and GS 
Thermostructuraux) for investigations 
on CMC.. We thank SET' and Abrospatla- 
le, for diligence in machining and 
delivery of the specimens. 

7. mFERmms 
1. LQWDEN, R.A. ,and MORE K.L., "The 

effects of fiber coatings on 
interface shear strength and 
mechanical behavior of ceramic 
composites", Mater. Res. Soc. 
Proc., 1990, 170, 205-14. 



8-16 

2. 

3. 

4. 

5. 

6. 

7. 

8. 

9. 

10. 

PROUHET, S., CMAUS,G., LABRUYERE, 
C., GUF3lE.A. andMAME.T., 
submitted to J. Am. Ceram. Soc. 

AVESMEI, J. , COOPERG. A. ,and KELLY, 
A., "Properties of fibre Compo- 
site", Proc. of National Physical 
Laboratory conf., IPC Science and 
technology, Press Ltd. Surrey, 
UK. p 15 (1971). 

MMISHALL, D.B. and OLIVER, W.C., 
"Measurement of interfacial me- 
chanical properties in fiber- 
reinforced ceramic composites", 
J. Am. Ceram. Soc., 1987, 70, 8, 
542-548. 

IISUM, C.W., "Evaluation of in- 
terfacial shear stength, residual 
clamping stress and coefficient 
of friction for fiber reinforced 
ceramic composites", Acta Metall. 
Mater., 38 131 (1990) 403-409. 

CARTER, W.C., BUTLER, E.P. and 
FULLER. E. F. "Micromechanical 
aspects of asperity controlled 
friction in fiber-toughned cera- 
mic composites". Scripta Metall. 
Mater. 25 (1991) 579-584. 

WELLS. J . K . ,  BEAUMONT, P.W.R., 
"Debonding and pull-out processes 
in fibrous composites", J. Mater. 
Sci.. 20 (19851, 1275-84. 

THWLESS, M.D., SBAIZERO, O., 
SIGL, L.S. and EVANS, A.G., 
"Effect of interface mechanical 
properties on pull-out in a SlC- 
fiber-reinforced lithium aluminum 
silicate glass-ceramic", J. Am. 
Ceram. Soc., 72 141 (1989) 525- 
532. 

MIK. F. et HOM, C., "Large scale 
bridging in brittle matrix compo- 
sites", Acta Metall. Mater., 
1990, 38 [lo], p. 1895-1904. 

ZOK, F., SBAIZERO, O . ,  HOM. C.L. 
and EVANS, A.G., "Mode I fracture 
resistance of a laminated fiber- 
reinforced ceramic", J. Am. Ce- 
ram. Soc., 1991, 74 [ll, 187-193. 

11. SAKAI, M., URASHIMA, K. and 
INAGAKI, M., "Energy principle of 
elastic-plastic fracture and its 
application to the fracture me- 
chanics of a polycrlstalline 
graphite", J. Amer Ceram. Soc., 
1983, 66, 868-874. 

12. MAI, Y.W. and HAKEEN, M. I., "Slow 
crack growth in cellulose fibre 
cements", J. Mater. Sci., 1984, 
19, 501-508. 

13. SWAIN, M., and ROSE, L.R.F., 
Toughing of ceramics. In advan- 
ces in Fracture Research, ICF6, 
Eds. S.R. Valluri et al., Perga- 
mon Press, Exeter, 1984, 1, 473- 
494. -. _. e 14. SAKAI. M., and BRADT. R.C. "Gra- 
phicai methods for- determining 
the non-linear fracture parame- 
ters of silica and graphite re- 
fractory composites", J. Amer. 
Ceram.Soc., (1983) 66. 868. 

15. COMINA, M, THEMINES, D . , C " T ,  
J.L., OSTERSTOM, F., "An energy 
evaluation for C-SIC composite 
materials", Int. J. Fract. 34, 
(1987) 219. 

16. COX, B.N., and LO, C.S., "Load 
ration. notch, and scale effects 
for bridging cracks in fibrous 
composites", Acta Metall. Mater., 
40 111, 69-80. 

17. CARPINTERI, A., "Interpretation 
of the Griffith instability as a 
bifurcation of the global equili- 
brium", Advanced Research Work- 
shop on Application of Fracture 
Mechanics to Cementitious compo- 
sites, Sept. 4-7, 1984 
Northwestern University Evanston, 
Illinois, USA. 

18. BAZANT. Z.P. and KAZEMI. M.T. .  
"Size effect in fracture of cera- 
mics and its use to determine 
fracture energy and effective 
process zone length", J. Am. Ce- 
ram., Soc., 1990, 70, 7. 1841- 
1853. 



8-17 

19. 

20. 

21. 

22. 

23. 

24. 

25. 

26. 

27. 
0 

28. 

ABBk F., Thesis, Universite de 
Caen, July 1990. 

HOLMES J.W., "Tensile creep beha- 
viour of a fibre-reinforced SiC- 
Si N composite", J. Mat. Sci., 
26, 1991, p 1808-134. 

KHOBAIB M., ZAWADA L., "Tensile 
and creep behavior of a silicon 
carbide fiber-reinforced alumino- 
silicate composite", Ceram. Eng. 
Sci. Proc., 12, 1991, p 1537- 
1555 

3 4  

ADAM1 J.N, Th&se de Docteur es 
Sciences Techniques, Ecole Poly- 
technique Federale de Zurich, 
1992. 

KEBVADEC D., Thesis, Universite 
de Caen, December, 1992. 

ROUILLON, M. H. , Thesis, Univer- 
sit6 de Caen, France, February 
1993. 

NASLAIN, R., "Two dimentional 
SiC/C/SiC composites processed 
according to the isobaric- 
isothermal chemical vapor infil- 
tration gas phase route", J. 
Alloys Comp., (19921, 188, 42-48. 

BERNHART, G., LAMICQ, P., MACE, 
J., "Reliability of CeramidCera- 
mic Composites", Industr. Ceram. , 
1985, 790, p 51. 

LAMICQ, P. , BERNHART,G. , DAUCHIER, 
M. et MACE, J.G., "SIC-SIC Compo- 
site Ceramic", Am. Ceram. Soc. 
Bull., 1986,65 [21, p 336-338. 

ABBE, F., C"T, L., COSTER, 
M., GOMINA, M, CHERMANT, J.L., 
"Morphological characterization 
of ceramic-ceramic composites by 
image analysis" Comp. Sci. Tech. 
1989, 34, 37, p 109. 

29. 

30. 

31. 

32. 

33. 

34 

35. 

36. 

COJEAN, D., MONTHIOUX, M. et 
OBERLIN, A., "Phenom&nes interfa- 
ciaw dans les composites SiC/SiC 
2D de proprietes mecaniques va- 
ribes", Comptes rendus des sep- 
tiemes Journees Nationales sur 
les Composites JNC-7, 6-8 nov. 
1990 Lyon, France (publies par G. 
Fantozzi et P. Fleichmann, Paris, 
1990), p 381-390. 

MONTHIOUX, M., COJEAN, D., "Mi- 
crostructures of interfaces rela- 
ted to mechanical properties in 
ceramic fiber reinforced ceramic 
matric composite", ECCM 5 (1992) 
729-734. 

GOMINA, M., "Crack length measu- 
rements in C/SiC Composite mate- 
rial", Int. J. Fract., 1987, 35, 
R69-74. 

GOMINA, M. and ROUILLON, M.H., 
"Etude de la resistance de compo- 
sites; A fibres A la propagation 
de fissures naturelles", Comptes 
rendus des Septiemes Journees 
Nationales sur les composites 
JNC-7, 6-8 Nov. 1990, Lyon, 
France (publi6s par G. Fantozzi 
et P. Fleichmann) p. 351-360. 

SRAWLEY, J. E. , "Wide Range Stress 
Intensity Factor Expressions for 
ASTM E399 standart Fracture 
Toughness Specimens", Int. J. 
Fract., 1976, 12, 475-476. 

WILSON U.K., Eng. Fract. Mech. 2 
(1970) 169-171. 

NAVARRE, G., Thesis, Universite 
de Lyon, France, April 1990. 

CONCHIN, F., BENOIT, M., ROUBY, 
D. and FANTOZZI, G., "Comporte- 
ment A la rupture d'un composite 
ceramique-ceramique bidirectio- 
nel", Comptes rendus des Huitib- 
mes Journees Nationales sur les 
Composites JNC-8, 16-18 Nov. 
1992, Palaiseau, France (publi6s 
par 0. Allix, J.P. Favre et P. 
Ladevze) p 365-376. 



8-18 

37. SAKAI, M., "Fracture mechanics 
and mechanisms of fiber- 
reinforced brittle matrix compo- 
sites", J. Ceram. Soc. Jap. (1991 ) 
99 [ 101, 983-992. 

38. FOURVEL P., Thesis, Universitk de 
Caen, France, September 1989. 

39. ABBk F., CHERMANT J.L., J. Amer. 
Ceram. Soc., 73, 1990a. p 2573. 

40. ABBk F., C"T J.L., In : 
"Creep and Fracture of Enginee- 
ring Materials and Structures", 
edited by Wlkshire B., Evans 
R.W., Proc. 4 Int. Conference, 
University College, Swansea, 1-6 
April 1990, The Institute of 
Metals, 1990b, p 463. 

41. ABBt F., CARIN R., CHERMANT J.L., 
J. Europ. Ceram. Soc., 5, 1989, p 
201. 

42. KERVADEC D., CHERMANT J.L., In : 
"International Conference on 
Ceramic Matrix Composites" HTCMC- 
ECCM-6, Bordeaux, Sept 20-24, 
1993, edited by Naslain R., 1993b, 
p.. . 

43. KERVADEC D., CHERMANT J.L., In 
JournCes Nationales sur les 

MatCriaux Composites", JNC8, 
16-18 Nov. 1992, Ecole Poly- 
technique, Palaiseau, Proceedings 
edited by Allix O., Favre J.P., 
Ladeveze P., AMAC, 1992, p 63. 

Ilg'mes 

44. KEFIIADEC D., CHERMANT J.L. - In 
"5 International Conference on 
Creep and Fracture of Engineering 
Materials and Structures", Uni- 
versity College Swansea, 28 
March-2 April 1993, edited by 
Wilshire B., Evans R.W., The 
Institute of Materials, London, 
1993a, p 401. 

46. MIYAJIMA, T. and SAKAI, M., "Fi 
ber bridging of a carbon fiber- 
reinforced carbon matrix compo- 
site", J. Mater. Res., 1991,6, 
539-547. 

47. DESPIERRES, T., DRISSI-HABTI,M., 
GOMINA, M., "Comparative inves- 
tigation of damage in two types 
of SiC/C/SiC composite materials 
under uniaxial tensile loading", 
to appear in the Proceedings of 
the third European Ceramic So- 
ciety Conference. 

48. ABfe F., CHERMANT J.L., In : 
"7 mesJourn6es Nationales sur les 
MatCriaux Composites", JNC 7, 6-8 
Nov., 199Oc, Lyon. Proceedings 
edited by Fan tozz i 
Fleischmann P., AMAC-CODEMk: 
199Oc, p 401. 

45. SHAH, S.P., "Fracture of cement 
and concrete", ICF6, Advances in 
Fracture Research, vol 1, 495- 
514. Eds S.R. Valluri et al., 
Pergamon Press, 1984. 



10-1 

MICROSTRUCTURE AND MACROMECHANICAL BEHAVIOUR OF CMCs 

M.H. Lewis, A. Chamberlain, A.M. Daniel, M.W. Pharaoh, A.G. Razzell and S. Sutherland 
University of Warwick 

Centre for Advanced Materials Technology 
Department of Physics 

Coventry CY4 7AL 
United Kingdom 

SUMMARY 
A survey is presented of research aimed at an 
understanding of the relation between microstructure, 
interface properties and macromechanical behaviour of 
a range of silicate (glass ceramic) and nitride matrix 

For silicate CMCs, hotpressing cycle (PIT) in relation 
to matrix chemistry and fibre type is critical in avoiding 
mechanical and chemical damage of fibres with 
consequent reduction in ultimate CMC strength. 

Interfacial debond and shear stresses, measured via a 
fibre 'pushdown' indentation technique exhibit a wide 
variation, dependent on CMC processing time, 
temperature and matrix chemistry and thermal expansion. 
'Graceful' failure, typified by 3 stage stress-strain 
curves, may be obtained for debond energies r and shear 
stresses T up to -20 Jm.* and -50 MPa, respectively. 

Interface-oxidation-induced property degradation occurs 
at intermediate temperatures (400-800°C) but is 
suppressed at higher temperatures by passive oxidation 
of Sic  fibre ends which prevents further carbon interface 
removal by channelled reaction. 

Higher temperature Sic  (Textron CVD) monofilament 
based CMCs with Si,N, (SRBSN) matrices have been 
fabricated using tape-cast matrix preforms. Partially 
sacrificial C-coatings on the monofilaments provide low 
I' and T interfaces and result in ideal composite response 
with separation between matrix cracking stress and 
ultimate stress, followed by filament pull-out. Although 
interface oxidation is a limiting problem for creep and 
stress rupture, these properties are superior to turbine 
superalloys. 

1. INTRODUCTION 
Of the many potential applications of ceramic materials 
in aerospace, the aero-engine field exemplifies the most 
demanding properties in relation to temperature, stress 
and environment, driven by the need for enhanced 
performance and efficiency. Improvements in materials 
and aerothermal technology over the past 50 years have 
resulted in increased thrust to weight ratios from 3: 1 to 

1O:l and take-off thrusts from lOOOlbs to 50,0001bs. 
This trend would indicate respective values of 20: 1 and 
80,0001bs within the next decade, together with an aim 
of increased thermal efficiency via compression ratios up 
to 40/1 coupled with turbine entry temperatures 
approaching that for stoichiometric combustion 
(-2OOOK for kerosine). The attainment of such 
performance figures requires ceramic/metal substitution 
with the benefits of higher specific stiffness and strength 
at elevated temperatures. 

After more than 20 years, in a number of national 
turbine-onented programmes, few ceramic components 
have attained more than demonstrator-engine status. It 
is now generally recognised that for 'high-risk' 
aerospace applications the use of probabilistic failure 
criteria, intrinsic to brittle monolithic ceramics, is not 
acceptable without significant enhancement of fracture 
toughness (Kc). 

The concept of 'damage-tolerance' via stress-transfer to 
high modulus aligned fibres following matrix 
microcracking in a service overload transient has been 
repeatedly demonstrated in CMCs. The classical 3 stage 
stress-strain response of long-fibre CMCs has also been 
modelled theoretically, consisting of a linear elastic 
range followed by a reduced modulus during progressive 
matrix cracking, reaching an ultimate stress at which 
fibre failure initiates and a h a 1  reduced-stress range 
associated with energy absorption during fibre pull-out. 
However, there are major problems in the application of 
CMCs concerning the difficulty and cost of fabrication, 
availability of small diameter (- 1Opm) fibres with high 
temperature stability during fabrication or service and 
the synthesis of chemically-compatible and 
environmentally stable fibre/matrix interface layers 
which have a suitable debond and shear property within 
a range of high-temperature matrices. For one or more 
of these reasons it may be argued that existing CMCs 
have very limited application potential as aerospace 
materials, especially at temperatures above 1000°C. 
However, during the advance of new fibre syntheses, 
interface development and fabrication processes they will 
continue to be useful experimental models for generic 
CMC behaviour. 

Presented at an AGARD Workshop entitled 'Introduction of Ceramics into Aerospace Structural Composites: April, 1993. 
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Most current CMCs based on polymer-precursor SiC- 
based fibres (Nicalon and Tyranno type) have a 
fortuitous combination of composition (Si-C-0) and non- 
crystalline structure which produces a controlled reaction 
with silicate matrices during fabrication, resulting in 
carbon-rich interfaces with appropriate debondhhear 
property. Based on the earlier work of Prewo et a1 [l], 
aluminosilicate glass composites such as Li,O-Al,O,- 
SiO,(LAS) have been used as matrices, in model 
composites, which form low thermal expansion phases 
on crystallisation (e.g. spodumene). More recently CaO- 
Al,03-Si0, (CAS) matrix composites have been produced 
commercially (Coming, USA) and used in many basic 
studies of mechanical behaviour. However, relatively 
few research programmes have concentrated on the 
systematic variation in interface, matrix and processing 
parameters in comparing a wider range of microstructure 
with theoretical prediction. This has been the theme of 
a number of projects at Warwick which are reviewed in 
this paper. The research concerns a range of glass and 
glass-ceramic (silicate) matrix CMCs with differing 
chemistry and processing parameters together with 
higher-temperature CMCs composed of CVD Sic 
monofilaments within silicon nitride or sialon matrices. 

2. GLASS AND GLASS-CERAMIC MATRIX 
COMPOSITES 

2.1 Processing and Ultimate Strength 
The ultimate theoretical strength (U,,) of a unidirectional 
CMC has to be less than that given by the unrealistic 
assumption of equal load-sharing by all fibres in the 
cross-section; 

(1) 

More realistic theories involve the statistics for fibre 
strength (specified by the Weibull modulus m); the 
treatments of Rosen [2] and, more recently, Thouless et 
a1 [3] yield similar values for U,, but are based on 
differing assumptions about stress-distribution within 
fibres in relation to their failure origin. The Thouless et 
a1 analysis requires a knowledge of fibre/matrix interface 
shear stress 7 and matrix microcrack spacing D in 
addition to m, fibre radius R and strength S; 

a,, = V, 3, where V, = fibre volume fraction 
and s = mean fibre strength 

Using measured values for Nicalon fibres in various 
glass (borosilicate) and glass ceramic matrices these 
’lower-bound’ values for U,, may be compared with 
experimental values from 3 point bend specimens (typical 
size 50mm X 3mm depth). In making this comparison 
it is clear that whereas the higher temperature fabricated 
glass ceramic matrix composites (GCMCs) provide 

reasonable agreement with equation 2, with lower 
temperature glass matrices a,, may approach the upper 
limit (Fig. 1). A simplistic explanation (although not 
widely discussed in the literature) is that of thermal 
degradation of fibre strength and Weibull modulus which 
is known to occur in the isolated fibre state. Another 
possibility is that of surface mechanical damage induced 
by premature crystallisation and absence of totally 
viscous-flowdensification during hot-pressing. These 
observations have prompted a more detailed study and 
refinement of composition and processing variables in 
relation to fibre surface condition, covering a series of 
GMCs and GCMCs. 

Critical features of the pressure/temperature cycle during 
hot pressing were a delayed pressure application until 
beyond the glass softening temperature and a critical 
choice of pressing isotherm in relation to crystallisation 
kinetics for GCMCs. Some of these features are 
summarised in Fig.2 which compares P and T profiles 

is some control of the latter, and of glass softening 
range by selection of off-stoichiometric silicate 
compositions; the most convenient choice is near a 
eutectic join between primary phase (e.g. low thermal 
expansion aluminosilicates CAS-anorthite or MAS- 
cordierite) and binary silicate (wollastonite, CaSiO, or 
enstatite, MgSiO,). This also facilitates control of 
matrix thermal expansion a relative to that of the fibre 
[4], for example cordierite (a - 2.6 x lo6) in phase- 
mixture with enstatite (a 8 x lo6) may span the range 
from negative to positive values with respect to Sic 
(Nicalon a - 3.1 x 

with the ’C-curve’ for initiation of crystallisation. Ther e. 

In addition to PIT cycle and matrix composition, choice 
of fibre is important in minimising surface ’chemical’ 
damage; carbon precoated Nicalon 607 inhibits 
interfacial cross-diffusion associated with the formation 
of C-rich layers by in-situ reaction and retains the 
pristine fibre surface topography and strength. 0 
The remarkable elevation in GCMC bend strength 
associated with these combined processingkhemistry 
changes is illustrated in Fig.1. The MAS matrix 
composites have an unsurpassed strength near to the 
upper-bound in parallel with the borosilicate GMCs. A 
more limited range of processing variables have been 
applied to the CAS-matrix compositions but their 
strength is above that for near-stoichiometric CAS- 
matrix composites produced commercially (Corning, 
USA). 

In comparing absolute values of ultimate strength with 
theory there are inevitable difficulties in using bend test 
data and the lack of precise data for fibre strength and 
Weibull modulus ’in-situ’ after processing. However it 
is clear that there is little mechanical, thermal or 
chemical degradation in fibre properties with optimised 
processing since the lower bound strengths (assuming a 
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Fig. 1 A sample of ultimate h d  h h u e  sttwsea (uJ for GMCs and GCMG illustrating the improvement in uu 
for MAS compositions relative to borosilicate matrix composites with optimised procesSing. The reference 
linea rep-t typical U" - VI relations for tensile h h r e  according to theory [3,51. 
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Fig2 Typical prassureltempernture cycle for GCMC 
hot-pressing to optimise matrix dmsitidon 
and avoid fibre damage. F%esure application 
is delayed until glass Softoaing Md is followed 
by rapid densification in the interval before 
mbstautial matrix crystallisation (shown via the 
T-T-T curve in relation to liquidus tempemhue 
Te). 

400 

200 

0 
0 02 0.4 0.6 0.8 - 1 12 1.4 

Fig.3 3 point bead s~/deflection plot for a high 
strength Nicalon 607lMAS matrix composite. 
Acoustic emission from the composite is 
rewrded during the test to indicate the 
initiation of matrix cracking. 
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Weibd modulus of 3) in Fig. 1 use pristine fibre. values 
of - 2.7 GPI. This data also supports the recent 
rehemeat to theory which assunm that broken f i b  
may support load by mDtrix stress-traasfer at positions 
remote from the fncturs origin. Curtin [SI has shown 
that such d y s h  may increase u, by - 30% for m -3- 
4. It is llso l leosmy to comct experimental data for 
wiptions in interfacial shear pmperty (T), although for 
existing themiea (equption 2) U“ is a rslptivsly insensitive 
(slowly decreasing) function of 7. 

2.2 Interfpee Mi- Mi--= and 
M M h r M i m  

In addition to ultimate strength, values of matrix 
enelring streas and interfaciel debondshear stresses are 
critical param&m which dictate composite dBsigll 
criteria, for example. the notch A t i v i t y  of CMCs [61. 
In generpl high ratios of ultimate strength (U”) to 
microcracLing stress (U> are requid and the latter is 
essociated with low values for interfacial shear stress (r) 
in systems with low interface debond energy 0. 
However, for envimnmentnlly sensitive intehces, such 
as arbon in oxidising conditions, it is prcfernble to 
mpintrin a moderpte U, to prevent ntmosphe.zic exposure. 

An attempthas bean made to use. GMCs and GCMCs to 
experimeutnlly model microrrachn . g response in rehion 

micromechaaical measurements of debond and shear 
property. Micmcrncking stresses m y  be estimated from 
the thresholds for significant pcoustic emission from 
bend specimens, which is considered more reliable that 
the detection of non-heady in streas-strain. Fig.3 is an 
example of pcoustic signal in comparison with a 3pt. 
bend stress/deflection relation from the high-strength 
MAS mtrix composite. To measure 7 and r the 
technique pioneered by Marshall and Oliver [7] using 
indentation ’pushdown’ of expod  fibre. ends on 
trpllsverse polished surfsces has bean used. A novel 
indeat system, operating with a warming electron 
microswpe (SEM), has been developed [E] which has a 
higher load capability than m v e n t i d  ’nano indentors’ 
(20N compprad to 0.1N). A d e r  radius diamond 
indentor ale0 arsbles greater fibre sliding distances (U), 
masured to a positional resolution of < 10 nm using a 
capacitive gauge attached to the end of a computer- 
controlled piem ’inchworm’ traaslator. Load (F) is 
continuously monitored to a pmision of < 1mN using a 
’hard’ piem l o a d d  directly interfaced with the 
diamond mounting. Within the SEM a simultaneous 
monitoMg of image enables an exact indentor 
positioning and a cornlation of interface debond and 
slidiag events with dimmtinuities in loadldisplacement 
curves. Soibvm~ hps bean developed to Fpcilitate the 
subtraction of displacements due to indent-plasticity and 
to plot the P VS U rolption [SI from which r and 7 are 
calculated using intercept and gradient, respectively. 

The indentation respwse is dependent on interface 

to V U I i h O M  interface U l i C I O 6 t ” e  and 

microstructure and, in turn, on processing pprnmeters 
and matrix and fibre. chemistry 191. Typical extremes in 
behpviour are exemplified (Fig.4) by a Nicalon 6 0 7 W  
cornpasite flow a matrix), which exhibits continuous 
debondshepr, and the NicalonlMAS composite in which 
the fibtea havs beea CVD precoated with a double layer 
(C + Sic). The CVD conditions have created some 
reaction with the f i b  which d t s  in a high debond 
energy and rapid shear+& propagation. 

Bi-layer coated 

Nic 607 ILAS 

02 

0.1 

0 1 2 3 4 5 6 

TIp Displacement ( pm ) 

Fig 4. Force-displacement curve from fibre ‘push- 
down’ tests, using SEM-based microindentation 
[4,8]. The curves show extremes of behaviour 
from a NicalonlLAS composite with low debond 
energy and shear stress (r = 2Jm.3, 7 = 14 
MPa) to a Nicalodh4AS composite with bi-layer 
CVD interhce which has a high debond energy 
(r = 60 Jm-3 and shear stress (7 -60 MPa). 

Values of 2 r  and 7 are listed in Table 1 for a range of 
GCMCs and interface types from which a few g e n d  
conclusions may be obtain&- 

(i) Interfacesprcdwedbymtudprocessingreaction 
or by carbon precoDting followed by processing reaction 
exhibit a range of deboud and shear parameter, the 
values of which are influenced by time and temperature 
of hot-pressing as well as matrix chemistry and thermal 
expansion. 

(ii) The gradation in matrix microcracking stress (uJ 
follows that in r but the precise correlation with theory 
is inhibited by the uncertainty in U, detined by the 
acoustic emission threshold. 

Using appropriate values for V, (-4O%), fibre and 
matrix moduli, fibre radius (r = 7-8pm for Nicalon) and 
mptrix fracture energy (r>, combinedwithexperimental 

urn values is obtained from the expression [lo]; 
V d W  Of 7, O d y  modeRte E p I U &  with Wp&UlUltal 



Table 1. Interfacial debond energies r and shear stresses 'I for various glass and glass-ceramic 

matrix composites together with experimental and themtical matrix microcracking stresses. 

2 5 f 3  

87 f 53 

Composite. 

CASINidm as pressed 

4 5  CAS/Nidm. 7OOOC 

MAS/Nidm - 607 
As prcskd 

3olvsiliIatuNiim 607 
950°C. uhnin. 

%omsilicatulUidm 607 
1 1 m .  z(knia. 

LAS 1 N i d m  - 607 

BMASlrynumo 
=prtMal 

BMASlrynumo 
12oooc. loohrs. 

9.6 f 1.2 

13.4 f 7.8 

11.8f 1.8 

12.4 f 5.4 

17.8 f 8.6 

m i  

2.2 f 0.8 

1.2 f 1.6 

1.8 f 0.8 

48 * 15 

111 f lo8 

5 1 f 9  

14.5 f 10 rrrt" 
2.7 

2 8 * 5  

390f30 

250 f 30 

4 2 0 f M  

640 

1000 

600 

690 

5 10 

230 

450 

530 

5 10 

320 

490 
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(iii) Typical composite behaviour (a 3-stage stress- 
strain relation) is observed for 2 r  and T values up to 
-20 Jm.] and - 50 MPa, respectively. The 
theoretically-predicted debond condition r (interface)/r 
(fibre) < Ik is apparently not obeyed, assuming typical 
r (fibre) values c l 0  J d .  Alternatively, measured 
values for r (interfpce) are too large. 

(iv) The influence of thermal expansion mismatch 
between fibre and matrix on r and 7 is visible in 
comparing U S  and CAS matrices which give rise to 
similar interface micmstructum but a reversal (from-ve 
to + ve) in the (I values relative to the fibre. For 
bomsilicnte matrices, which have similar U values to the 
fibre, the high r and 7 values are dominated by the 
limited interface rePCtion thickness at the lower 
fabrication tempenturc. 

(v) The insmsitivity of r, 7 and U, to high 
temperptunr (loOO-1200"C) oxidising heat-tmtmnt 

thtse differences are explained in the following section. 
contrasts with that at lower temperatures (400-800~C); 

2.3 Thennnl and Environmental Stability 
The influence of heat treatment in oxidising (air) 
environment on interface properties and on 
macromechanical response has been studied principally 
for MAS and CAS compositions. The Observed 
beh.viour is generic for composites with C-eMched 
interf.ces; a retention in strength with little chnnge in 
interface behaviour above - IOOO'C and a reduced 
strength with enhanced statistical spread in strength and 
intMfnce property in the 400-800" interval. 

The data, summarised in Table I, may be explained by 
the active oxidation (CO or CO2 loss) of C-rich 
interfpccs at intermediate temperatures by 'channelled', 
longitudii, gas transport along fibre interfDces from 
exposed fibre ends. There is a limited fibre surface 
oxidative degradation and minimal fibre-matrix 
'bridging', giving reduced fibre strength and 
considerable variation in r. Above IOOO'C passive 
oxidation of Sic ( S i 4  formation) inhibits continued 
'channoUed' d o n  fmm fibre ends. Futther oxygen 
ingtws is limited, in tho absence of matrix Cracking, to 
diffusion thmugh the glssse.ramic [ll. 121. Matrix 
d i m o n  is surprisingly slow in well-crystnllised glass 

ceramics and, for example, in the CAS composition 
interface oxidation is limited to a few fibre diameters 
(10-3Opm) from the free surface. In this surface layer 
fibre/matrix interfaces are totally 'bridged' by S i 4  and 
exhibit immeasurably-high debond and shear levels 
consistent with zero interface crack deflection. An 
image of near-surface bridged interfaces in comparison 
with 'bulk fibres is illustrated in Fig.5. 

An important observation is the retention of composite 
(and hence fibre) strength in the protected state within 
silicate matrices even following long heat-treptment 
(> 100 hours) up to 1200°C. This is accompanied by a 
measurable change in order (or microcrystnllite size) in 
Nicalon fibres and demonstrates that the key problem of 
strength-loss is related to changes in surface 
microstructure, probably oxidation-induced. 

2.4 Time-Dependent Deformation 
There is a limited literature on creep deformation or 
stress-rupture of long fibre CMCs although some 
attempts have been made to model composite creep 
rates. assuming efficient load transfer between matrix 
and fibre (13. 141. Preliminary data has been obtained 
for bend and tensile creep of GMCs and GCMCs at 
stress levels below urn within two temperacure regimes; 
that where both fibre and matrix undergo messurPble 
creep in the isolated state (above - looO°C for 
Nidon)  and that where fibres exhibit only elastic 
deformation. 

0 

There is approximate agreement with theoretical 
prediction:- 
(i) Creep rates (&) are largely fibresontrolled and 
hence much smaller than matrix rates 
(U) Nicalodborosilicate glass composites are limited 
@y glass softening) to temperatures (400-600°C) where 
fibres are elastic and hence undergo transient creep; the 
rate of approach to zero creep (Fig.6) is related to 0 
matrix creep rate and hence temperature, which agrees 
with theory [U]; 

6 = a k J 1 -  (Vf lo)  e]" 

and E, E, are Young moduli of fibre and matrix. V, = 
fibre tiaction and n = matrix stress exponent 

(iu) 
primary + steady state creep at a composite 
mte ti, dictated by lordahuiag behveen fibis Md 
mstriX [14]; 

GCMCs above - loOODC exhibit classical 
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x-ray line scans across 
matrix interfaces. 
*--- 

the fibre/ 

Fig5 Sectionnl SEM image and X-ray analysis line scp118 illustrating interface oxidation (carbon removal followed 
by Si% ‘bridging’) only within 1-2 fibre diameters horn the free surface after 100 horn at luxPC. Fibres 
below this level are protected by slow oxygen diffusion rates through the CAS glass-ceramic matrix. 

a 

CREEP RATES - lOOMPa 
1.2 

0 1 1 . 1 , , , , , ( , , . , , , , , , , , , , , , . , . . , . , , , , , , , , , , , , , , , , . .  
0 0.5 1 1.5 2 2.5 3 3.5 4 4.5 

TIME sxlod 
Fig.6 Creep nwas modelled for U.D. Nicalon GMCs and QCMCs oorrespondig to differing temperature regimes: 

(a) and @) typify transient creep (elastic fibres) for bomiljcate matrix composites at 450°C and 480°C, 
respectively. Creep curve (c) combines transient and steady=&& creep at a higher temperahue (1150°C) 
whm fibres and matrix undergo creep (fibre creep rates - 1 % of matrix rotes for NicalonMAS, CAS. 
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where fibre and matrix creep rates (& etc) for 
stresses (ob etc) are meawBd in isolation and give stress 
exponenta n and m, respectively. 

A more precise quantitative cmnpwimn of theoretical 
and expe-tal creep curves will qu i re  data for 

micros- of matrices. For temperaturea above 
& d o ,  relevant to specific compositions and 

- 1100'C the stability of both fibre and matrix 
micmstrncture, with respect to crystal growth, may 
introduce a long-term transient creep. There is evidence 
that oxidative interfnee reactions in the critical 400- 
800"C interval may be respomible for reduced stress- 
rupture lifetimes, due to loss of fibre strength. 

3. HIGH TEMPERATURE NITRIDE-MATRIX 
COMWslTES 

3.1 Rofcssiag Coasbaints and Mierostrueture 
In the quest for higher temperature performance there is 
a recognition that currently-available polymer-precursor 
fibres are intrinsicaUy unstable above 1100-1200°C. 
W h e w  the ultimate solution may rest w th  oriented 
oxide m o n o W t a ,  there have been a number of CMC 
studies using CVD SIC monofilaments (Textron SCS) 
which have a modest strength retention and 
micmstrnchual stability to -1400°C. They may be 
incorporated within repchon-bonded silicon nitride 
(RBSN) at such fabrication tempera- [U] but matrix 
porosity reaulta in a susceptibility to oxidation of pre- 
coated carbon-rich interfaces (typically using SCS6 grade 
filaments). A novel approach to matrix densification, at 
Warwick, utilises the SRBSN route of intermediate 
temperature nitridmglpmtial sintering, using a SiISiJ, 
powder mix containing a liquid-sintering aid, followed 
by a brief liquid sintering under pressure at - 1700'C 
[16,17]. Single layer filament + powder preforms are 
made by simultaneous filament winding and tape-casting 
which prodnces a regular micmshucture on subsequent 
layer-stacking, nitriding and hot-preasing (Fig.7). 

The CVD monofilaments appear to tolerate short 
excursions to the fiaal sintering temperature with little 
change in the tine columnar Sic crystal size but with the 
appeqmce of microporosity (possibly due to free Si or 
C reactionlevaporntion). A key to composite 
performance is the survival of part of the carbon 
prewating; the reaction 3C + Si,N, - 3SiC + 2N, may 
be shown (using the MTDATA thermodynamic 
programme - NPL, UK) to proceed in favour of Sic 
above a critical temperature of -1400'C at 1 
atmosphere N2 partial pressure. continued reaction is 

limited by diffusion h u g h  the Sic reaction layer which 
is clearly visible in s e c t i d  micmpphs (Fig.7) which 
illustrate the reteation of >4pm of the. initially, 6pm 
carbon coating. The matrix is a typical liquid-phnse 
sintered (SRBSN) micmshuchne of micron-sized psi& 
or Sidon crystals in a olpssy residue of the sintering 
d n m  (MgO, Al,O, and Y,03 additives were used in 
varied c o m b d o n  [lq). 

Interface mic-ture is unstable for long heat- 
treatmmts in oxidising atmospheres (100-1ooO hours in 
the 1000-1400°C interval) due to chpnnelled reaction 
from fibre ends. Channel closure due to passive 
SiCISiJ, oxidation is lw effective in these 
m i c r o s t r n c ~  which have very large interfnee widths 
(-5pmmcomp.redwith -5OnminGCMCs). 

3.2 Micro and Macromechanical Behaviour 
Interfacial mechanical data, obtained from fihuent 
'push-through' tests yield shear stresses, T, of 2 4 W a  

stress (Fig.8). Debonding and shear o m m  at the inner 
carbon interface of the fibre coating and not at the outer 
reaction interface (Fig.9). The low debond and shear 
values may result from thermnlly-induced separation 
over part of the interface due to the higher expansion 
coefficient of the fibre. There is little change in r with 
oxidising heat-treatmenta up to - 100 hours at 1200'C, 
during which only partial carbon removal occu~s. For 
longer times r is reduced to negligible levels, with total 
filament debonding during specimen polishing. 

Bend and tensile testing of unidmtional materials 
demonstrates a typical composite response of load- 
carrying ability after matrix cracking. Stress-strain 
curves (Fig.10) exhibit substantial non-linearity 
following the first 'burst' of acoustic emission but 
extensive multiple matrix microcracking is not common 
in view of the large fibre radii, low T and low volume 
fraction (-25%); a theoretical estimate of crack spacing 
is in the lOmm range, orders of magnitude greater than 
for the tine Sic fibres which also have higher r values 
in GCMC matrices. Extensive filament pull-out is 
observed, especially in tensile tests (Fig.ll), with 
estimates of work-of-fracture from pull-out and fibre 
rehation totalling 23kJm2. Estimates of residual 
filament fracture stress a&r 1700OC fabrication 
indicates a 50% strength retention (-1800 m a ) .  
Values of flexure strength of 750 MPa and first cracking 
shess of 640 MPa are the highest recorded for this class 
of CMC containing Sic monofilaments. These values 
fall to 560 and 540 MPa, respectively at 1200OC with 
little change in fractnre mode but with reduced 'pull-out' 
contribution to the work of fracture. 

Specimens subjected to long-term high temperature 
oxidation exhibit linear behaviour to the maximum bend 
stress and a 40-5096 reduction in the latter for 1oOO"C 
and 1400°C pretreetments. Acoustic emission occurs 

with little change from the relatively low debond sh e a s  

0 
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Sectional SEM image8 of a Sic  monofilament/Si,N, matrix composite showing filament distribution 
(a), partidy-reacted hterfnce layer @) and filament after high-temperature (1700°C) 
fabrication. 

kers indentor contact 

? 0.6 

Fig.8 Fonx-displncemmt plot horn M SEM-bnsed 
indentation ‘push-through’ test to measure 
interface debond and shear stresses for Sic  
mmotilnmeat/sRBSN matrix composites. The 
peak force represmts the initial debond, 
followed by frictional sliding of the filament at 
nearly Mastnnt force. 

I 

Fig.9 SEM image mrded after indentation ‘push 
through‘ of a Sic  monofilament, illuseating 
p r e f d  debond and shear at the inner Clsic 
interface. 
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Fig.10 Strr?8s-deflection and stre-ss4ongation curves for 3 point bend (a) and tension (b) tests 011 a Sic 
m0nofilamentlSRBSN matfix U.D. composite. AcouStic emission trPCes are used to detect matrix cracking 
for compprison with non-hdt ies  in stressawnin plots. 

Fig.11 Tensile h c h m  surfpce h m  a Sic  
monofil.mclr/sRBSN matrix U.D. composite 
Showing extedve filpment pull-out and mptrix 
C n o k i n g .  

'1 
Fig. 12 Bend- data for a S ic  m0noHa1nentlSRBSN 

matrix U.D. wmpomte compared with hvo 
gr&a of mmolithic silicon nitride ceramic. 
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surfaces during fabrication of CMCs. With optimised 
conditions GCMCs with ultimate bend strengths in 
e x w  of 1 GPa are obtainable. High ultimate strength 
is important in relation to an ability to maintain 
moderate ratios of uJum for varying am. The value of am 
in GCMCs is most conveniently controlled via interfacial 
shear stress T which varies, typically, from 10-50 MPa 
and is a function of time and temperature of fabrication 
as well as chemistry and thermal expansion of matrix 
relative to fibre. Measured values of fibre-matrix 
debond energy are sometimes higher than the theoretical 
limits predicted for ideal composite response. 

Interface oxidation is a critical problem at intermediate 
temperatures (4MT800"C) due to channelled reaction 
from fibre ends. This mechanism is suppressed above - 1000°C by channel-blocking with the S i q  oxidation 
product of Sic. A silicat-ting or preoxidation 
treatment of exposed fibre ends may resolve the 
intermediate temperature problem but a stress limit 
remains that for microcrack exposure of interfaces. 

Textron CVD Sic monofilament-reinfod Sialon and 
Silicon Nitride matrices have been explored as higher 
temperature CMCs. A novel preform-preparation 
method using matrix tape-casting has been used in 
conjunction with SRBSN matrix chemistry/processing. 
Composite response and moderate fracture energy may 
be achieved utilising a partially-sacrificial thick C-rich 
interface which has a very low 7 value (2-4 MPa). The 
oxidation problem of C-rich interfaces is retained at 
higher temperatures than for GCMCs due to the 
difficulty in channel-blocking of thick interfaces. 
Despite the oxidation problem creep and stress-rupture 
properties exhibit useful increments over turbine 
superalloys. 

prior to peak stress in oxidised specimens, which may be 
related to fibdmatrix shear with reduced debond stress. 
Work of frachue is reduced in parallel with observation 
of smaller pull-out lengths and reduced filament strength, 
probably due to atmospheric interaction (it is known that 
uncoated monofilaments suffer a 50% strength reduction 
[181). 

3.3 High T m p t W  Creep and Stress-RUptW 
Bend- has been studied at 130O0C for stresses 
between 150 and 300 MPa (i.e. below the matrix 
cracking stress in the linear part of the stress-strain plot 
for constant-imposed strain rate test). For all stress 
levels the creep curves may be resolved into transient 
and steady state components consistent with a partial load 
transfer to .the monofilaments which have been 
calculated, from literature data [19], to creep in the 
isolated state at a slower rate than the composite. All 
creep curves have the form modelled in Fig.6, consistent 
with a temperature for measurable simultaneous creep of a th matrix and fibre. Unlike GCMCs the disparity in 
matrix and fibre, creep rates is not large; in Fig.12 a se4 
of 1300°C creep data for two types of matrix Si,N, in 
the monolithic state is compared with that for the 
composite which has a matrix microstructure more 
closely related to the HPSN (upper shaded area). The 
HIP Si,N, is an example of a creep-resistant ceramic 
with an intergranular residue in the crystalline state. 
Although there is a considerable scatter in creep stress- 
exponents from bath-to-batch of the pressed composite 
(Fig. 12) they are g e n e d y  higher than unity, typical of 
the matrix ceramic containing glassy residues which act 
as creep-cavity nuclei. 

Stress-rupture tests were conducted between 200 MPa 
and 400 MPa at 13OO0C, using 500 MPa as a zero-time 
failure stress based on monotonic tests between 1200 and 
1400°C. Unlike refined monolithic matrix ceramics, 

@which may exhibit stress thresholds below which no 
failure occurs within 1OOO hours [20], the composite 
appears to show an almost stress-independent failure 
limit at - loo0 hours. This is symptomatic of a time- 
dependent interface oxidation coupled with fibre strength 
degradation. The data has been plotted for comparative 
purposes in the form of a 'Larsen-Miller' diagram 
(Fig.13) which combines time (t) and temperature (T) on 
a single axis via a parameter P = T log (C + t). The 
constant C is empirically adjusted to enable data from 
different temperptures to fall on the same line. The data 
for various stages in evolution of 'superalloy' turbine 
materials is compared with that for the CMC which 
shows a significant increment in Larsen-Miller parameter 
P, at least for low stress levels. 
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4. CONCLUSIONS 
The selection of pressureitemperature cycle in relation to 
matrix chemistry and initial fibre condition is critical in 
avoiding mechanical and chemical damage to fibre 
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[c+t]) is used to compare. the tindtemperature influence on a single axis. 
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CMC are new materials with specific fmtws  reg.ding 
damage and rupture. A gtxwl CMC perfoms as Ixn hrittle, 
ciamageable material, with nearly 110 stress cmcentntion 
yensitivity. Such behavinur is the haw of their structural 
Cap&h. But past clesip experieKe JIZZ3 IO he adapted 10 
take advantage of this. 

Several characterisation levels are necessary to achieve a 

tion knowledge and tests coupons similarity with actual 
puts has to he checkecl c;uehlly, as f i b  volume faaction 
nr residual pDmsity have an impact (m test mults. For king 
time kes, CMC pafomanca are alfwed by fatigue and 
ageing. Mechanical (H hemal f;ltigu% without mydarinu 
nrcmT(Luw .. , is not (larimmkal to ultw aunpsiks. ?mey 
can sustain millinns of cycles at high s m x  levels. Chemical 
effects are of far m u  impimce, .and may m d i y  m n -  
gly suengtb and dongation to rupture. Life time pwk3ions 
depend u p n  an accurate knowledge of envimnmental 
cmlitiaa, then a g d  sel of tepmentative tests. 
PDWedul mechanical iawl thaai code are U w I  for optimi- 
sed design analysis. At high Lnd N elmgatinn leveL5, non 
Linear shess sbain relatiomhip JIZZ~ to he mcxleuwL S W m s  
mabix changes can be c l e t e m i d  by simple testu, but ten- 
sion shear interaction needs mrre sophisticated expimnts. 

maf& diua hase IdeVZtIlt f01 pcUrS &&VI. s&U&Xd devi* 

e 

slatistical a p p w k s  fa safety factcm are & &vdnp 
ment and may he of inlmxt !tH future meth&lna€s. 

NeverthekW singularitiw of shnpr: 01 th ichws have to he 
dealt with specifically, and fmt in the Id transfer areas. 
Results of analysis ac u~mprtxl with k v l q  p f m e d  on 
techmlogical sample, simplified in onler to measm rele- 
vant ckta Such failm criteria for complex Imil caws are 
still to he WOrLwl nn, k ~ g  into account in pkze iawl out of 
plane. s m .  md shains, iuvl s b  which miy he saongly 
impmved under mmp.&m. 

0. INTRODUCTION 

Scientim have always heen pawinnately fwcl of ex- 
and the high tempatm field does not make. an exception 
to the rule. This field is particularly difficult to approach 
and therefwe intew#mg for it presents the charaaen .slit of 
mpliat ing both me t h d  aspects, like aemlynamic 
N wmbwstinn. and mrre pagmatic midfmtians, such as 
the matuiaLs ‘and shl lchnq that mud keep on ensuring M u  
tinctinns in conlitinns that ac kmming more and mwe 
severe whie pre.senting mkantly imjnnml perfformances. 

It Ls &vim mat in these mllitiom, lcfmtay metal mate- 
rials are handiapfl. For instance suDerauoys pwmt tm 
lnw opaating tempentloes, mging fmn %XI K to 1250 K, 
and require an active cooling that d u c e s  perfnrmance. 
ultra-=- Sucb as niobium orlhenilrm. ;nel ladicp 
pl by k q t i v e  mass a rigidity h;llanoff and bigh UN.%. 

As fnr tedmiial Cmmio, which an? well adapted to the.% 
wnditinns, their brittleness and & f a  m.itivity is o h  
prnhibitive fnr applications of strucnaal m. 
ceramic matrix mmpsikss (CMC) are making up a new 
material family ULlt presents a signifat potential fm k- 
mostruaure design. They show a gaxl specific suength and 

are associued to non-fmgile behaviours which dn corres- 
pond to the clesipx pnctical requirements. 

l’bis dnument, after a shoa &sniption of the CMC most 
used by SEP designus, presents a h g h t  on pi kugn 
and dheasioning with these mterial.. An appmarh of the 
currently used g d  methodology is pmented, followed 
by various wnunentF spcirrC to the use of thas materials. 
Finally, we give some examples of singular behaviors, 
whi& are c m t l y  @y wnmlle4J by simple mnleling 
and require advanced nqmm aitelia. 

slithess up to’ high tempahns  and thaw chamden ’Stics 

Presenied at an AGAFW Workshop entitled ‘Inuvduction of Cemmics into Aemspce Srnrcruml Composites: April, 1W3. 



12-2 

1. CSIC AND SICSIC C.M.C. DESCRIPTION 

These twomaterial families are currently the mm used for 
designing then~~smtural-ld parts or suhsystems in 
au oxidiziog environment 

USic are. made up of a &  tiher reinforcement, apym- 
carbco inteqhse ind a sil im m h i i  mahix. 

SiUSic are made up of a siliwn carbide fiber reinfm- 
men4 a ppwarkm i n t q h w  and a silimri carbide. matrix. 

F i b  reinforcements m be either bidirectional - wn~isting 
of amere fabric stacking (2 D) or mule up of layers that are 
bound togetber to form a multi-layer (2.S D) - 01 three 
directional m the case of carbon reinfaemem by using the 
needing technique (3 D NOVOL’IM cg SKINEX). 
?he interphase and then the mabix are depmited by chemi- 
cal vapour infilaation (CVI) of a cahn or silicon carhide 
(Sic) pm. 

20 SIC-SIC 

. . . . . . . , , .  
.10 .20 .30 .40 S O  

FIGURE 1 : SIC/SIC 2D STRAIWSTRESS CURVE 
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0 
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.2 .4 .6 .8 .10 
c 

,OOi 

3D C-SIC SKINEX 

/ 
1 

.2 .4 .6 .8 .10 

FIGURE 3 : C/SIC 3D SKINEX STRAIN/STRESS CURVE 

Figures 1. 2 and 3 remind the mean behaviour laws 
( s w d s ~ )  nbraid for some examples that are the most 
rep.sentative of these materials. nKy are r e v t a t i v e  of 
avenge unagd m a k M  hehavinr for standard fiber ratio 
and density. 

These curves show well the specific behaviour of these 
materials, that GUI he qualified as “eIastic4amageahle”. 

They are elastic hecause the discharge curves, that are 
quasi-linear, paw again chi? to the nigioal clefmnation. A 
residual deformation, due to the fact that clltcks are not 
completely closeJ can be noted hut remains limited ind 
without gnat intluence on design. 

FIGURE 2 : C/SIC 2.5D STRAIN/STRESS CURVE 
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such materials naxeable *luse, wben placerl& 
stress. thematrix cracks a\ its own elmgation -0.05% is 
much Iowa than that of che fibas which is higher than 1 %. 
Figure 4 show a miawaacks netwnk for a bending sues- 
d Sic/siC sample. CIW~GS prnpagvm ' . nand effect ~IX cur- 
mtly under studies and moclelings impmving OUT u n w -  
Ci~di~~g of mechanical hehavim are proposed. 

W m g  to this mi- -king mechanism, these materials 
p f i t  by a notch pnpagation behavioctr that is murkable 
for a cerinnie. 

15000 

10000 

5000 

Absorbed energy 
R (J/mz) 

a' 
I /~ 2D C-Sic 

r Propagation of d_amage 

o i k A b A *(mm1 

FIGURE 5 : CMC CRACK PROPAGATION RESISTANCE 

Figme 5 that p%smts comparative test mulb with sintered 

benefiL ?his result is cmxcutive to the m g y  dissipation 
through the micmuack network. 'Ihis mechaniwn is the 
main formdation of the CMC hehavim and makes them 
usahle f a  shuctlnal applications. 

The strengm potential at room r e m m  apm relqtive- 

lead to remarkable ~ ~ u l t s  at high t e m m  f a  una- 

c e r a m i c , ~ s a n i m p v e m € ? l t d 2 ~ s t i a t h e c ! M C  

Iy bw. on the other hand, the low evohtklns with temjxm 

ged material. Average ntpture. values are higher than : 
- ux) MF'a for a 2D SidSic up to 14.WK 
- 300MF'a for a 2.50 USiC uptn 17SOK 
- 230 MPa f a  a 3D USic up to 17S0K. 

Figure 6 can be used to compare these strength pertor- 
mantes with that of s ~ n e  usual metallic mamials. 

It can be notecl that 6nm (900 K, upwanls some specific 
feahlres (mluced to density fm Lw-mass cnmprison) are 
comparable. At 1250 K, the mechanical actv;Ulk~t! ln?mmes 
obvious, due to the CMC IOW mean density. 

However, this tyDe of data, altb gh very promishe and 

dent to achieve a part or shuchne that can be annptitiw. 

To use this mataial paential uxrectly, it is necessary to 
build up a s i g n i f i t  know-how m design and dimensio- 
ning. 'Ibis cbaunent takes stock ofthelmowledge andmas- 
tely q u i d  in this fEU. 

obtained ou i n h h i a l i s e d m ,  is far fmm being arffi- 

DENSITY- kgd 

ULTIMATE TENSILE 
STRENGTH - MPa 
(rnHrrum at 3 standard 
deviation) 

YOUNG'S MOWLUS 
GPa 
(inilial M Elaslii value) 

SPECIFIC RUPTURE 
STRENGTH 
MPakg'd 

SPECIW STIRENESZ 
GpflM 

IN CO 

ltwn 

m 

i i a  

- 
- 
1150 
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140 

20 

- 

AWES 
188 

112501 

8980 
- 
- 

240 

150 

27 

17 

- 

100 

31 

- 

- 
i w c  
2D 

up lo 
4!BK 

m 
- 
- 

140 

220 

- 
61 

FIGURE 6 : CMCVERSUS METALLIC MECHANICAL 
CHARACTERISTICS 

2 CMC PART PROJECT 

FUNCTIONAL 
REQUIREMENTS 

t) PROJECT 

FIGURE 7 
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A lot of informations are required to choose a design 
cuncept for a CMC pad pnjm and it would be kmg to be 
exhauxtive. Only the mast imporocnt elements. indicated m 
figure 7, that need to be known to define a CMC pan 
mncept will be llisal&?elJ. 

The two foUOwing pints. the UndaStaMling of the funaio- 
nal mtxl and the knowledge of the manuEdcuring limits, are 
particularly important for tbese merials anl have a snong 
influence on the resulu. 

2.1. Functional requirements 

'Ihis is me of the most impatant pint of CMC pad design 
siwe most potential usen (nxket pq~~lsion, military tur- 
bojet mermal proteaion) have a 'hM culture that greatly 
influences Ihe Ireliminary pjects and o k n  diaates design 
choices. 

Thereby the design latitudes then offend to invlwluce a new 
materialareE4ld: 

- difficullies to make the m t  of this material and the 
material real p~ential is under-usd, 
- the ov- interest can be madced or u n d a w i m d .  
Fa example by omitting the p i t ive  ekxq i I K I u d  by a 
lighter mtating machine or a lecluml anling, etc... or the 
negative effects which can follow a radiation increae. 
Such inraactious must be mn\.idat*l very soon in mkt 
to d y  judge the snowball effect, 
- inlerfaQs with the structw can pmve to be inadequate, 
for ins- when tbe exps icm coeffrienth ancl tbe her- 
mal behaviours during the thermal transients of metal 
suppm or structures aML (3MC parts are cnmpmtively 
different 

It is esfmialto kmw the wm nreds ofthe prts nr sm- 
~tobemar l eo fCMCvuymin thepr r j t r r in&to  
~ m e i r i m p l a n ~ ~ m a k e t h e m o f ~  

The p r & i  p jec~  must be the result of a cliw axw- 
ration between the user and the CMC designer. An q p -  
ch including a o~nmon engineering working-gmup is me 
of the most pmftabk. 

2.2. Manufacturing possibilities 

It is necessary to Uesign a part than can be eady manufac- 
tural, even if its pezformance ch;lracteristics have to be 
slightly altered 

The remarkb: and advices in this ChapttT are ChSelY 
related to the CVI h s i t i i o n  pmcms. They result h m  
ule experience a ~ 1 1 l l u W  by SIP in this fild. 

Shape simplicity 

As for most Img fiber composites, the general part .shqe 
must remain as simple aq pawibk in order to achiew a f i b  
reinfomment with fiber cnientation. 

Complex structures with seamed or cn-needled textures 
(stiffenen on a shell for exmple) can be performed. Tbey 

remainexpensiveduetorequimlhandemanufaduringand 
level ofmtml. 

Nondelaminating texture 

It is very cliffrcult to ensure the reliability andlqnnhdbili- 
ty of 2D EX- reinforcements. They are very sensitive m 
delamhation and associated quality conn~l eosl~ are signi- 
ficant. Layer stacking should thmfore be avoided if the 
@wt has to be i~~Iushialiml and multi-layer 2.5 D a 3D 
reinf-mt are to be recanmended 

Thickness variation 

T h i  variations are WEdt to obmh with a 'bear net 

with constant thickness. If needed, surface machining is 

and is cost gemator. Machining should be limited to func- 
tional areas. 

High thickness 

'Ibick shells give rise to intilbath p m b b  with a density 
that is lower in the cne than on the surface. This willhave to 
he raken into aanllllt in charactauan . 'aw:anlcalculatioo$ 
i m i n g  p p m  duration aril ovuall W. lMck shells 
shouklclhenerbe avuided fmm the emxuIucal ' srand-point 

2.3. Other project drivers 

yhape" p fm approach. It is Drefaable to design parts 

wnectly mmued, hut requires the use of cliamd mls 

a 

Many other elements should also be Qkeo into m n t  to 
design a CMC pan me following g& nmuks throw a 
light on tbe acqukd expaience. 

Technological aspect 

?hi-, p in t  CLealS more p h l a r l y  with b m h g  anl a~8em- 
bly mastery. Experience tells that the behaviour of metal 
s a w  bonis is geneMy forrect and that CMC are mismt 
to local O v e I s ~ W .  

Bonds chmined by bfiazing or CVD metal depsit are also 
psubk amding to tempwahms. 

At low temperatures adhesives bonding is possible. 
However, an area wbw tempmm is cnnstantly less than 
3ooK is exceptional on a thermostrumue. 

Cost and delivery aspect 

a 

CVI manufacttuing pmcess is naturally long because the 
deposit kinetics are slow. Nevertheless, the pncess real 

faauring duration. Manufaauring times, for parts that are 
mostly prototypes, are now mainly dependant from an 

We aLw have identitii materials hulucing a lot of manu- 
facturing options, and of course long times, and those 

times are in faa very short with I-eqiea to the total m u -  

induShid N~aIliZZdon Which h S a  IO be kllpnVed. 
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with short manufacturing time. Costs and delivery times, 
that are still high for some new and complex p<m, could be 
reduced : 

- by rationalizing the types of CMC used 
- by simplifying the parts to be manmufCactured 
- by a production to be industrialized 

Failure mode effect and criticity analysis 
(FMECA) 

CMC characteristics do not suddenly decline as temperature 
rises. Their life duration diminishes but phenomena are very 
gradual so far as the aggression remain limited. This t y p  of 
behaviour allows a temptmy operation in degraded mode, 
like over heating, without clishstrous outcomes. CMC are 
mistant to operating variations and fault tolemt. 

3. CMC PART DESIGN 

CMC system or part design is a new discipline with few 
w i d  bases but our expertise and mastery have now mched 

new levels where some methodologies can be senled. 

As for any problematics, the same altermtive between an 
analytical approach and an experimental approach is found 
in CMC clesibm. 

This nalytical approach requires the mastery of three 
mains elements, namely material characterization, analysis 
and rupture criteria knowledge. 

RUPTURE CRITERIA a 
FIGURE 9 

3.1. Material characterization 

With every material, it is important to resort to the right 
level of knowledge of the materials according to the project 
progress and ruture. According to this, a SEP classification 
(A/B/C/D/E) of the different characterization level was 
developed in order to clarify the data in this field. These 
leveb are summarised fibm 10 and desaikd hereunder. 

A 

DATAAND 
DESIGN VALUE 

0 
FIGURE 8 

The experimental approach is based on iterative process 
between prototypes manufacturing 'and large scale tests. It 
quickly provides an mswtx to a complex problem but pre- 
sents major drawbacks in GI. of failure: the itmtion cost 
and times are rapidly beccuning prohibitive with mpect to 
the high cost of prototype parts and the associated desi- 
gninghnanufacturing times. 

The analytical approach is based on the understanding of 
the phenomena and mech'anisms that come into play to le,d 
to a theoretical justification of p.ut dimensioning. Tests are 
only required for verifications. This appmach requires mort: 
time at the beginning bul gives much more satisfactory 
results, transposable to other projects. 

After a fust fifteen yecars CMC development phase with 
mainly a global approach, we now turn to an analytical 
approach, of course structured by the first results. 

MATERIAL 
CHARACTERISATION 

FIGURE 10 

A - Laboratory 

7hi.s chmcmimtion level, the lowest one, is only an estima- 
tion of a future material main features, on the basis of a few 
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test pieces ‘and without qu;llity control. It ‘fflow to check the 
coherence of a potential material with project requirement. 

B - Material dimensioning 

This characterization level gives accew to the “mean” ther- 
mal and mechanical features of a material as fabricated 
(unaged). Only average values ‘are known. The prtxess is 
clearly defined, checked ‘and industrid. 

It can allow for temperature or density effects for exanple. 
This is important for materials densified by CVI. 

C - Manufacturing dispersion 

CMC dispersion b significant. It has to be allowed for by 
considering dispersion in a maiufacturing batch and bet- 
ween different batches. This aspect p‘uticulxly interfaces 
with the attempts of ultimate strength modelling. 

D - Specific to  application 

Design must be performed by taking into account the 
mech,mid chmcteristic losses or tlie thennal clkmctens- 
tic changes due to ageing during use. 

This type of ch‘mcterization requires the designer to be 
f<miliar with the material or structure degradrdon mtxles in 
order to define represenmive ageing tests. 

This is particularly important for long-lasting uses (loo0 h 
for example for milit,uy turtwiets) where “real tune” testing 
is impossible and therefore requires ai hcudeiung that hais to 
be m d e  pertinent. 

Aggressive environments xe very diverse ranging from 
acoustic fatigue to chemical degmhtion ow erosion. For ins- 
tance CMC present a gocxl behavior to hydrogen embrittle- 
ment or chemicd product ageing like acid, oil aid deriva- 
ted....Each caw is specific but two types of ageing cai be 
discussed in general words. 

Oxidizing species ageing 

SiClSiC and C/SiC CIMC are sensitive to oxidizing envimn- 
ments. Degmdation is consecutive to mck opening under 
stresses. Thew cracks allow oxygen (K other oxydizing spe- 
cies to come in contact with the “pymcar~~n” interphase or 
the carbon fibers, which le,uls with t i e  to its destruction 
and p‘ut ruin. 

These mechanisms kinetics depend on the temperature, the 
oxygen pmial pressure aid the stlllin level due to cracks 
width. They at studied aid mtdeling are pmposed. 

Finishing treatments exists to slow down oxickition in long- 
lasting applications. They are conceived to fill up cmcks 
when opening ,and incmise life dmtion by seveml orders 
of magnitude. 

Nevertheless, their efficiency k not unlimited and the perfor- 
m a m  degmhtion versus time Ikis to be known for designing. 

Fatigue ageing 

CMC are hardly sensitive to fatigue and can withstand mil- 1 
lions of  cycles without significant decreae in their failure 
level. Fatigue limit is not clearly define but k higher than 
2J3 of the initial ultimate tensile strength. Figw 11 gives a? 
example tests result9 for a SiC/SiC material. 

125 

100 

Tensile strength 

( M W  1 10 -10 cycles 
6 

/ 

y// , 2 ~  sic-sic 

Elongation (%) 

0.025% 

125 

0.1 

FIGURE 11 SIC/SIC FATIGUE RESULTS 

This generic behaviour rem‘ains the Same with high tempe- 
ratures as long as other degradation such as oxidation do not 
intervene to mask it. Inert gCw thermal tesb at in that res- 
pect the most relevant. Such fatigue behavior gives CMC 
great interest for cyclic application where metal materials 
have to face huge decrease of mechanicd strength (only 1/3 
of initial ultimate rupture strength after one million cycle). 

E - Expertise after use 

This level of CMC behaviour knowledge is the most impor- 
tant, fbr it makes possible to define the real degradation9 in 
use. This identification of the real problems is fundamental 
for design aid manufacturing. 

We cai mention for example the phenomena of Sic matrix 
self-protection at high temperatures through the formation 
of silicon clioxide, which reduces oxi&?tion effects. 

Comct use of material ch‘mcterisation data is m‘andatory 
for a safk design. For the firing of a pmtotype combustion 
chamber with U) s dmtion, level B can be suficient since 
t“3ing degradations ,are negligible and the quality of each 
p.ut GW be checked befm the fur: test. For a pre-Series p 

. - - -  
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duction of a p.ut which must ensure loo0 h of operation, 
level C ‘and D are compulsory. 

These chcteh? t i tw are long and expsive, hut art: uIk?voi- 
&able to build a part devekjpment. Two rem‘uk., can be ilt?de : 

- the need for pertinent degradation models, that limit 
investigations, is essential, 
- the basic material must be accmtely defined, and the 
number of variants reduced to perform these characteriza- 
tions and accumulate data. These considerations require 
for example the choice of a single process to manufacture 
the Sic matrix, the linutation to cemin type< of C or Sic 
fibers, and the selection of some textm families (multi- 
layer 2.5D or needling for 3D). 

In addition it is neceswy to repeat that samples detinition 
must be representative of part material. It is why some stan- 
dard thicknesses of 3mm for 2D ‘and 5 mm for 3D material 
are not retained when projects iiivolve material thicknesses 
of 1 or 2 mm. S‘ample rn,anufacturin): prcxess must also be - _  
in good accodance with p‘ut one, specific ~ m s  on densities 

.ism can  d ?tory. 

3.2. Analysis 

According to the project pr>gress, the used mais  are diemit. 

IN HOUSE EXF’ERTISE 
STRENGTH OF MATERIALS 
SIMPLIFIED FINITE ELEMENT 

SUPER COMPUTER 
NON LINEAR MATERIAL 

THERMAL TRANSIENT 
BEHAVIOUR 

FIGURE 12 : PRELIMINARY PROJECT AND PROJECT TOOLS 

At the preliminary project stage, the analytical formulas of 
materials strength, mech‘anical finite element linear 2D 
codes and transient 1D thermal c(xles for exemple are gene- 
rally sufficient. 

At project stage, non linear meclianical 2D and 3D codes 
and transient 2D or 3D thermal ctdes with rruliation are 
generally used to perform thermal and mechanical analysis. 

These powerful ctxles, ,ant1 access to super-computor, are 
necessary in the fields where design margins are low. The 
CMC ch,aracteristics, althongh correct at high temperams, 

rem‘ain low in the absolute (100 to 200 MPa). The ~dcula- 
tion uncertainties of simplified models (thennal and mecha- 
I U G ~  lorul accumulation for example) cannot tx: covered by 
can important safety factor. This could lead to a redhibitory 
overdimensioning for the project (volumdmass). 

The different types of calculations performed as part of 
CMC dimensioning are quite cksical, but some prticulari- 
ties are remarkable and noted hereafter. 

Thermal calculation 

In most caw, one must resort to transient 2D or 3D thermal 
calculations while taking radiation into account As we have 
to manage very hot p.m, thermal exchange level by radii- 
tion due to high CMC emissivity near 0.8 is often higher 
than convective or conductive exchange. It can lead to 
introduce thermal insulation device. 

Transient thennal analysis is required because diiensio- 
ning cases often oxcur during thermal transitory phases 
where diferential expansions between the part and the sup- 
port or on the part itself are maximum. 

Luckily, CMC present a low thermal expansion coefficient, 
which often limits interfaces problems, and confer them a 
particularly high thermal stress resistance. This is interes- 
ting for applications like nozzle guide vanes for instance. 

An important difficulty rests in the good awessment of ther- 
mal boundary conditions. The knowledge of the convective 
coefficient and of gas flow adiabatic temperature is often 
relatively empirical. 

It is worth noticing that CMC materials are not ablative 
materials and enwion phenomena that can occur for example 
at the thmat of combustion ch,ambers rem‘ain minor. 

Mechanical and thermomechanical calculations. 

Fuiite element code <are bawd on HOOKE laws to modelize 
suesdstrain behavior of material. Such models developed 
for continuous ‘and homogeneous material are used and 
validated at macroscopic level for CMC parts analysis 
involving a ~OIUUS ‘and composite material. 

IAKXI ‘analysis ‘axis system must be as r e q ~ ~ t f u l  as possible 
of material fiber reinforcement orientation. 

The &amageable elastic behaviour of CMC’s requires to 
perform iterative calculations (automated procedure) to 
assign each direction of the appropriate Young’s secant 
modulus, linked to the strain in the Same direction. 

Current mtKLeLs are ‘aimed at defming the effect of damage 
(suain) on shear mtxlulus ‘and Poisson’s coefficient. Other 
works are performed to clear coupling relations between 
levels of &amage in each direction ‘and their intluence on 
rigidity matxix coefficient. 

The mtxlelling approaches of such behaviours are promi- 
sing but &an not yet be applied fm real ,analysis. 
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USiC 
2SD 

2100 

65 

210 

t 15% 

- 7 3 %  

t55% 

The material non linearity is generally an ,a-. antage becau- 
se the I d l y  overstrained areas will benefit by a pseudo- 
plasticity phenomenon. 

USiC 
3D 

SKINU 

2100 

35 

16u 

t50% 

-65% 

t50% 

Vibratory calculation. 

These calculations are particularly long and sensitive to 
boundary conditions. ?he applied acoustic stresses are to a 
large extent approximated and part boundary condition 
modeling like attachment stiftiless and degree of f d o m  is 

In addition, the CMC &amping coeffiidents are still badly 
determined. They are nevertheless much better than for 
metal materials as a con.sequence of the energy dissipaticm 
in the cracks and in the fibedmatrix interface. Values ran- 
ging from 6 tr, 12 % were measured. 

A static pressure equivalent is in most cases assessed to 
avoid vibratory calculations with a dynamic response which 
are fasible but hardly pmcessable for justitidon. 

In general, CMC structures are stiffer th‘an comparable, 
from a mechanical point of vue, metal suuctures. The follo- 
wing general remarks can be done for the CMC version 
versus an “equivalent” metal version : 

very critical. 

- it is thicker and presents t h e ~ f o ~  a higher inertia 
- it is lighter and “moving” masse is reduced. 

For SiC/SiC material parts, that present a Young’s rnoclulus 
higher than common metallic material the natural frequen- 
cies will be greatly risen ccqxred to the metal version. For 
C/SiC the situation will remains in general favourable in 
spite of a moderate Young’s modulus. 

Mechanical stress -0- d = P x R / T 

Mass budget - M - M = ’ ] t x R x T x D  

Natural frequency - F - F = - 1 x & xE 
2’]t R 

Material Lc3) 
Density D 
Modulus E 

FIGURE 13 : GEOMETRY AND FORMULAS 

DENSITY - kgm3 

YOUNG‘S MODULUS 
GPa 

ULTIMATE TENSILE 
STRENGTH - MPa 
(minimum at 3 standard 
deviation) 

THICKNESS 

MASS 

FIRST NATURAL 
FREQUENCY 

iAYNES 
188 

it 1250 1 

8980 

150 

240 

reference 

reference 

reference 

SiUSiC 
2D 

2300 

220 

140 

t 71 yo 

- 56 Yo 

t310% 

FIGURE 14 : COMPARATIVE RESULTS 

This situation is illushated by figures 13 and 14 showing 
the design and analysis of first n a t d  breathing frequency 
for a cylinder whose design driver is internal pressure. 

3.3 Rupture criteria and safety factors 

To complete design, it is necessary to define the failure cri- 
teria that allow the characterization and calcul,?tion results 
to be exploited, ‘and then compare the margin with the 
required ?;2fety factors. 

a The failure criteria retained with current characterizations 
are bawd on the material fibrous nature, and generally limi- 
ted to one direction. Some rupture criteria for bi-axis I d  
load are available but for specltic case. ?hey will be rliscus- 
sed in chapter 4. 

Simple rupture criteria used commonly are described 
hereafter : 

-Tension : the ,analysis give the stnxses in the fiber direc- 
tion. This value is compared to the material potential 
detennined on a tension test piece. 
-Compression : the failure criteria Cbadly controlled. ?he 
material generally behaves well and the limits obtained 
with a skul&aft sample are compared with the values in 
the fiber direction. 

the mean value obtained with a double notch test sample. 
-Translaminar shear : a comparison with a IOSIPESCU 
sample result is made. 

Safety coefficients GW be imposed by the &pirement spe- 
cification. 

- h t a k ~ k v  sh&i : the dCuL?ticp1 mdt. -@ with 
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Probability 

Failute ratio 

FIGURE 15 :STATISTICAL SAFETY FACTOR 

If the material uwl is clmac- at level D or E. ancl 
theselesulls used foramlysis, you just haw then to use the 
abnve failure mteria and check safety facrors. 

Newtheless, in many cases, the elementary characreristics 
(Level B) are the only ones hown to start the pqiea. far 
example beau= of the Choice of a particular texture suited 
k t h e p l a  

l l e f o l h ~ g ~ ~ , s u m n m i m l o n f i y r e  16,islhen 
~ l o ~ ~ m a x i m U m ~ S a l l o w a b l e f r r  
~m~analysis,and&ignomedlytheprt: 

-levelBdmacten 'stics : clraw up a cbaractaisc fk for 
dimensioning (mean medLplical hehavim laws, mermal 
values). and Mi the average failure values. 
- standad deviation : ulese marerials pment a noticeable 
&paxion w failure l i t . .  A 10 46 standard claiation, 
repesentatw of the CfSiC and SiUSii population, can 
he cmsllerecl by clefaulr Design limih should he taken 
at -3* standad deviation. 
- ageing : &m&stic deawse in case of long-lasling 
stresses in an aggressive environment (oxidation) must he 
cmskkd.  It must he a- foreach case. 
- safey fanor : if not given hy .specitications, a minimum 
value of 1.4 is to he applied oo shesses. 
- failure meria : use the simple ID criteria 'applied on 
eachtiherdireaion. 

0 

GE RUPTURE STRE 

i 

FIGURE 16: DESIGN METHODOLOGY 

4. SINGULAR AREAS AND COMPLEX 
RUPTURE CRITERIA 

REGULARAREA 
lNmODUCTION 

.ANGLE, CORNER 

CHARACTERISATION 
COMPLEX RUPTURE 

FIGURE 17 : REGULAR AND SINGULAR AREA 

However, exprience show& that parts generally include 
two t y p s  of areas with a d iBmt behaviour : 

- regular areas where stress fields and gwmeaies are. 
simple. In these areas, the comparison hehvm calcula- 
tion and material standard chmctwistics Ls relatively 
easy anl corred. 
- singular areas these. are in particular &ape accidents 
(angle, comer. thickness change..) or loads innnduction 
areass (interface cfllolul). 
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4.1 Technologid sample 

'Ibe objedive of a technological sample i s  to be as represen- 
cuiveas pmii of the real caw in & to cletermheputi- 
m t  failure uimiafarthe m e  cwler cooskleration. 

'Ibis qmmtativicy must ofaxnseregard the material and 
pras s  which must be the same. It is then essed~tial &it the 
geomeuy and the mechanical (or thermal) load allow a 

cmnprim i s m d e r n  the streh\fifields, and it is indeed, the 
invariant that& tobe considerd. 

The question ism fact to define a low cost .Smpliiied put 
allowiOg margins to be qwMd by a cnmpkx ai- 
mion deftnition and behavim to be sFecifted by failm 
mode knowledge (FMFCA). 

stress field equivalent to t b e d  case to be obtaind The 

. LOCAL GEOMElRY - SlMPUFlED GEOMETRY 

-SlMPUFIEDlOMCASE 

COMPARISON RUPTURE 

e COMPLEX RUPTURE CRITERIA AND F.M.E.C.A. 

FIGURE 18 :TECHNOLOGICAL SAMPLE 

'Ibis method presents also the Avantage of disregarding the 
biases brought by the material model an U!.e calculation 
a&, as thoseare used in simiarconditions. 

Such methalology can be applied to M-axis ruphne uitaia 
M ~ C O ~ l ~ C a ~ .  

4.2 Lmgitudinal shear under compression sbee 

such as blade aaachmeno M combustion chamber tbmat 
'Ibis kirwl dkd CISe k enoWnkId fMat;rmpk On 

a FIGURE 19 : BLADE AllACHMENT 

Circumferential and radial Circumferential 
compressive zone (hot) traction zone (cold 

I Shear 'stressed zone 
r---- 

FIGURE 20 COMBUSTION CHAMBER THROAT 

Frame, FloatingT& thin sheet 

\ 
Frame 

I \- 
Double notched Clearance 

sample 

FIGURE 21 : TESTSAMPLE 

Technological tests were carried out on the basis of a 
double notch test sample equipped with a compression 
device (figure 21). The mean used, flaating caliper and thin 
rubbersbeet&3f&?e, iS far from being kprdlabk and 
the shES.s field is nottotaUype. HoweVer, the resulls ale 
inreresting and the temkmas ' clear. It also has to be noled 
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Orthogonal compression (MPa) 
n I 1 -  
I 

25 50 a FIGURE 22 : TEST-RESULTS 

'Ibe clwe in figure 22 indicates the results for the 2D USiC 
matukl. The mmlamina~ shear smgth doubler. fw a can- 
p s i o n  stress of about 50 Mpa one hss to reawn UpMl 
the.% elements to clefme a failure aitaion adequate fw this 
Spfxi t iC Maxi s  Id. 

4.3 Overstresses in rotational symetric flange 

Compressive tool CMC tube 

/ \ 

I 

support 

FIGURE 23 : ROTATIONAL SYMETRIC FLANGE DESIGN 
AND TEST DEVICE 

FigUre.23 pn?smts the case of an rotational symetric h g e  
with a mion phenomenon applicabk to ditTmt parts 
such as combustion chamber tubes or divergents (such 
' ' ~ K X R ' ' ~  CUI be im@hymU&&OW thatdif- 
fer fmn plne mechanical quirement). 

Regular clesign driver of such a tlange is interk- shear 
stress. But the ring ursion causes the &xion of the tube 
thin pan and very locally generates an imponant peakmeri- 
dian rensile shess even with -4 fmite element size. 

Stress (MPa) 
0 120 

- 
FIGURE 24 : FLANGE MERIDIAN TRACTION STRESS 

Stntss (MPa) 
17 85 

60 

FIGURE 25 : FLANGE INTERLAMINAR SHEAR STRESS 

MERIDIAN INTERLAMINAR I TENSILE1 SHEAR I 
MATERIAL 80 
STRENGTH - MPa I 
ANALYSED 
PEAKSTESSSES 

IMP* 

1 120 I 85 I 
PERCENTAGE + 70 % t6% 

FIGURE 26 : MATERIAL AND TEST RESULT 

The failuretest shows thattherupMe by sharing in 
the tlange fa amaximnn local value that is 6% higberlhan 
themataial capacities in vay goOa a a m h c e  withmale- 

S h I I I h ' d  NptUre VdW. 
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I 110mm I 

06 R2 1201 7 7 

AXIAL SECTION 

FIGURE 27 : BOLTED ZONE SAMPLE AND TEST OEVICE 

Stress (MPa) 
0 130 

80 

I 

Stress diredion 

V 

FIGURE 28 : LINEAR BOLT AXIS TENSILE STRESS 

Airuptine, tbemaximummeridiantensileshessreachesa 
value mat is 70 46 higher than the mean failme value d a  
stanknl maion sample. Sample examination do not allow 
todetect any meridiaoal cracks. 
This technological sample allow to conclude that the sim@ 
criterion in stresses on the most tensioned fiber is in this 
-very- 've. the lcml paksIlw?-YJ mne is not 
relevant for FMFCA and shear b tbe good dmign Mw. 

4.4 Overstresses in bolted zone 
Ibe mpim desaibed m figm Z7 isrepesentarve of a 
massive part aaachment witb machined gmoves.'Ibe stms 
field of E g m  28 obtained with 3D linear ralculaao ' nfor 
pdimiwy design indicates an axial tensile shess amcen- 
tration area in the amnecting radius under the fastening 
screw headAxial naaiw tests of this tedrnological sample 
showe4lmattbeluptm: 

-(lid occurflum theoverstressed areas, 
-fora maximum W e  value twice hi@ than the mate- 
rial CapxitieS. 

Such infonnations allow to esIimate real margin. In that 
case, the use of linear analysis and consideration of the 
simple criterion would have been too cmsemah 've leading 
to an overdesign. 

More sophisticated non l i a r  anaIysis of this sample will 
allow to defme a relevant ~ptIJte criteria for such a couple 
gecnneaynoad. 

mi exemple show also that CMC are able to whistancl 
imprrant stress mmmtion. 

5 CONCLUSION 

mknow how inmc design is beginning to be formalized 

a 

'Ibis allows better ' ' oftherealpdwtialdappli- 
cation pssibilitksof thematerials mat are still very new. 

The experience acquired in refractory metal struchne and 
part &,sign and the me(hodOl0gies developed are used for 
guidance in srmchning tbese activities, but are wt entirely 
mposable.. 

l l l e ~ m x l e r d t h e s e n d t r v e ~ d i 8 6 e r f l i n l  
those alre;uly h w n  and identified far me& cr amnia. 
"lmkstoabenarmndofthseaspms,itisnowpwiblem 
impMetbe&*alKltbeclw . 

Taky, a . ~ c W  much mare specific to lhese 
materials appears following the first global experiments 

relevare. . .  

prfonntxl and providing a greater dererminism and tetter 
designmhnl. 
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1. SUMMARY 
Ceramic matrix composites (CMC) have widely 
demonstrated their feasibility and performance 
although no series production has been 
achieved. Today’s status is characterized by long 
production times, high material qualities with 
high reproducability and experience in the first 
structural components. Some unsolved 
problems are the joining and attachment of 
CMC parts, the lack of adequate nondestructive 
testing methods and the insufficient oxidative 
stability for long term applications. This paper 
deals with general valid design aspects as a 
consequence of the CMC materials 
characteristics and the demand for structural 
components of high reliability. 

0 

2. INTRODUCTION 
In uncooled conventional structures the 
application range is limited to approximately 
1000°C by the thermal stability of metallic 
alloys. Monolithic ceramics are well known for 
their high service temperature capability, 
however their low fracture toughness and 
thermal shock resistance restrict their 
applicability as a load bearing material within 
large parts. Reinforcing ceramics by continuous 
fibres seems to be the only suitable way to 

create lightweight structural materials for the 
highest temperature applications. 

One of the main restrictions of a commercial use 
of CMC are their costs - not just the costs of the 
riiw materials but the inherently high production 
costs due to long processing times. Presently 
available CMC materials are produced by the 
isothermal chemical vapour infiltration (CVI) 
technique, which leads to superior properties, 
but it is a very time consuming (several months) 
‘md therefore very expensive process. As a 
consequence, alternative techniques are now 
under development like the gradient CVI, the 
Si-polymer pyrolysis and the silicon infiitration 
of C/C. With manufacturing times of only days 
to weeks from the design to the finished 
component these processes may allow the 
opening of the market for a broader range of 
industrial applications of CMC. 

Another aspect of the need for shorter 
processing times is the lack of experience with 
these new materials. As their application will be 
mostly in fail safe constructions, their reliability 
must be high and their performance must be 
well known. This presupposes a high learning 
rate and shorter loops during the materials 
development to get an adequate knowledge to 

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites; April, 1993. 
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design or to predict the life of a CMC 
component in service. 

To enhance the performance of ceramic matrix 
composites some large scale governmental 
material programms have been initiated. 
Between 1979 and 1989 the US Department of 
Defense and other agencies funded a research 
programme on CMC with a total of about $250 
million [l]. As most important topics the 
improvement of reinforcements, the fibre/matrix 
interface, cost-effective processing, testing 
methodology and oxidation stability were 
investigated. 

Japan's MITI is currently sponsoring an eight- 
year programme of basic materials development 
which started in 1989. One essential goal is to 
raise operating temperatures of carbonkarbon 
from 1700°C to 2000°C. The tensile strength 
and stiffness will be increased to 700MPa and 
200GPa, respectively, after heating for 20 hours 
in air at 20OO0C and 200 hours at 1800°C [2]. 

Topics of this long-term R&D programme are 
the development of suitable protective coatings, 
an increase of resin char yield and the 
improvement of chemical vapour infiltration 
process and pitch based carbon fibres. 

In Europe, the French company SEP is leading 
in the CMC development by the CVI process 
which results in excellent material properties. A 
family of C/C, C/SiC and SiC/SiC materials can 
be produced in different furnaces and some 
demonstration parts have already been realised 
[3]. In Germany, the work focuses on the 
development of faster and therefore less 
expensive processes. Nevertheless, despite all 
these international efforts the status today is far 
away from series production of CMC 
components. 

Generally, composite materials are critically 
dependent on the interface between the fibre 
and the matrix. Therefore, the reinforcing fibres, 
the matrix system and the manufacturing 
process greatly influence the properties of the 
material. This is even more true for ceramic 
matrix composites where the fibre/matrix 
bondings directly determine the microstructure 
and the material properties. Their 
microstructure is characterised by an inherent 
porosity, a complex chemical composition and 

more o less low bonding forces. Although 
different processes lead to CMC materials with 
different compositions and properties, some 
general rules and consequences for the design 
with CMC can be deduced from today's data 
and will be described in the remainder of the 
paper. 

3. FIBRE REINFORCEMENT AND 
THERMAL STABILITY 
The reinforcing fibres and the fibre/matrix 
bonding have a dominant influence on the 
fracture behaviour and the mechanical 
properties of CMC. To obtain energy 
dissipating effects at the interface in order to 
avoid catastrophic failure, low adhesion 
between fibre and matrix must be achieved. This 
is a detrimental requirement for polyme 

special fibre treatments lead to high properties. 
Therefore, no direct correlation can be expected 
between fibre strength and the mechanical 
properties of CMC. 
The main future markets for CMC materials are 
applications in high temperature structures as 
substitutes for metals or monolithic ceramics. 
The temperature capability has to exceed at 
least 1000°C, for very short exposures more 
than 2000°C. In most technically relevant 
applications the service conditions are oxidative 
and the exposure times should be as long as 
possible. For space applications like TPS and 
hot structures life times of some ten hours are 
required while for gas turbines and major. 
terrestrial applications the goal are hundreds to 
thousands of hours under hot service conditions. 

The recent development of CMC is mainly 
based on carbon and silicon carbide fibres. The 
thermal stability of carbon fibres is dependent 
on the mode of graphitization. Tests with HT, 
IM and HM carbon fibre bundles showed 
different decreases in mass and strength after 
exposure in nitrogen (Fig. 1). As a result, 
influence of temperature is more pronounced 
than that of the exposure time. Generally, all 
carbon fibres are very sensitive to oxygen and 
degrade very fast in air above ca. 45OOC with a 
subsequent reduction in mechanical properties. 

composites where strong bondings, reached by a 
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Figure 1: Mass Loss and Strength Degradation 
of Carbon Fibres with Modes 
after Exposure in Nitrogen 

Two main polymer-derived ceramic fibres are 
commercially available: Tyranno fibres from 
Ube Industries and Nicalon by Nippon Carbon 
(Table 1). These fibres are based on silicon 
carbide, fabricated by pyrolysis of organo- 
metallic precursors to yield a continuous, 
weavable fibre of about 7pm diameter. 
However, the processing leaves a residue of free 

@active elements like carbon and oxygen which 
degrade the fibres at ca. 1100-1200°C (Fig. 2). 

”:[ 
I 

T .I- 

-l.’/ -2 

-2.1 1 
.B 288 4 8 8 ’  688 a00 leQB I200 ‘1188 16.8 

Temperature ‘C 

Figure 2: Thermogravimetric Analysis of 
Tyranno Fibre 

In different countries there are major efforts to 
produce more stochiometric and therefore more 
stable fibres, but at the moment, they are on a 
laboratory scale. At present all commercially 
available, weavable Sic type fibres are very 
expensive and manufactured in Japan. 

In order to achieve the desired pseudo-ductility 
and to increase the oxidation resistance, 
coatings of multilayer systems are under 
development. The lack of bonding provides 
lower fibre/matriX shear strength and allows 
crack deflection and fibre pull out effects. The 
coatings can be applied by different processes 
like the CVD or sol-gel deposition. The 
influence of fibre coating can be considerable on 
strength level and fracture toughness, as shown 
in Table 2 for C/SiC resp. SiC/SiC materials, 
manufactured by the Si-polymer route [4]. 
Nevertheless, fibre coating is not a sufficient 
method to increase the oxidation resistance of 
CMC, especially for carbon fibres. The 
procedure itself-is costly and is restricted to 
smaller amounts of textile preforms. 

Generally, today’s application range of C/SiC 
and SiC/SiC materials is restricted by the 
thermal and oxidative resistance of their 
reinforcing fibres. 

4. PROCESSING OF CERAMIC MATRIX 
COMPOSITES 
There exists a number of different processes for 
manufacturing ceramic matrix composites. A 
general overview is given in Table 3. All 
processes can be divided into two types, the 
chemical and the liquid phase route. Among a l l  
these possibilities only chemical vapour 
infitration and polymer pyrolysis have reached a 
level of technical feasibility. Generally, three 
different processes are used to manufacture 
CMC components: 
0 

0 

CVI (isothermal or with gradients) 

liquid infiltration of silicon polymers and 
subsequent pyrolysis 

0 liquid silicon infiltration of porous C/C and 
subsequent chemical reaction to Sic  

As processing has a great influence on design 
concepts, the current state-of-the-art of these 
processes is now described. 
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4.1. Chemica Vapour Infiltration 
Presently available CMC materials, particularly 
C/SiC and SiC/SiC are generally produced by 
the CVI technique. Large furnaces with 
diameters of up to 2.5 meters have been 
installed at SEP to manufacture particularly 
CMC components for the hot structures of 
Hermes. These facilities allow a scaling-up to 
volume production, but the already discussed 
long furnace holding times prevent the 
isothermal CVI process from entering broader 
industrial fields. This process, initially developed 
for the manufacture of carbonkarbon, is well 
documented in the literature [3,6]. 

A fibrous preform is placed inside the furnace 
and must be held during the early stages of 
infiltration in a graphite mold to define the 
correct fibre volume content of the finished 
component. A common precursor used to form 
Sic matrices is methyltrichlorosilan, the normal 
process temperatures lie at 1000 - 1200°C. The 
preform is infiltrated with steady gas flow rates, 
but concentration gradients between the surface 
and interior tend to block off the surface by 
deposited matrix, preventing further deposition 
within the preform. The sealed surface can be 
machined and re-infiltrated, but handling of 
poorly infiltrated preforms can be difficult. The 
materials properties are very high and the 
geometry of components can be complex. 
A thermal gradientlforced flow process was 
originally developed by Oak Ridge National 
Laboratory [7] and is being applied by the 
German firm MAN in pilot facilities [8, 91. 
Specially prepared preforms allow pressure and 
temperature gradients over the components to 

Vent 

Heating zone1 1 I 
,Fibrous 

I I  t t t t t t I  I 
Direction of i infiltration 

Holder 

Cooling zone1 I I 
Gasinlet 

Figure 3: Schematic lay-out of a 
Gradient CVI reactor [9] 

be realised (Fig. 3). The reduction of the tota 
infiltration time to about two weeks, the 
restriction to symmetrical and simple shapes (eg 
flat plates, tubes) while maintaining the high 
strength values of the isothermal CVI are the 
main characteristics of this process. 

4.2. Pyrolysis of Si-Polymers 
This liquid phase route is based on the pyrolysis 
of ceramic precursors (eg silane or siloxane). 
Large scale components can be fabricated in 
technologies, similar to the fabrication of fibre 
reinforced plastics [4, 101 (Fig. 4). Prepregs are 
made of Si-polymer, filler material and 
continuous fibres and laminated to the desired 
shape. The parts are cross-linked and densified 
in an autoclave and subsequently'pyrolysed in 
inert atmosphere. Due to the decomposition o a  
the precursor several reinfiltration steps are 
necessary to close the open porosity. The 
properties are lower compared to CVI but the 
main advantages of this process lie in the 
processability of highly integrated, complex 
shaped structural components. 

fibers cy2iFF)  T J  infiltration 
I 

winding 

I 
t u b e  

I 

I 1 0 laminate 

cross-I inking 

pyrolysis 
I 

plain (....) t u b e s  0 
Figure 4: Scheme of the polymer infiltration - 

pyrolysis technique [ 101 

4.3. Liquid Silicon Infiltration 
The liquid silicon infiltration of porous 
carbon/carbon with subsequent chemical 
reaction is an alternative technology to produce 
CMC structures with lower costs and shorter 
manufacturing times. The resulting C/C-Sic 
material shows an internal protection of the load 
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infiltrates the UC-composite very quickly 
driven by capillary forces and the subsequent 
exothermal reaction with matrix carbon leads to 
the cracks being filled by Sic. Ihe key points of 
the manufactured UC-Sic are the protection of 
load carrying carbon/carbon areas by silicon 
carbide to in- the oxidation resistance 
while maintaining the high damage tolerance of 
carbon/carbon. 

carrying carbon fibres and Merent sauctural 
components have already been realised 
[11,12,13]. 
The process allows a component production 
period of about two weeks and is based on two 
principal steps: shaping in the CFRP stage and 
cerarnization of the matrix (Fig. 5 and 6). As 
precursors, one-part thermoset systems are used 
to fabricate laminates with 2D- or 3D-rein- 
forcements. By resin transfer moulding @'I'M) 
as well as autoclave technology flat plates, tubes 
and structural components are manufactured. 
Generally, the autoclave process is preferred for 
large sphexical shaped components with 2D- 
fibre reinforcement, whereas more integrated 
structures with 3D-fibre skeletons are 
manufactured by RTM. a 

a 
Figure 5 Schematic Illustration of the 

Liquid Infiitrabion Process 

During pyrolysis (900OC) the matrix adopts a 
crack pattern as a result of the precursor 
shdcage and i n d d  forces by the stiffer 
fibres. After this thermal tnatment the 
composites show a crack pattern with 
translaminar channels resulting in an open 
porosity of about 20%. 
During the subsequent siliconizing process 
(1550°C) one takes advantage of the low 
viscosity of silicon and its high reactivity with 
carbon. Within the channels the liquid silicon 

Figure 6 Temperature Profile and Furnace 
Time of the Liquid Infiltration Process 

The state-of-the-art process allows a high 
flexibility in design and manufacturing of 
materials with moderate strength levels. Ihe key 
points for higher strength lie in an appropriate 
fibrehutrix interface. 
As no tooling after shaping is necessary the 
whole process is realised in a near-net-shape 

Figurcs 7 to 10 show the sequences m 
manufacturing by RTM a multi spar component 
of 270%27Ox35mm3 as an intake flap of a 
hypersonic propulsion system. No joints and no 
intenuption of load carrying fibres are 
characteristics of this design concept 

technique resulting in integral structures. 



Figure 7: Arrangement of Inserts for 
the Preform Set-Up 

Figure 8 &sembled Carbon Fibre Preform 

a 

Figure 9 RTM Amngement of a Two-Chamber Mold with Inserted 
Fibre Preform (left) and Molten Precursor (right) a 

Figure 1 0  CFRP Component (27Ox270x35mm3) Manufachlnd in a 
Near-Net-Shape Technique 
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5. DATA BASE BY REAL FLIGHT 
EXPERIMENTS 
The use of CMC materials in future space 
transportation systems presupposes extensive 
evaluation in ground test facilities with wide 
ranges of Mach number and gas flow. Thus 
large investments are needed to simulate the 
flight envelope, mainly the reentry trajectory, 
with material samples and full-scale components 
required over a large domain. These very 
expensive tests are usually carried out in plasma 
wind tunnels to simulate the high heat fluxes 
occuring in reentry conditions. 

Furthermore, functional tests with combined 
thermal and mechanical loads have to prove the 
reliability of structural parts before their 

plementation in vehicles' primary structures. 

available, eg the solar furnace in Spain 
(Almeria), plasma wind tunnels in Germany 
(Stuttgart, Cologne) and high enthalpy facilities 
in France (Bordeaux). 
The development of experimental aircraft as 
technology demonstrators is a common way to 
get reliable flight test data. The Bell X-15 which 
flew nearly 200 times before it was cancelled in 
1968, or the Lockheed SR-71, actually under 
discussion as a carrier for half-scale NASP 
engine cowling arid exhaust nozzle, are 
examples from the pre-Shuttle time. Today, 
research vehicles and flight test programmes are 
projected for NASP (X-30) as well as for the 

@Japanese HOPE (OREX) to gain experience of 
other technologies with new reusable heat 
protection sys tems. 

Presently, there are only two vehicles with CMC 
hot structures, the US Shuttle and the Russian 
Buran. While the Shuttle has accumulated up to 
now launch and flight experience from 55 
missions over a 12 years flight period, the 
generally similar Buran has flown once in a 
three-hour automated test flight in 1988. 

Over the life of the Shuttle programme, 
experience showed that for about 60-70% of the 
time an orbiter will be out of service for some 
reason. Cost estimations of one Shuttle flight 
amounts to between 200-500$ million with 
marginal costs of about 40$ million per 
launching. 

@ n Europe, several different test facilities are 

Summarizing these facts it has to be expected 
that an experimental winged vehicle to evaluate 
advanced CMC thermal protection systems will 
be extremely expensive and will not be able to 
satisfy all the demand for flight opportunities. 
To get high reliability in CMC design and 
characteristics the best way would be a step-by- 
step learning process by successive reentry 
testing. A solution would be the use of capsules 
for low cost flight opportunities with reentry 
capability [14]. Although for example the heat 
fluxes are considerably higher compared to 
winged spacecrafts (about a factor ten) the 
conservative design approach of partially 
replacing the ablative heatshield by CMC 
shingles allows a fast increase of knowledge 
about the materials behaviour under severe 
conditions. Enhancing reliability, lower launch 
costs and no scaling down of experiments are 
some main advantages of CMC testing in 
capsules. 

6. DESIGN CONSEQUENCES 
Generally, the substitution of metals by CMC in 
primary structures requires a new design 
philosophy. Basic investigations in manu- 
facturing, testing and integration are necessary 
for optimization in several iterative loops. 
Therefore, a high availability of CMC materials 
must be guaranteed. 

Series production or an even broader 
application of CMC presumes low-cost 
processes with short manufacturing times to 
allow a rapid implementation of design changes. 
The most time consuming steps of current CMC 
fabrication are the furnace holding times, due to 
either low deposition times when infiltrating by 
chemical vapour (CVI) or several re-infiltration 
and pyrolysis steps for the polymer route of 
C/SiC fabrication. 

In regard to microstructure, composition and 
characteristics ceramic matrix composites differ 
from all other structural materials and represent 
a separate class of material. Although there are 
considerable differences between the individual 
materials and processes, some generally valid 
statements about an appropriate component 
design can be done. 
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6.1. Properties and Design Stress Level 
The mechanical and thermal properties of 
ceramic matrix composites, manufactured with 
processes as described in section 4, are 
published in literature and summarized in Table 
4. AU values refer to C/SiC resp. SiC/SiC with 
bidirectional reinforcements and fibre contents 
of more than 40%. Both CVI processes, 
isothermal and with gradients, lead to high 
mechanical properties with ultimate tensile 
strength levels of ca. 350MPa at room temper- 
ature and under static loads. The corresponding 
values for ceramic composites fabricated by the 
polymer route are considerably lower. For these 
processes higher strength levels can be achieved 
by lower fibre matrix bondings, realised for 
example by additional fibre coating or by 
thermal fibre pretreatments. In the case of Si- 
polymers several re-infdtration cycles with the 
liquid precursor and subsequent pyrolysis 
increase the tensile strength considerably (see 
Table 2). 

Ultimate failure stress _ _ _ _ - - - -  
350 

.- E loo 

50 

--- Design stress l e v c  
Depends on weibull modulus 
---- 

Sudden failure -1 
.O .1 .2 .3 .4 .5 .6 .7 .E .9 1.0 1.1 1.2 1.3 1.4 

Strain % 

Ultimate failure stress _ _ _ _ - - - - -  4 Fibre fracture 
350 

Further / \ Fibre pull out 

Fibre Reinforced 
Ceramic 

.O .1 .2 .3 .4 .5 .6 .7 .E .9 1.0 1.1 1.2 1.3 1.4 

Strain % 

Figure 11: Stress/Strain Diagrams of Mono- 
lithic and Bi-Directional Reinforced C/SiC 

In mparison to monolithic ceramics with their 
brittle failure behaviour damage tolerant CMC 
materials show at the same stress level failure 
strains an order of magnitude higher (Fig. 11) as 
a result of irreversible energy absorbing 
mechanisms like matrix cracking, fibre 
debonding and pull out. Principally, the total 
stress/strain curve can be divided into a first 
zone of linear-elastic behaviour with no essential 
decrease in stiffness, although some matrix 
cracks occur from the very beginning, and a 
second zone with distinct decrease of composite 
stiffness characterised by pronounced matrix 
cracking. The transition point cannot clearly be 
defined for CMC materials, but the 
corresponding stress level is much lower than 
the ultimate failure stress of the material. 

If the transition point is accepted as t h a  
maximum allowable stress level, the best CMC 
materials with static strength levels of about 
350MPa would have a maximum design stress 
of 100-150MPa, corresponding to 0.2-0.3% 
strain. Furthermore this design stress has to be 
reduced by adequate safety factors. Sum- 
marising, the usable stress levels of CMC are 
much lower than the characteristics in Table 4. 

6.2. Limits in Time and Temperature 
The lifetime'of CMC structures is limited by the 
thermal stability of the fibres. Currently 
available CMC materials are short time 
materials and allow applications at high 
temperatures in the range of minutes to some 
hours, depending on environmental and load. 
conditions. SiC/SiC materials are limited by 
recrystallisation effects of the ceramic fibres, 
which starts far below the ultimate application 
temperature of ca. 1200°C. C/SiC materials 
show a certain amount of oxidation resistance, 
but oxidation can rapidly occur by oxygen 
diffusion via inherent matrix porosities and 
microcracks or from exosed fibre ends. At 
present no oxidation protection systems are 
available in the near future which allow long 
term applications in the range of some tens or 
hundreds of hours. Combinations of fibre 
protection, internal protection and surface 
coating are promising approaches but such 
highly sophisticated protection systems will be 
extremely expensive and are restricted to some 
few applications. In all other cases one has to 
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accept th limited lifetime of WSiC structures. 
As a consequence, new design concepts must 
allow a fast and reliable replacement of expired 
or damaged structures. This requires high 
temperature joining techniques with advanced 
materials and joining procedures. On the other 
hand, highly integrated, complex structures 
would minimize the number of joints, therefore 
suitable manufacturing process with near-net 
shape technology must be available for new 
design concepts. 

6.3. Low Cost Material for Model Structures 
CMC materials, manufactured by chemical 
vapour infiltration, show very high and 
reproducible properties. However, costs and 
delivery time are also very high and due to 

e t e g i c  reasons their availability is not 
guaranteed. To force the implementation of 
these materials into new markets and to solve 
basic problems like high temperature joining and 
attachment of structures, model structures with 
lower but representative performance must be 
available. These model structures should be 
manufactured within short times and at low 
costs. As a result CMC materials and structures 
are available in short development loops and 
will increase knowledge and experience in 
designing with this new class of materials. 

7. CONCLUSIONS 
In comparison to monolithic ceramics CMC 
have the potential of higher damage tolerance. 

@Energy absorbing mechanisms like matrix 
cracking, crack deflection and fibre pull out can 
locally decrease stress peaks, resulting in 
ultimate strains up to 1%. At present the 
process of chemical vapour infiltration and the 
liquid phase routes are at different levels of 
development, thus leading to CMC with 
different properties. 

Due to limits in oxidation and temperature 
stability of available fibres, the application of 
CMC at present is restricted to three domains: 

For application temperatures below 800- 
1000°C large, thin walled components may 
be fabricated, which cannot be realised in 
monolithic ceramics. Generally, the lower 

th stres level and temperature, the higher. 
the application time. 

0 In temperature ranges above 1000°C CMC 
materials are primarily candidates for 
extreme- lightweight structures of limited 
lifetime. 
Due to their high properties under abrasive 
and corrosive conditions CMC can partially 
replace monolithic ceramics and super alloys 
in components, where the material strength 
level is no critical feature. 

The future achievement of CMC depends 
critically on the development of fibres with 
increased thermal resistance and of cost efficient 
fabrication processes. Beyond that the 
improvement of oxidation protection as well as 
the development of adequate joining techniques 
are of high interest. With continuing 
development, CMC are expected to be used in 
space (thermal protection systems, hot 
structures), aeronautical (combustion chambers, 
engine flaps) or terrestrial HT applications (heat 
exchangers, tooling devices, brake disks). 
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TABLES 

IManufacturer 1 - I Torayca 1 Torayca 1 Tonen 1 ldemitsu 

Prlce 

Number of f l l .  

DM/kg I 80/200 1 250/800 I 5000/- 1 

2700 3300 3600 
GPa 230 400 700 250 

IElonaatlon I % I 1.5 I 0.6 I 0.5 I 1.5 
(Densltv P I dcrn' I 1.75 I 1.80 I 2.15 I 2.0 

Rrn 20. 8 .  10.10-e Spec. electr. 
resistance p 

Coefficient of K-' -0.5. IO-' -0.5 -1.5.  thermal exp. a 

Soec. heat c JlfkaK) 0.71 0.71 

I I I Heat transfer 

Dlelectrlc 
constant bR 

Temp. of app. 
Tm,, airlinert OC 400/1700 500/2000 500/2000 

SIC: 65% SI: 48% Si: 60% 
SiO: 23% C:28% N: 37% 
C: 12% 0:18% 0:3% 1 TI: 4% 1 

2500 
180-200 206 300 

Table 1: Selection of Carbon and Ceramic Fibres for CMC Materials 
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3 

10-15 
1.9-2.0 
250-300 
0.4-0.6 
70-80 
12 

190-210 
- 
- 

PYC 

CMC 

1 

20-25 
1.9-2.C 
30-40 
0.1 
80 
6 

150-16C 
150-16C 
150-16C 

- 

Properties 3/92 

Infiltration Cycles 
Fibre Coating 
Porosity 
Density 
Tensile Strength 
Elongation 
Young's Modulus 
Interlaminar Shear Strength 
Bending Strength 
Bending Strength 1000°C 
Bending Strength 1100°C 

Lamination: 0/90" UD-Prepregs 

% 
g/cmJ 
MPa 

% 
GPa 
MPa 
MPa 
MPa 
MPa - 

1 

20-25 
1.6-1.7 
100-120 
0.2 
60-80 
4 

100-120 

- 

- 
- 

C/SiC 

1 
PYC 
20-25 
1.6-1.7 
180-260 
I .  4-0.6 
60-80 
2 

80-100 - 
- 

SiC/SiC 

Fibre Content: 

1 3 
PYC PYC 
20-25 10-15 
1.9-2.0 2.3-2.4 
140-160 180-200 
0.4 0.2 
80 90 
6 20 

160-190 280-300 
160-190 280-300 - 

__ 

Table 2: Properties of CMC Materials Manufactured by the Si-Polymer Route 

II IMPREGNATION OF FIBRE STRUCTURES (PREFORM) 

Infiltration (CVI) 

Imlhermnl - Temp. gradient 
Pressure gradient 

. Forced convection 

. Pulse process 

U 

Liquid phase infiltration r 
L 1 

11 U r 1- 
Without in situ-reaction With in situ reaction L 

Dehydration 00 Pyrolysis 
(Ceramizatio 

Reaction 
with fibre 7 structure 

with gas- 
atmosphere 

Table 3: Manufacturing Processes for CMC Materials [5] 
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I I CVI-Route I Polymer Route (*) I Monolith. I 
Properties Units Isothermal p,T-Gradient Si-Polymer 

C/SiC SiUSiC C/SiC SiUSiC C/SiC SiC/SiC 
Tensile strength MPa 350 150-200 270-330 300-350 100-120 30-40 
Elongation at % 0.9 0.3-0.5 0.6-0.9 0.5-0.8 0.2 0.1 

170-230 90-100 180-220 60-80 8G 
300-580 450-570 440 

280-400 450-500 500-600 100-120 150-160 
25-40 45-55 65-15 4 6 
10 10-15 10-15 20-25 20-25 
40 42-47 40-50 45-55 45-55 
2.5 2.1-2.2 2.3-2.5 1.6-1.7 1.9-2.0 
3 (1) 2 (2) 4 (2) 3 3 

5.7-9.5 (1) 6 10 
620-1200 600 

I I I I 

Manufacturer I SEP [3] I MAN [8] I Domier [4] 
11 =parallel. I =perpendicular to fibre direction, ( I ) =  RT-lOOO°C, (2)= 100-lOOO°C, (3) = RT-15000 

(*) Values without additional fibre coating and after one infitration cycle 

. .  

Si- 
Miltration 
C/C-Sic 

0.23 
90-1 10 

60-70 
300 

160-200 
55-60 
3-7 
55-65 
1.8-1.95 
1-2 (3) 

4-6 (3) 

10-15 (4) 

6-8 (4) 

1150-1850 

DLR 
;, (4) = 21 

Ceramic 

SSiC 

405 
2900 

350400 

3.1 
4.1 

105 

660 

sintec [IS] 
-1700'C. 

Table 4: Typical Mechanical Properties of 2D-CMC in Comparison to Monolithic SSiC as 
Published in Literature 
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Integrated Approach in Modelling, Testing and Design of Gradient-CVI Derived 
CMC Components 

D. Sygulla, A. Miihlratzer and P. Agatonovic 
MAN Technologie AG 

8000 Miinchen 50, BauschingerstraBe 20 
Germany 

SUMMARY 
Ceramic composite materials with continuous fibres in 
a SIC matrix, manufactured by CVI, have shown 
benefits for structural applications due to high fracture 
toughness and damage tolerance under operational 
conditions. However, the production time associated 
with the hitherto applied CVI technique entails 
development cycles of hardly acceptable long duration. 
Therefore, there is growing interest for the CVI 
lechnique to manufacture reliable CMC parts, focusing 
qecial attention on a more efficient production 
technology. In this paper a current attempt to develop 
and qualify a new CVI process, the so-called gradient- 
CVI, is described and discussed. This process offers 
iucreased productivity appropriate for industrial 
production and excellent material properties. 

LIST OF SYMBOLS 
CMC Ceramic Matrix Composites 
CVI Chemical Vapour lniiltration 
GAST Gas Cooled Solar Tower 
C/SiC Carbon-fibres/Silicon-carbide matrix 
SiC/SiC Silicon-carbide fibres/Silicon-carbide matrix 0 w e n s i o n a l  
3D 3-dimensional 
E,,, Young's modulus of CMC 
EF Young's modulus of fibres 
EM Young's modulus of matrix 
ED Mean cyclic Young's modulus 
E,-, Young's modulus of cracked composite 
V Volume fraction of fibres 
'IM Fracture energy of matrix 
R fiber diameter 
' I Poisson's ratio 

7 Shear stress 
A Matrix crack distance 
U, Matrixno~~~~al~tress  
us Matrix crack saturation stress 

K, Critical fracture toughness 
GFRP Glas fibre reinforced plastics 
CFRP Carbon fibre reinforced plastics 

Straininmatrix 

QB Rupturestress 

1. INTRODUCTION 
The need for structural materials that allow reliable 
operation under high temperatures has posed a real 
challenge for the current technological development 
especially for future supersonic transport. The 
mechanical and physical properties of ceramics, such 
as, high temperature strength, low weight and low 
thermal expansion, offer an advantage over other 
materials for the use in lightweight structures operating 
under high temperature conditions. However, the 
conventional monolithic ceramic materials manifest a 
wide scatter in strength properties and they are known 
to be extremely sensitive to stress concentration and to 
the presence of very small flaws. This shortcoming of 
the monolithic ceramic materials can be overcome with 
CMC materials. 

The application of ceramic as a structure material, was 
initiated at MAN Technologie many years ago in the 
development and testing of the ceramic heat exchanger 
for a solar power station (GAST). A further step was 
the development program of components for the 
"adiabatic" diesel engine, where MAN Technologie has 
gained experience with the use of ceramic matrix 
composite materials. The engine was mocked-up with a 
piston insert of SiC/SiC, a cylinder head plate, ceramic 
flame-sprayed valves and a cylinder liner in the 
exhaust channel, consisting of monolithic Al5TiO2, [ 1, 
21. In a series of different component and engine tests, 
the ceramic composite materials with continuous fibres 
in a SIC matrix, manufactured by CVI, have shown 
benefits in structural applications, [3]. High fracture 
toughaess and damage tolerance under dynamic load 
conditions at appreciable stress levels were clearly 
demonstrated However, it became evident that the 
long production time associated with the hitherto 
applied CVI technique entails development cycles of 
hardly acceptable duration. From simple geometrical 
design changes to testing required hun-around times of 
up to 1 year. Therefore, industry has focused special 
attention on the CVI technique to manufacture reliable 
CMC parts since an efficient production technology is 
a mandatory prerequisite for a broadened utilisation of 
CMCs. The so-called gradient-CVI offers increased 

Presented at an AGARD Workshop entitled 'Introduction of Ceramics into Aerospace Structural Composites: April, 1993. 
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productivity appropriate for an industrial production 
and excellent capabilities to produce high performance 
materials. A current attempt to develop and qualify this 
new CVI process is described and discussed in this 
paper. The process, using temperature and pressure 
gradients throughout a fibrous preform, was originally 
introduced for the manufacture of carbodcarbon 
composites, [4] and was successfully transferred to the 
Sic matrix infiltration at the Oak Ridge Laboratory in 
the USA, [5].  This paper describes, as far as is known, 
a first approach to the industrial scaling-up of the 
gradient CVI-process for the manufacturing of Sic 
matrix composites. 

Another important condition, in terms of cost- 
effectiveness of CMC components, is the appreciation 
of an integrated design concept as CMCs are typical 
engineered materials, i.e., the design of a component 
has to adequately combine operational demands, 
manufacturing needs and limits, and the inherent 
anisotropy of the properties of the composite material. 

2. SELECTION OF MANUFACTURE AND 

Extension in the use of CMC materials requires not 
only solutions to a number of technical problems, but 
also changes in the outlook of designers which are 
accustomed to concepts more appropriate for 
conventional materials. 

DESIGN CONCEPT 

Traditionally, most designs are based on previous 
experience and similar designs, with some 
modifications introduced to fulfill particular 
requirements. According to this, many designs tend to 
evolve gradually as a series of modifications of the 
same basic plan. The designer is aying to make his 
best judgement conceming the expected behaviour of a 
new structure on the basis of information and 
measurements from previously realised designs. Taking 
this approach in case of the CMC materials can lead to 
serious problems. When designing a structure to be 
made of metal, for example, the designer specified the 
stress level below elastic limits to be safe. Local strain 
increase above the elastic limit yields to plastic 
deformation, but will seldom cause fracture, because 
the metallic material can adapt to some strain increase 
imd failure can appear only after a thousands of 
repeated cycles at the same level. In bulk ceramics no 
significant plastic deformation can occur without 
failure. The conventional monolithic ceramic materials 
manifest a wide scatter in strength properties and since 
they do not yield, they are not capable to redistribute 
high local stresses as typically other design materials 
will do. Due to this brittleness, bulk ceramic is very 
sensitive to stress concentrations and looses total 
strength even if a very small flaw is present. Therefore, 
designing with ceramics is very different from 
designing with metals, which are much more tolerant 
of local stress peaks, flaws etc. This shortcoming of the 

monolithic ceramic materials can be overcome with the 
ceramic composite materials by combining the 
advantages of both the monolithic ceramics and 
diminishing their weaknesses. It is clear that both CMC 
ingredients, fibre and matrix, correspond to bulk 
ceramics. But their composite behaviour changes 
strongly, making CMC-materials attractive. Thus, both 
experience in metallic as well as in bulk ceramic 
materials is less relevant and may not be directly 
applied to CMC parts. 

On the other hand, glass fibre composite parrs 
deformation and fracture mechanisms are completely 
different to CMC materials, too. For CFRP and GFRP 
materials the function of the relatively weak matrix is 
to bond the fibres together, providing the strength, that 
is lacking in the matrix. Again the corresponding 
behaviour and the design experience is less relevant for 
the CMC application with the brittle Sic  matrix. 
However, virtually any form of fibre lay-up that is 
possible with plastic composite, including three- 
dimensional fibre architecture, is also possible with 
CMC. Based on this, the preform manufacture 
experience can be very valuable for CMC applications, 
but the same forms should never be applied prior 
verification. 

0 

Based on above findings it is clear that nearly no 
background from valid experience with other kind of 
material is available. Moreover, direct transfer of these 
experiences may be very erroneous and can lead to 
inefficient and unreliable designs of CMC structures. 

In essence, CMC structures should really be considered 
as structures rather than as materials. Accordingly, it is 
essential to have an integrated design process based on 
the synthesis of the material, stmcture and manufacture 
processes and/or requirements and capable of balancing 
the relevant manufacturing and design variables within 
of the solution. Thus, the design of a component has to 
adequately combine operational demands, 
manufacturing needs and limits, and the inherent 
anisotropy concerning the properties of the composite 
material. 

The concept of the integrated design of the CMC 
structures is the essential part of the MAN-approach. 
Based on this, the following research priorities for 
development work were selected 

0 Efficient parts manufacture, compatible with a 
commercial/ industrial environment, guaranteeing 
low cost and low time to perform all operations 
that comprise component production. Time like 
money, material, man power etc. is a resource 
defining the profitability, i.e., simple acceleration 
of the manufacturing process can lead to a 
significant increase in the profitability and overall 
efficiency. To this end, development and 
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quali6cation of a new gradient-CVI proccas, with 

industrial production, is the main subject of the 
developmental work, explairmi in more detail in 
the next chapters. 

an inaslssd produaivity appmpriate for an 

Quality and the ability to inspect the product are 
m m  important to the success of CMC materials. 
The high s e d v i t y  of both ceramic constituents to 
anykind of defects lequilw the estabkb ’ ent of 
appropriate NDI methods fully capable of snsluing 
Dcceptable quality and the d o r m a n a  with the 
rrlipbility requiremerua. The patts must be 

reliably performed on all components and over the 
whole volume. 

Quality coat101 means umformaaca with the 
requirements when mannfecooring a batch of parts 
witb the spatid geometry. Utder these c o d t i o ~ ~ ,  
the impoaMce of treating CMC as stluctuns 
rather than as materials gets full attention Cm 
must be (RUC that important properties, examined 
and validated, WiIlg lypical ow d i m d d  
laboratory specimens, rn also adieved on the 
COmpOounS.  

desi@ 80 that the quality contlol aC&ioM can be 

The above requiremeata of qaality sdwl~~llcc lead 

sanctum elements of uniform shape, which, a h  

surfaces. may be assembled in structure8 of 
clifheat geomekies. At the same time, the 

patts. Therefore, MAN Technologic’s design 

inevitably in the case of ceramic applicafioas. to 

careful NDI coalml and prepnrption of interface 

gradient-CVI process favours regularly shaped 

concept relies on the utilisotioa of t m d a d i d  
pans, such as 8tiffcrEd platea. prof i le  beams and 
spars and lubular elements. to yield their short 
manufacturing cydes at a cost advantage. Tbis 
“Building Box“ principle n y i r e s  reawnable 
joining metbods for complex parts. Di&rent 
approaches are under development depend@ on 
the load waditiom of the particular operation 
However, because of the severity of the joining of 
the CMC parts problem, extensive festening should 
be avoided In this nspcct, therefore, careful 
optimiiatim of the de&n is necessary. 

High leliability of the W product means, in 
addition to high performance and reliability in 
service. the possibility to repair or replace a 
damaged component with an acceptable effort. 
Also, in this respca, the use of parts asswlbledin 
the structure allows individual proof, repair and 
replacement of damaged components and is, 
therefore. advantageous. The conespooding 
maintenance system, fully proved in the case of 
metallic structures, is for the purpose of CMC 

stluctum even mom promking. However, the 
weak point is the design of reliable joints. 

Using acmrate mPfhining (grindine) of all 

assembly stre~sc8 to appear undu i h t e ~ o i a i a g  
operations. Although the e d v c  and expensive 
machininghas to be avoided, the distoaiws uodsr 
basic manufacture d t i ~ ~  cannot be avoided 
and their removal by mPfhining is desirsble and 
possible. It is clear that in the case of integrated 
structure8 the removal of nsidual meaea may wt 

interface surfaces w prevent high rcsidoal and 

be possible. 

3. MANUFACTURINGPROCESS 
The mnnnhctnre of C M C c o m m  w the basin of 
the gradica-CVI m s  comprises three major 
working steps, which are 

Reparation of stabilised fibrolts pnrorms near to 
net shape 

Machiningasrppropriatc 

In6ltration ofthe fibre coating material and of the 
Sic matrix in one pmcw 

These working steps are &scribed in the fdowiag in 
moredetail. 

3.1 Reform preparation 
Whenever p i b l e  commercially available 2D-woven 
fabria are used, for ecwomic masons, to build up the 

handinto apprapriate moulds. During this procechrn a 

bearing polymer, is put between the fabric layen in a 

keep the shape bat avoids the impairment of the 
subseqmt vapour inliltration process. Rim to the CVI 
step, the shapcd preform is mounted in a flanged 
holding tool and then the adhesive rcsinis d and 
pyrolyzed under h r t  gas. Thus, a stabiliscQ self- 

f i b  preform. usually the fabrics rn laid-up by 

resin which w be a p l y  organic ollc or a silica3 

quantity which prwidea sufficient mscagdl to (Ict and 

supporting preform ready for CVI is obtpined. 

3.2 Matrix inmtmatiou by the gradient-CVI proaas 
The holding flange with the preform is mounted into 
the CVI furnace in a way that the flange and the wall 
of the fibrous preform separate the mmace chamber 
into two parts which are, in m m s  of an infilaatioll gas 
flow, upsapm and downsaeam. A sketch of a 
gradient-CVI reactor principle is shown in pigure 1. 
When the gas flow is let in the CVI hunacs, aprauRnc 
gradient d t s  at the p u s  preform walls. Its 
amplilude dcpeads on the gas flux, the wau thidmsss 
and the fibm architcctun of the preform. During the 
ia6ltrationNn.thepnssore gradientimxea~withthe 
proceedingmatrixgrowth. 
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Vent 

Heating zone 111 
Fibrous 
preform 

Direction of c infiltration 

Holder 

Cooling zone1 I I 
Gasinlet 

Agun 1: Sketch of agradient CVIn?actor 

The Sic pmnior gas is methybichlom-silaw 
(CH3SiU3) io cxcesp hydrogen as carrier gas. 

Atem- gradientwhichisinveraetothepnsswe 
w e n t  is applied to contml the local diwibutiw of 
the matrix acposicion witbin the preform. At the 
beginning of the infiltration PrOaaJ. the Qwn-sauun 
side of the preform body is typicaUy heated to 1450 % 
for the SiCmatrixprocess whetcm ths npsmam side 
b held at a lower temperame at which Sic deposition 
does not yet OCCUI. This meaos that the densi6cariw of 
the 6bmw wucmre by Sic matrix growth proceeds 

dircction aad thna allows a p s r m d y  open ~ccess 
&om the rear to the h t  side agaiast the gas flow 

for the feed gas throu@mt the delwi6Carion process, 
notil thegmwthl%ontreacbes the lljbp-weam surface. 
The progress of the growth 6unt is driven by tk 
W e S C  Of the thllld CQ&UdUctty where the plw 

filled with Sic mahix. 

In comparison to the i s o t k m m b a r i c  CVI process, 
the~-CVIeXhibitStW0uLncntialditfcnaCes: 

amarktdlyhigbcrgasflow 
araiseddepositiontempralure. 

Both of tk.8 featurcs involve a remarkably hi& 
&position rate whicb would cause soon clogging of the 
surfxe near pons and exclude complete densification 
wben applied in the i s o t h u m a l f ~ c  process. This 
b i g h e r o a c f u l & p o s i t i o n r a t e ~ t h e t i m e ~  
far dezwikation of a ceaaia thicLncss by at least one 
order of mapimde. 

A pilot plant for the gradieat-CVIms in shown in 
A p  2. Thiseqnipnemprwidas a WO&@ capacity 
of 220 liters ad allows, as it is m y  a o t o l n ~  
colltirmwsinfiltntionru~wi~tpasonalcontrol. 

-a 
.- 

I R 

A p  2: Fully automid pilot plant for gmiient CVI 

3.3 F m d  madbbg and joining 
Manufacture of CMC parts is mainly based on near- 

final maciining, esp~dnlly on all contact slaface~ at. 
connecting joints, c~llwt be avoidd. The hid 
machining of CMC paas is performed by diamond 

cutting by a hi@ power laser. The hurllless of the 
material maka the machining operation dif6cult and 
very expensive. On the other haml, then are no 
degradation effects through the machining and the 
sangth of the pm3 is not redoced by cutting of the 
6 h .  Morsova, by the a&quate form. moothing, 
avoidance of the midud messes, preloading, etc., the 
shength of astNctuIc canbe signi6dyinrprwed. 

netisbape -. HOW~WX, already stated, the 

Jghding aad ddlling. inwludinJj also. if neassuy, 

Joining is done with metallic faweoas, ma& of 
r e h ~ o r y  metals if the service tempemmu is bey& 
the m h u m  temperanue level for nsorl metallic 
fsstcncrs. The high caqnwnive and Bbsrustrsagths of 
t h e C V I * v e d c u U n i c ~  ' makethishhdof 
joining a very reliable one. Rutbermon. it providcs the 

for 0 important adv;lotoge of 811 easy dismwnting 
inspedion. aad repair in case of local damage. 

A fomher metallic joining method which has already 
been tewedis brazing with d v e  bnzes. However, 
probably doe to the typical midual pomity of CVI 
derived CMCa, the reliability of brazed joints is not yet 
fiatisfactory 80 thst additional development wodi is 
mcemry. Rtrthsrmore, this is the joining methodwith 
thestrictesttempela~limiratioo. 

\Nhetp: only low mechanical lods occur, joints with 
ceramic ammts, prefehbly with Sic pow& filler, are 
applicable. In this case it is necesmy to machine the 
joining slafaceS BccDIlltcly to enam a u n i f o ~ ~  tight 
contact. The cement volume should be kep at a 
minimum aad the suppmt by 6xatioM is hwmble. 
aood experiencw were gdocd with Suim OrgaIliC 
polymers @olycarbosjlamea aad - silszaats) as bin- 



ders in the ceramic cement Upon their pyrolysis under 
inat gas tbey form an amqhom Sic &dual which 
fie to the Sic matrix mmpoate matexial. 

A very Promising development route, which provides  
iohaently joined elements. i.e.. over interlaced f i b ,  
re- on the utilisation of 2D- and 3D-woven shaped 
fibmus wocmns. Tbe cumnt development is oriented 
towad higher fitne volume contents, comparable to 
thwre obtained with stacked mfabrim and 
multidhedod in-plane f i b  odeamion. 

3.4 Feasible forms 
As already menrioned, the gradht-cvr pnxxas 
favoms regullrly shaped palts. Exiimples of feasible 
geome& am even and curved plates, cylinders. 
anguh tubes, boxes and U-seaion beams. These palti 
CUI be proviacd with eo&xdng elallem such as 

camgatcd sectiolls. thichrcss variariom, and 
megated ribs of some miUimetem in kight. 

Rmhennorc, with the padimt-cVr method it is 
which ale beyond 

d CVI process, e.g.. 
pcslible to rcllize wall thictmsacs 
the capability of the ccmventi 
ylrtes with 25 mm thicLntss have .succesmy been 
inflltrsgd by gradient-cn 

ExiimpIes of manufactarsd basic patts ~IC Shown in 
Rgare 3 a n d R g m e 4 d c m ~  at the 88me time, 
the *le of how such parts are assembled to a 
complex component. 

a-. 
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Rpre 4 Asscmby of gradient-CVI puts to a 
complex component 

4. DESIGN PROCEDURE 
CMC matuials exhibit veiy diffenm ahd m m  
complex N.spolrsc to applied lo&% corn@ to other 
mataials and provide rema&tble mechaaid 
characraistcn in comprdson with talk arpmics. 
Di&leM analyses hss been performed to date the 
wcagthpmpertiesunder Mvrilc coaditions. eqcchlny 
first matrix c m h g ,  to microstmctmal behaviour, UI 
f i b  sliding in the matrix, 6tm bilging and pull-out 
in the clack w* and the f i b  mpmn. The 
achievemenr of the a&quate wcagthpropdx of the 
CMC wocturw, depenas on the knowkdge of the role 
played by each of mssc fesarres during deformation 
and development of the failure. Therefore, the 

on microgrmctural secuoaes, CUI provide rignificrnt 
comodbution to the m&mmhag . 
prepare pie- infoulwon neassery for the 
a&quate srmcturr d e d i  

The analyticnl modclling of tbe mechanical behavicar 
is performed not only for the porpoau, of CCRmic 
adquate integated dwim kat also for the 

imprwed modelling of the behaviour, which is besed 

ofthebehavicarand 

optimisation of basic material. 

4 . l A d y t i c a l m o d ~ o f t h e h o w  
Tbe first Lind of pmblems nlrte to lhc detelmhtion 
of the "elastic" moddm. 'Ih e l d c  m c & h  of a 
single, ImMimUid ply mmposite, in the direction 
of the fibre. CUI be give0 by the law oflnixmex 

Howevex. a gcnenl feaauc of the slress-strain RWC of 
a tension wt is that the initial linear elrstic region is 
followed by a non-linear s&tm incmme up to a 
maximmawbenthefailureoccnrs. &dytheonsct 
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of non-linear deflection coincides with the first 
formation of matrix aarks. 

Due to matrix mckiag the composite's strength and 
modulns pmgmssively d u c e  down to miaimum 
values. co- ' to the situation where the 

cracks: 
applied load is carried by the fibres alm. bridgiag the 

Rmhamore. for woven 0/90 sysms, stretching or 
wmprewing the fibm t& to reorient the later thus 
inducing little non-linear effects. Therefore, the non- 
linear effects are present in the system, aa a 
combination of differem effects. It should be noted that 
at failm the stres8 is nlatively low. but the seain is 
high compand to that for monolithic ceramics. It is in 
so& materiala that large straios-to-failm can be 
achieved. However, this inmased saaining m p k  
some sliding of the matrix over the fibres, so that stress 
increase after matrix uacking is non-linear. The 
ultimate load clrryine capacity is determhd by fibre 
failm and puUoot 

The 6rst cracking of the matrix io the CMC system is 
the conseq~arce of the lower wain capability of the 
matrix compand to the fibre. For crack onset io the 
matrix two wnditions are necessuy: the wain in the 
composite must reach the fnlctlue seain of the matrix 
and supply the energy mq&d for the framue process. 
Basedon this, the wain -sary forthe matrix crack 
onyt is given by, [61: 

then the formation of multiple, regulary spaced matrix 
cracks wiupncede failure of the composite. Infect, 
the crack spacing is the ConaeqUarce of the interaction 
of the slip zones necessary for the full load traosfer 
between the f i b  and the matrix and, therefore, can be 
also determhd based on the fibre wen& dimensions 
and the shear strength of the interfaces. 

The cracks develop succeapively up to the overlapping 
of the effects of the neighbouring cracks or up to 
saturation density: 

(4) 

The comsponding stress is called saturation stress, 
(U&. The crack spacing is directly dependent on the 
fibre h c t i q  and this means that the matrix is 
weakened both by matrix h d o n  reduction and 
increase in number of cracks, so that increase in fibre 
volume tiaction is, for practical purposes, limited 

e 
For 1D reinforced composites which exhibit multiple 
cracking, a method to describe formation of the 6rst 
manix crack has been also developedbased on framue 
mechanics approach. PI. Separation of the surfacw of 
a matrix crack is resuained by fibre reinforcement. 
This "clopure" effect prevents funhcr crack growth. 
Therefore in the analysis, a matrix crack is formed in 
two hypothetical steps: 

the bonds across the crack plane are cut and the 

(Hgun 5 a) 
shess causing the crack to open is applied 

at theend of each fibre m a t h  within a diwpnce d 
of the crack tip a reverse traction is introduced 
which allows the fibres to be rejoined 

(3) 

e (Hw 5 b). 
TII& rclarionship is the basis of the so-called ACK 

darionship some consistency between flexure and 
uasion test d t s  can be expected However, in case 
of the intemal wressecl due to the f ibmatrix 
mismatch, the fracm main rel&onship must be 
modifiedby q w p c m q j  ' Sllbaacting the relevant part 
I d  straid 

It canbe seen from (3), that the crackinitiation seainis 
positively infiuenced by the fibre volume W o n  and 
the reduction in fibre diameter. This is also valid for 
woven fabrica conside.ring that the fibre volume I*) 
fractionis varying from 0 to 100 % of the nominal 
value with 50 %as themeau 

dw (AV&OU-C--KEUY). Based 011 this 
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According to this approrch the crack initiation is 

matrix (Kc) and friction forces at interface between the 
fibre and matrix (7): 

I 
I cootrolled by the fraclule toughness parameter of the 

Again it can be seen that a high fibre volume fraction 
and a small diameter insorc that a snf6ciem number of 
fibres Lnidge the matrix crack. preventing their 
propagation. Another advautage of the small fibre 
diameter is thpt the fibrc length q u i d  for MI fibre- a matrix load apnsfer (critical length) is also small. 

Concerning the inrerf.a between the fibre and matrix 
e&a, which is characte-by the shear strength, Q, 
the relationships an mofe complex thao both above 
equations indicate. If the f ibmatr ix  intufpcial 
bonding is stroog, the shw concentration on fibres at 
the crack tip. during matrix crack propagation. will 
g e n e d y  be high enough to h c t m  the fibres. 
Because of thin CMC should confain fibres that an 
weakly bonded to the matrix, so thpt matrix cracks only 
can propagate around the fibres and not through them, 
thus allowing the bridging of the crack and limiting 
crack extensioa 

Cyclic loading leads to further significant difhences 
in the behavim a l a  is conscqoently, in overall 
perfonnancc of the CMC materials, in comrast to other 
materials.  he m s  of the material change 
depend@ on the loading and unloading premain in 
the tensile k t i o n  and loading in compression after 
crack closing, (Figure 6). AI the tensile side the loop 
develop with a mean wimh (AE) that corresponds to 
the sliding effectsbetween the fibres and the maerix 
Based on this, the ioterfacial mmgtb 7 can be 
measwed, At the same time, the mean tensile slope 
R) of the cycle continously reduce with the increase 
of the initial prestraia 00 the other haod the 
compression modulus generally equals the initial slope 
of the CMC kcfore matrix cracldtlg. Non-consihtion 
of the wress-seein relationship variation is a handicap 
to reliable dwigaing with these materials leading to the 
inaccurate evaluation of the shw dLwibution in the 
components under opedonal loading and the inproper 
use of the material. Thc tenailscorn p s i o n  sr i f iks 
asymeay, which is &pen&nt on the load level, is also 
rupoasibk for the inadequacia of bending load 
measuremema for the purpcses of the material 
C h a r a a a u r a t l  . 'oa 

4 

p' 
Rgure 6 Scheme of cyclic behaviour of CMCk 

4 2  FE-MOaening 
The major drawback of the analytical models is that 
they are limited to the idealised conditions, as for 
example, unidinxtional fibre wengthcnin& matrix 
isotmpy, etc. Even the evaluation of the "elastic" 
modulus, based on (I), is only valid for matrix without 
any porosity effects. lberefore, the kind of modellins 
which is based on microscopic observations io the 
composite and its direct implementation in the model 
may be very usefUL For these puposes, the FEM 
model, besides king a method used for the pndiction 
of the behaviour of stmctoral systems. Can also be used 
to model the different phases, ingredknts, and efbcts 
at microscopic level and to predict the overall 
macroscopic behaviour of the CMC system. 

To veri@ the benefits of the combid PBM- 

observed on CMC micrographs, has ban modclled and 
h d g a t e d ,  83 ShOWn in Figure 7. POr the pnrpape of 
the analysis the failm of the fibre bundles and matrix 
is asSUme& based 011 N p W  S l l ' f h  hl this 6lS 
analysis, no consideration of the sliding at interfacea 
betweenthe fibre andmatrix has baninlroduced. 

During calculation the conditions are varied in order to 
gain knowledge about the behaviour of diftkem 
"material con6gmations". Thc results show that the 
best agreement with tbe experimental results is found 
after introduction of the "voids" in the matrix material. 
The effect of voids was bigger than expected (Rgure 
8). The stifheas of the system, by eliminating the pan 
of matrix material reduces, and the stress disuibution 
changes considerably. The stress change is a product of 
both high concenlration at pores and loading by fibres. 

microscopic approad& the in-phase ply stacking, 
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'' Matrix Void Region \ I 

I 
I 

b) Longitudinal B7dIe ' /. Fiber \ L r s e  r n d I e  

Void Region Matrix 

Figure 7: Microscopic cross section of C/SiC, a) and 
the approriate FBM model, b) 

The previous analysis shows that voids induce more 
cracking and also reaponsibk for non-linear 
macroscopic behaviour. In typical CMC material with 
2D-woven fabrica, the volume haion  of the pores 
within of the mahix is nearly the same as the fibre 
fraction in the loading direction under tensile loading 
conditions. Therefore the effect of pores should be 
gigniftcaot. 

mo 
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Figure 8 Comparison of test results to computed 
results with *nt CMC models 

On the other hand, comparison of some d t s  for 
different CMC materials have shown that Dmateriab 
may be nearly accunue repnsemed by the lDv&on 
of the same matedals if the ~aess-saain curve is scaled 
down according to the 6bre fraction change in ooe 
direction (mostly 50 46 for D C M C )  (shown 
shematidy in R p  9 according to [SI). Based on 
this, one can m m e  that the behaviour of D C M C  is 
mainly controlledby the fibre lay-q in the dircaion of 
the loading. Even in the case of woven Dfabrim, the 
differences were so small, leading to the conclusion 
that the conhibution of the fibre curvaton may be also 
negligible. 

ZhEl, I I , , I 
0 

0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8 
le 0.8 1.0 

Figure 9 Tensile wess-strain curyes for 0" and 0"W 
SiClLAS at mom temperamm 

aenerally, previous results show that further modelling 
effon is ~eoessary and very desirable, both for the 
fundamental undemanding of the behaviour and for the 
optimisation of the CMC basic stnrcture. The 
comsponding investigation must concentrate on the 
sensitivity analysis of CMCa to the variation in 
parameters and features of the basic componenar 
included in the composition of the material. e 
Although the analysis shows that the FB method is a 
very important tool that can efficiently aid the 
investigation of the microshuctural aspeas, the 
presented results are preliminary, and have to be 
verified by furtber examination The results wem 
presented here to show the Muence of porosity, which 
is usually neglected in different models. at fim also in 
the simplest one, of the so-called 'law of mixhue" (1) 
for the evaluation of "elastic" modulus. 

4.3 Materialcharacterination 
For the praaical application in addition to the teasile 

'c of the 
materials may also be very important, as for example, 
general perfoxmancc un&r wess condition (stnss 
concentration, bi-axial 8tre8s conditions, shear 
strength), fatigue behaviour, creep and environment 
effects. 

mphlre strain capability otber charaetmstl . 
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For tensile tests, nuC plate specitnm were used with 

tolerant behanollr, lmown for cootirmoos fibre 
reinforced material. is clearly drmoasaptcd by the 
stlefa-smul ' curve from a tensile test shown in R p  
10. The d t s  confirm the quasi-pMc material 
behaviour. typical for this type of CMC. WMCb depends 
on maaix macking and load aausfer to the f i b .  W i t h  
a density of 245 ucm3 the material a high 
speci6c strength and it exhibits a wwi&rable seain to 
ruphm. The -ate imcrlarmonr ' shearstlengthand 
the high compnssive strength rendcr joining by bolts 
possible as described sbove. 

the size of I O W  x im mm x 3 mm.  he seain 
For L -h temperature materirls the maximum 
U t i l i s l u i o a t e m ~  is also very impoasnt This is 
for CMC on SiC/SiC bads limited to lz00 OC. w k  
forthe C/SiCmaterials the application up to 1600 OC is 
possible. In the last case, however, the oxidation 
proteuion of the sensitive Gfibre is necessary. For C/C 
mltaiPls the temperulne limit is much higber, but the 
problem of oxidation protbction is even more scrions. 

Development of matrix aacks strongly innuences the 
&formptioa b.hpvioor of CMC material un&r fatigue 
conditicm. However, after imeaoiVe matrix cracking 
during the 6mt cycle, fmtbcr crack growth is nearly 
fouypmremcdby the fibre closure effect, so that life 
time up to millions of cycla can be achieved with the 
iuateri& inspite of the matrix macking. 

Imporraat &sign material clmackm ' tics of typical 

basedontestnsultswillbepnsentedanddiscussed 
CMC mamiah manufachmd by gradient CVI method 

5. PRESENTATION OF RESULTS AND 
0 

DISCUSSION 
5.1 spceimcn tests 
The material data of the CMG obtaioed with the 
@ent-CVI proass. i.e. SiC/SiC and C/SiC are. 
compiled in Table 1. 

Idcm31 23-25 I 
enralestrennth I MPI I 300-400 I 270-3 

I .- .- - , ,- .- - , 
Rupaue wain l % l  0.5-0.8 I 0.6-0.9 

Fatigue (LCF) HlOMPa f160MPa 
Youn~~'sModUl0s OPa 180-220 90-100 
coeff.ofthenn. 10-6 4 3 

Table 1: Mattrial properfiea of SiC/SiC and C/SiC. 
manufacturd by gradient CVI method 

I 
I 
I 
I 
I 
I 

0 .P .4  .6 .U 

Stratn C%1 

Figure 1 0  Stress-wsin m e  of a SiCBiC teapile test 

Diffemnt material lay-up compdtiom were investi- 
gated in tensile testa to clprify the inn- of the 

the rupture strength a d  rupture strain. see A p  11. 

Even in the cpse of an orientation in [+45°/450]n to 
the applied tensile load (that mePo8 no fibre was 
oriented in load direction) the rupture shength and the 
ruphm strain was consi&mbly hi@ The amount of 
quasi plastic defonnadon is nevenheless very good, 

The fih volume hction in load direction is h a &  
with the [ W W ,  30°/-600. 60%300],,-materiaI 
compand to the [+45°/-450]n, but is lower h relation 
to the [OOW],,-orhted material. The results with the 
orientation in [ W W ,  +45"/-45"],, are inbetween the 
latter curves. The material offers a wick band of 
possibilities for the &sign of compomnts as the 
strength and s i i f h w  caa be adaped to the 
reqoirementsof the designby choosingtbe appmprhte 
material layering. 

The results of the notched tensile testa @late with hole, 
Kt = 243) show that the material is not sensible to 
stre88 colloentTstio~. compare. F i p  12 to Figure 11. 
This is the m m  powerful advantage of CMC in 
comparison to cornrearional. monolithic ceramic. 
Together with the pvious mentioned "quasi plastic 

laying-up augk of the woven carbon fibre fabrics on 
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deformation", which are both untypical for monolithic 
ceramic. the material can be used for design pqosea 
in aerospace applications. 

300 

250 

50 

0.0 02 0.4 0.6 0.8 10 
stmi x 

Rgure 11: Tensile test results of C/SiC with different 
ply orientations 

" t  
200 

0 

ABun 

1 

0.0 0.1 02 0.3 0.4 0.5 
stmin. x 

12: Teapile test d t s  of notched USiC 
+en with different ply orientations 

A fiuther material property of C/SiC and SiC/SiC, well 
known from monolithic ceramic, is thDt they maintain 
the srrengtb even at high temperature levels up to 
1300OC. Agure 13 presents a comparison of tensile test 
d t s  at 1000°C and at 1300 OC in vacuum with 
o"/90° C/SiC material. Mer the 1000°C temperature 
test the remaining part of the specimen was again 
tested at room temperature. There is little reduction of 
the seength after high temperature test although the 
sample was already loaded up to 273 MF'a The high 
temperature results prove the remainhg high strength 
of C/SiC. The 130O0C-nwe is slightely above the the 
1000°Gnwe, which is probably caused by 
temperature effects between matrix and fibre. 

100 --- -.>........I -_I*- I 

m 

D e h m  X 

Rgure 1 3  Comparison of tensile test results at 
different temperature levels 

However, both C/SiC and SiUSiC are sensitive to 
oxidation at elevated temperahues above 5SPC and 
need, therefore, protective coatings for high 
temperature applications in oxidising environment. 
What has been developed is a coating coosisting of a 
rhermoviscous glassy phase and refra*ory second 
phase for mechauid stabilization against shear loads 
ioduced in high gas flows. 

Test results obtained with coated C/SiC samples in 
cyclic oxidation tests at SSO and l20OoC are shown in 
Agure 14. The measured mass losses and, 
correspondingly. the strength losses were very low. As 
can be seen. the protection is mole critical in the lower 
temperature regime because the crack sealing 
efficiency of the glassy phase is limited owing to the 
high viscosity. Thus, it must be seen that the 

the useful life time of a part d e p d s  on the coating 
durability under particular service conditions. 

In the mxt test series coated USiC and Sic/siC 
samples were exposed to the supersonic flame of a high 
speed flame sprayiag p. A&r ten cycles of three 
minutea dunuion each with intermediate cooling down 

e 

protectivity of the coating can only be temporary and 
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to room temperature, the residual tensile strength was 
determined. For C/SiC a strength reduction of 65 - 70 
% and for SiC/SiC of 50 - 60 % was found 

results are very good as the specimen broke after 8.6. 
106 cycles. 

wt 

4 

0 5 10 1I ¶o *5 0 -*c 
Figure 14 Mass loss of C/SiC with protective coating 

in cyclic oxidation tests 

For application where temperahlres above 1000°C ~IZ 

encountered C/SiC is the better choice because of the 
appreciably superior temperature resistance of the 
carbon fibres over the Sic fibres. In Figure 15 the 
tensile strength of C/SiC retained after exposure to 
temperatures up to 1600 OC in vacuum is represented. 
The sangth maximum at 1400 OC is due to the relief 
of mismatch stresses from the manufacture. 

a 

" 
RT 10 hllZ0OC 10 h1140OC 10 h1lM)OC 

Figure 15: Tensile strength of C/SE at different 
temperature levels after 10 h exposure in 
vacuum 

The suitability of the gradient-CVI CMCs for 
dynamically loaded components has been underscored 
by the results of low cycle fatigue tests. These tests 
have been performed as cyclic strain-conmlled push- 
pull tests with predetermined stress amplitudes, [91. 
Figure 16 depicts a set of curves obtained in such a test 
at different cycles. The curves are artificially offset to 
make the differences in the material behaviour with 
increasing number of cycles better visible. Due to the 
manix cracking beyond the linear-eleastic regime the 
shape of the stress-strain curve of the Grst load cycle is 
not found any more in the subsequent cycles. Thus, the 
material stiffness remains reduced in tension. The 

Figure 16 Stress-strain curves from a LCF test with 
DC/SiC (numbers below denote cycle) 

The sample of a SiC/SiC LCF-test, loaded with an 
initial stress of 310 ma, was broken after 5.4 x 16 
cycles, see Figure 17. 

Figure 17 Stress-strain curves from a LCF test with 
2DSiC/SiC (numbers below denote cycle) 

5.2 Component tests 
For an hypersonic spaceplane with a maximum speed 
of 5.6 Mach a flexible C/SE intake ramp for the 
engine duct up to 1200°C was developped The design 
approach uses relative simple design elements to built 
up the component (see Figure 18). 

Figure 18: C/SiC intake ramp for a hypersonic airplane 
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The most critical elements in the intake mnp are the 
bearing lugs, where the load is introduced F i p  19 
shows the test conditions of a cutted lug and the 
obtained d t s .  The mechanical loads of the 
component led to maximum force of about 5 kN at the 
lug, neglecting the additional temperaam gradient 
induced loading. The measured rupture load is about 23 
kN, which is considerably hi&r than the design load 
and less reduced by the significaat stress collcclltratioo 
in the lug. As consequence the rhicLrress of the lug can 
be reduced to save weight. 

2 5 -  

Bearing lug test 
20 

LL lo 

5 

/ 

0 02 0.4 0.6 0.8 1 12 1.4 
DeformOtion, m 

figure 19: TCA results of a C/SiC bearing lug 

figure 18 shows the skin of the intake ramp with small 
holes of 4 mm 0. As the skin is temperam loaded, 
compressive stresses develop in this put of the 
compownt. The stnngth of the perforated skin was 
pmven by a compression test in a special frame holder, 
according to DIN 65561. "he tCA results and the test 
set-up are presented in F~gure U). The sample failed in 
shear BCIOSS the first mw of holes. Both the rupture 
strain as well as the ropture load were far above the 
computed maximal loads in the skin. Here is also a 
mll thickness reduction possible to reduce the weight. 

According to the design coocept, all elements (skin, 
sninger and angle) axe fitted by high temperature 
fastenem consisting of refractory metal, see Figure 21. 
Therefore., the reliability of the connection concept was 
tested, using a single shear specimur test witb metallic 
bolt and supporting frame according Figure 22. Failure 

o c d  amund the fPstsller hole with a big amount of 
deformatioo in load direction. 'Ihe bolt was mmed 
around and the material was damaged locally, pushing 
a number of lay= before rupture occllrwl, (Figure 24). 
The quasi-plastic defonnatim of the material led to 
such a high ropture. load (Agure 23), which &ea 
additional safety margins for the sm*un. 

140 

120 

100 

5 80 

40 

20 

0 

2D - C/SC 

1 2  t 

( . . . , . . . . . ,  

0.00 0.05 0.10 0.15 0.20 0.25 
Compressive Strah, % 

Figure 2 0  Compmsion test results of a perforated 
C/SiC plate 
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regularly shaped parrs. A design principle has therefore 
P m  

to complex components. 
beeD developped for the Bllsembly of s t a d d u d  ' 

Figore 22: S i e  shear specimen with snppooaitlg 
frame and refractory bolt. 

=r 
0 '  
0 1 2 3 4 

Deformation. mm 

ECgnre. 2 3  Results of the single shear test with 
refractory bolt and C/SiC specimen 

Figore 24: Single shear specimens with r e k t o r y  bolt 
after rupture. 

6. CONCLUSIONS 
The gradieot-cvI process has been shown to provide 
ceramic composition with Sic matrix which possess 
the mpired properties for application in high 
performance components. e.g. hi@ strength and saaio 
to hcture and high temperam resistance. The 
favonrable shear and compressive strengths are useful 
for joining with bolts. 

The gradient-CVr process itself was affirmed to offer 
the advantage of short infilmtion periods what makes 
this process cost-effective and allows short 
development cycles for CMC products. Its applicability 
for the manufacture of parts could successfully be 
demonstrated The particularities of the process favour 

Ruther development effoas require, however, to 
impme oxidation protection and perform the long 
time endumm (> lo00 hours) testing at high 
tempmtum in oxidising environment with protected 
CMc9 based on Sic matrix, Major demands to be 
fulfilled in this respea are improved Sic fibres, 
oxidation resistent fibre coatings and external seal- 
coats with iocreased performance. 
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SUMMARY 
Insertion of ceramic materials into structural composites for 
aerospace applications requires a good characterization and 
evaluation of nascent composite systems in research and 
developmental stages as well as during eventual production 
and use. During research and developmental stages of the 
composite, it is critical to evaluate the Compatibility of differ- 
ent types of matrix materials with different 'ypes of fibers, and 
the effect of material processing conditions. Also, the 
suitability of the overall mechanical properties and material 
behavior of the composite for the intended application will 
have to be evaluated. On the other hand, after the composite 
has been designed and developed, it is imperative to assure 
that the designed properties are being achieved during pro- 
duction and retained during use. 

Many destructive and nondestructive methods ate being used 
to evaluate the composite during its evolution process. Some 
ofthedestructivetestsinusearefiberpush-out,fiberpuU-out, 
thermal and mechanical fawe, etc. Nondestructive methods 
in use include x-rays, laser, ultrasound, etc. Ultrasonic NDE 
techniques have an excellent potential for use during all 
phases of the life cycle of the composite systems. 

This paper outlines new concepts for the utilization of various 
ultrasonic techniques for the evaluation of different aspects of 
development and use of ceramicmatrixcomposites. Weintrc- 
duce a novel mechanical parameter called the interfacial 
shear stBness coefficient which can be measured using ultra- 
sonic shear wave reflectivity technique to characterize and 
quantify the fiber-matrix interface. This newly proposed 
parameter is promising as a common basis of composite eval- 
uation among the composites developing, composites 
mechanics modeling and composites testing groups. The 
paper will also discuss other ultrasonic NDE techniques such 
as ultrasonic microscopy which can provide comprehensive 
evaluation of the composite system during all phases of 
development and use. 

*This work wa8 supported by and performed on-site in the Materi- 
als Directorate, Wright Laboratory, Wright Panenon Air Force 
Base, Ohio 45433. Contract No. F33615-89-C-5612 (p. Karpur). 

INTRODUCTION 
Ceramic materials are well suited for use in structural compo- 
sites for aerospace applications because of their high 
temperature properties. Also, the ceramic materials in the 
composites facilitate sub-critical matrix cracking, interface 
debonding and fiber sliding. Due to these microscopic 
damage mechanisms, the ceramic matrix composites (CMCs) 
can achieve the elastic-plastic strain hardening similar to 
metals although the CMCs are made of brittle constituents. 
However, the insertion of ceramics into structural composites 
for aerospace applications requires a good characterization 
and evaluation of nascent composite systems in research and 
developmental stages. Such a need for the characterization 
requires a concurrent development approach involving 
several fields of expertige as shown in Figure 1. In order to 
verify that the designed properties are being achieved, the 
interactions among various fields of expertise during research 
and developmental stages of the composite are essential. Such 
multi-disciplinary interactions make it possible to evaluate (a) 
the compatibility of different types of matrix materials with 
different types of fibers including the effect of different types 
of fiber coating on the load transfer between the matrix and 
the fiber, @)the effect of processing conditions such as tem- 
perature, pressure, environmental gases used during 
fabrication, duration of processing, etc., (E) the suitability of 
the overall mechanical properties for the intended applica- 
tion, and (d) the material behavior and life prediction studies 
to evaluate failure modes and life expectancy under use con- 
ditions. 

The development of a new CMC system should be done using 
a 'Pyramid' approach as shown in Figure 2. In order to design 
a composite with suitable properties for the intended applica- 
tion, the development of the composite system should 
progress from a global sense to a microscopic approach 
through the macroscopic control. For example, during the 
initial stage of design, materials will have to be selected for 
optimum chemical compatibility to avoid global problems 
such as warping, corrosion, etc. In the next stage of desi& the 
composite system will have to be evaluated for macroscopic 
anomalies such as porosity, lack of consolidation, fiber 
swimming, etc. Thus, in this stage of development, there is a 

Presented at an AGARD Workshop entitled 'Introduction of CemmiCs into Aerospace S t rucml  Composires; April, 1993. 
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Concurrent Approach to Composite 
Develop men t 

Composite Development 
for e Given Appllcatlon 

Fig. 1 Concurrent engineering approach to the development of a new structural ceramic composite syste 

The Pyramid Approach 
for Composite Development 

Modulate Procwing 
Design and Development to 

Alleviate Macro Anomallea 

Composite with Properties 
Suitable for the Speciflc Appllcatlon 

Fig. 2 A pyramid approach to composite development. 
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need for optimization of the material processing parameters. 
Hower,  since the changes in the processing parameters 
could introduce global problems of warping, etc., there is a 
need for iterative material selection and processing parame- 
ter modulation until the global and macroscopic design is 
achieved to satisfaction. The third and the final step (with the 
neceswy feed back as shown in F i i  2) of composite 
development would be the micro-control of the properties 
such as the chemically formed interphase region between the 
fiber and the matrix materials. 
The objective of this paper is to describe the role of ultrasonic 
nondestructive evaluation in materials development so that 
the composite being designed can be evaluated through VBT- 
ious stages of development such as material selection, life 
prediction, material behavior, fracture mechanics, etc. The 
nondestructive methods developed during the initial stages of 
the design of the composite system can also be used after the 
development in order to: (a) assure that the composite panel is 
free of defects while the designed propertied are being 
achieved during production, and (b) detect the degradation of 
initial properties because of use. 

.ROLEOFULTRASOMCNDEINMATE~ 
DEVELQPMENT 
Ceramic matrix composites are designed and developed as 
structural materials for use at elmted tnnpeIaNIeS made 
withtwocomponents:amatrixmaterialandembeddedfi~. 
There are various aspects of the composite developmental 
procedure that can benefit from the use of ultrasonic NDE. 
For example, improper consolidation of the matrix at the 
interfacial region can be easily detected [l] using ultrasound 
as shown in Figure 3. Such a capability to nondestructively 
detect consolidation problems will help to eliminate the use of 

samples in further tests such as fiber push-in for interfacial 

Figure 4 shows the result of fiba push-in tests on a S a d /  
Glass sample where a section of the sample was i n t en t idy  
selected in a region shown to have some ~ n a s  of conaolida- 
tion problems while other area8 were propaly comlidated. 
Inthefi~,theinsetghowslhesectionofthesamplcusedfor 
fiber pushin tests. The ultrasonic image shows that the con- 
solidation is good from fiber 1 to 5 while it is progressively 
poor going from fiber 6 to 12. The peak loads that were 
reqired to push-in the 6bem in the sample dearly show a 
correlation with the ultramnic evaluation of the interfacial 
consolidation Thus, if the ultrasonic scan is properly used to 
sort out the samples with improper consolidation, the validity 
of teats such as fiber puah-in can be enhanced because the 
pusha t  results will MW reflect only the inWacid strength 
rather than the scatter due to manufacturing problems. Fur- 
ther de* of this experiment can be obtained from the 

Ultrasonic "DE can also be effectively used to evaluate and 
sNdy the &tic behavior of the interphase region 13. 41 
between the fiber and the matrix materials. Such an evalua- 
tion is important because the overall properties of the 
composite are largely dominated by the behavior of the inter- 
face. The interface provides the load traosfer between the 
matrix and the fiber. At the same time, the interface acts as a 
mechanical fuse and provides crack resistance to the compo- 
site and prevents catasaophic failure. As a result, the 
characterization of the interface between differmt types of 

ers who are developing the composite materials. The 
objective of the evaluation of the interface would be to estim- 

stren$th estimation as discussed next 

literature 121. 

fibers and matrix msterials is of great interest to the research- 

Consolidation - Longitudinal Wave 

Water 

Fig. 3 Detection of improper consolidation using ultrasound. 
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Ultrasonic Validation of Fiber Push-out 
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Fig. 4 Ulbasonic corroboration of fiber push-out tests. 

ate the achieved interfacial load nansfer behavior between 
the fiber and the matrix in order to obtain a composite with 
suitable fracture behavior. Since the destructive tests of inter- 
f a d  evaluation render the sample unusable, there is a need 
to develop an ultrasonic nondestructive tool for the charac- 
terizStion ofthe interfnce to study the fiber-matrix interface in 
at least the outermost layers of a real, multi-fiber composite 
System.  

An ultrasonic back-retlectivity technique has been developed 
to complement other existing techniques for the cbarac- 
terization of the interfacial behavior in fiber reinforced 
composites. The ultrasonic eharaaerization of the interface is 
achieved by the analysis of the back-reilened signal from the 
fiber-matrix interface. The advanbes of the ultrasonic back- 
reflectivity technique are severi: (1) the method is 
completely nondestructive and facilitates the use of the same 
sample for the teats (fatigue and creep) other than the inter- 
face analysis, (2) the technique can provide the distribution 
and variation of the interfacd properties along the le.ngth of 
the flbers thereby facilitatiq bmer process control, and (3) 
the interface can be monitored for degradation and changes 
during fatigue tests for life prediction The configuration of 
the model is shown in Figure 5% the boundary conditions 
used are shown in Figure 5b, the analytical expression 
obtained is shown in Fwre 5c, and an example of the result 
obtained from the model is shown in Figure 5d. Further 
details of the modeling analysis can be obtained from the liter- 
ature 131. An extensive physical reasoning behind the 
modeling [3] has been described in the literature 141. 

CONCLUSION 
Ultrasonic NDE is an excellent complementary methodolopy 
tobeusedinconceRwiththedevelopmentofanewstructural 
material such as ceramic matrix composite. Ultrasonic NDE 
facilitates interrupted tests during fatigue experiments by 

ensuring that the sample is available for further tests of inter- 
est Also, ultrasonic NDE is effective to dLaraaerize the 
fiber-matrix interface in ceramic composites and provides a 
tool to help the developers of new composite systems to (1) 
determine the compatibility between the matrix and the fiber 
of choice, (2) establish the processing parameters such as 
pressure and temperature, (3) evaluate the interface for 
degradation and debonding during temperature and mechan- 
ical fatigue tests, (4) obtain an accurate measurement of the 
fiber debonded length produced by push-in tests and also by 
fiber frachue thereby providing a common basis for the s w s  
analysis and fracture mechanics groups, (5) monitor fiber 
b~,cracLinitiation[5],andgrowthinceramiccomposites 0 
during tktigue tests, (6) validate and reduce data scatter for 
interface evaluation tests such as fiber push-in, P U S ~ Q U ~ ,  
fiber fragmentation, etc. 

The design and development of a new CMC needs a pyramid 
approach where first global, then macro and Snauy micro 
properties are iteratively designed with extensive feedback 
and interaction. conntmnt engineering appmach is essential 
for the design and development of CMCs wherein there are 
extensive interactions and involvements by groups working in 
material science, fracture mechanics, nondestructive evalua- 
tion, component design, etc. It is critical to view the CMC 
development process from ‘out side’ the existing conventions, 
and formalities. Design procedum and mauufacturing meth- 
odologies will have to be evaluated concurrently to obtain the 
best possible benefit from the composites for a given 
application. Common ‘scientific language’ (definitions, termi- 
nology, etc.) need to be established for groups from different 
fidds to be able to interact. Other NDE techniques such as 
laser induced ultrasound need to be cultimted to evaluate the 
interface at elevated temperatures. However, improvements 
in signal-to-noise ratio, sensltivity, etc., are to be achieved 
before effective use. 
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Theoretical Model 

The back-reflection coefficient from the fiber depends on: 
properties of the matrix (density, iongltudinal, and shear velocities), 
propertles of the fiber (density, longltudinal, and shear velocitles), 
diameter of the fiber, 
ultrasonic angle of incidence and frequency, 
interfacial stiffness - N,. 

Fig. 58 ConRguration for the theoretical model of ultrasonic interfacial characterization. 

- . L . . . ,  . 
Unearlijk?Smail Am lltudes 
Vibrat on due to Uhasoun 

Boundary Conditions 

At tha interlaw, WO haw 
conurvatlon 01 . t r#~~, both norm1 (P) and ahear 0, 

(op)=O mnd (aT)-O-- 

contlnuity Of noml  dlsphcennnts, 

discontinuity of shur dlsplacements, 
[uP]=0 

"y 'v "'\ Interphase 

/ \ 
Fig. 5b Boundary conditions used for the theomtical model in figure 5a 



The Final Expression 

I R I  I I T S I * I W S I * I T I  

AZO' (6- 0 +N,i(P-O')(I-d) - iAB[  N, (A( l+o' )+B(I-  d ) +  N, U(1 + S ) - B ( l - d ) ) l  

AZO' ( d -  l)tNsNs[(AZt d, ( l - d ) + Z A B ( l + d ) j -  I A B I N s ( A ( I  +s')+B(I - d ) +  N,(A(l t d )  t B(1- e'))] 

B = 5 S % k ,  
it,,ZU 

where e' = e A =Zlsclsks 

and d = Fiber diameter 
A, B = Functions of the properties (Moduli. Density, Poisson's ratio) 

of the matrhc and the fiber respectively. 
~~ 

Fig. 5c me Rnal axpression obtained fmm the model in figure 5a for refkction d c i e n t  analysis. 

Reflectivity vs. Stiff ness Coefficient 
e A  

a 

Fe. 5d Result obtained fmm the model In figure 5a showing ulbasonic retlectivity as a function of interfacial shear Scmness 
COefRcient 
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