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Preface

Ceramics have been considered over the last two decades as a possible alternative to refractory metals and alloys to be used as
structural materials in hot parts of engines or for space or missile applications. A specialist meeting has already been held in
1979 by AGARD SMP on this topic. There is some disappointment however among users and producers due to the fact that it
has not been possible yet to overcome the main disadvantage of these materials, i.e. their brittleness and the very low vilue of the
critical size of defects leading to fracture.

Ithas been recognized that one of the ways, and probably the best, to escape this difficulty is to use the concept of ceramic matrix
composites. If the adhesion or the friction force between fibre and matrix is not too high, it has been proved that cracks do not
propagate catastrophically, as for monolithic ceramics, across both fibres and matrix, but rather deviate when they reach a fibre
and run along the fibre-matrix interface. Moreover, when general fracture of the specimen (or the part) is reached, energy must
be dissipated to extract broken fibres out of the surrounding matrix.

Extensive work has already been performed to better identify these mechanisms for unidirectional composites, laminates or
‘other fabrics, including the understanding of long term response: creep and fatigue effects or environmental degradation.

Aot still remains to be done in the field of modelling and defining specific concepts for design using these materials.

The Workshop which has been held by AGARD SMP at Antalya (Turkey), April 1993, aimed at reviewing the present
knowledge on all these aspects.

Préface

Beaucoup de travaux ont été¢ accomplis au cours des vingt derni¢res années sur les céramiques qui apparaissaient comme une
alternative éventuelle aux meétaux et aux alliages réfractaires pour réaliser certaines piéces de moteurs ou encore certains
éléments structuraux pour des applications spatiales ou des engins. Une réunion de spécialistes s’est déja tenue dans le cadre de
TAGARD (SMP) en 1979 sur ce sujet. Un certain désenchantement est toutefois perceptible chez les utilisateurs et les
producteurs, car il n’a pas été possible, au fil des années de surmonter le principal inconvénient de ces matériaux: leur fragilité et
la tres faible valeur de la taille critique des défauts conduisant a la rupture.

Une voie a toutefois été identifiée — probablement la meilleure — qui permet d’échapper a cette difficulté, c’est la voie
composite a matrice céramique. Si les forces d’adhésion ou de friction entre fibre et matrice ne sont pas trop élevées, il est établi
qui les fissures, au lieu de se propager selon un mode catastrophique igonorant le détail de la structure, analogue aux céramiques
monolithiques, sont arrétées a 'aplomb des fibres et déviées suivant Vinterface fibre/matrice. De plus, lorsque la rupture
généralisée de I'échantillon se produit, elle s’accompagne d'une dissipation notable d’énergie, utilisée a extraire les fibres
rompues de la matrice environnante.

De nombreux travaux ont déja ét€ accomplis pour caractériser les mécanismes pour des composites uni-ou multidirectionnels,
ou pour des matériaux obtenus a partir de tissages, portant notamment sur le comportement a long terme de ces matériaux:
effets liés au fluage, a la fatigue ou encore a la dégradation physico-chimique causée par les interactions avec 'environnement.

Il reste par contre beaucoup a faire pour la modélisation, ou pour définir des concepts spécifiques a I'usage des bureaux d’étude.

Le séminaire qui s’est tenu lors de 1a réunion du SMP de T'AGARD a Antalya (Turquie) en avril 1993 avait pour but de passer en
revue les connaissances relevant de ces divers aspects.

Paul Costa

Chairman,

SMP Subcommittee on Composite Ceramics
iii
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An overview on the main available
ceramic composites and their processing routes

J.F. Stohr
ONERA, BP 72
F92322 Chatillon, France

ABSTRACT

During the last decade, Ceramic Matrix Composites
(CMC) have undergone a rapid development, so that
quite a number of composites are available today.
The best known SiC/SiC and C/SiC processed by the
Chemical Vapour Infiltration technique are now
produced on an industrial scale. C/SiC composite
currently operates at temperature above 1600°C for
propulsion application on launchers and missiles ;
other composites with oxide or silicon-nitride matrices
.re under development.

The processing routes are moving from CVI to more
cost-effective processes such as sol-gel and polymer
precursor. These routes appear very promising since
they currently use the technologies already developed
for Organic Matrix Composites and carbon-carbon.
The real challenge for these materials today refers to
both the working temperature, which must overpass
1600°C and the environmental behaviour. To meet
these requirements, new fibres with an increased
thermal stability are under development.

INTRODUCTION
Since the very first research work performed in the
early 80’s, Ceramic Matrix Composites (CMC’s) have
experienced an exceptional development throughout
the last decade. The reported increase of CMC’s use
mainly for the manufacture of missile and rocket-
‘engine hot components has been driven by the
constant need to reduce their weight and to increase
their working temperatures.

Today, the question of using CMC’s on turbojet
engines is raised, with the double aim of reducing the
weight and increasing the thrust to improve the thrust
over weight ratio. It is worth mentionning that
actually, the cooling of the blades requires to remove
up to 12 % of the engine total airflow, thus reducing
the thrust by the same amount. The replacement of
heavily cooled metallic components by solid ceramic
parts appears as one of the ways of improving the
engine efficiency without increasing the hot stages
working temperature and therefore the NOx release.

However, to achieve this aim, the reliability of CMC’s
relative to the requirements of their use on civilian or
military engines has to be proved. That means that
CMC’s able to work at temperature higher than
1400°C for long terms (>10.000 hours) within an

oxydizing and corrosive environment must be
available. The purpose of this paper is to review
briefly the existing materials and processing
technologies, so as to highlight their limitations and
to present the future needs for CMC’s development.

1. MAIN CERAMIC COMPOSITES AVAILABLE
TODAY

Up to now, the ceramic composites to be used for
aircraft structures or engine components have been
designed with continuous fibres, due to the ability of
these materials to undergo -matrix damaging under
the form of cracking without a simultaneous failure of
the part. This very specific behaviour of ceramic-
ceramic composites with a continuous reinforcement
is always observed provided that a weak bond is
achieved between the fibre and the matrix [1].
Therefore, CMC’s development has been driven by
that of ceramic fibres. Only three types of fibres have
been used, due to high temperature requirements,
(table 1) :

- carbon fibres which can work up to 2200°C but
may undergo oxydation, as soon as 500°C,

- silicon carbide and nitride yarn fibres, which are
limited in temperature at 1400°C, for the new
grades developed in Japan,

- large diameter CVD SiC fibres, and alumina single
crystal fibres which are not weavable due to their
fairly large diameter (100 pm).

As far as matrices are concerned, four types are
considered today, glass-ceramics, oxides, silicon-
carbide or nitride and carbon as illustrated on fig. 1
as a function of the potential working temperature.

The second point to be taken into account is the
component itself. Most of the components that have
been used today in engines or hypersonic vehicles
have beern designed starting from the fibre preform.
Therefore, except for unidirectionnal or eventually
cross-ply stackings, processing of these composites
cannot rely on the sintering techniques in use for
monolithic ceramics or short fibres or particulate
reinforced composites for the two following reasons :

- the limited thermal stability of ceramic fibres does
not allow their hold at the temperature level

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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required for sintering cycles (1500 - 2100°C),

- the constraining of shrinkage due to the presence
of fibres will lead to a wholly cracked matrix.

These are the reasons why CMC’s processing relies
mainly on techniques based on the infiltration of the
fibre preform. The matrix is then obtained by the
decomposition of a gas phase, the pyrolysis of an
infiltrated and transformed liquid phase or the
infiltration by a glassy phase.

2. PROCESSING ROUTES IN USE FOR CERAMIC
COMPOSITES MANUFACTURE

The various processing routes, which can be classified
in three main families i.e. gas infiltration, liquid phase
infiltration and hot pressing or prepreg technology,
solid state hot pressing, each of these technologies
applying generally to specific types of matrices as
shown in table 2 [2]. :

Among all those techniques, Chemical Vapour
Infiltration appears to be the most flexible one, since
it allows the deposit of quite a variety of matrices. It
has been mainly applied to carbon and silicon carbide
so as the polymeric precursors route ; this last

technique has been derived from the polymer used '

for the manufacture of nicalon [3] and Tonen [4]
fibres. On the opposite, the sol-gel route has been
exclusively used for oxide or glass-ceramic composite
processing. The Viscous phase hot pressing is used
for glass and glass ceramic, while the gas phase
reaction route has been extended from the lanxide
process first used for alumina matrices. Finally, the
solid state hot pressing is restricted to the
manufacture of composites with large diameter fibres,
such as SiC Textron fibres, using either silicon
carbide or nitride as a matrix.

2.1. The Chemical Vapour Infiltration (CVI) route
The CVI technique allows the processing of any
complex shape starting from the fibre preform with a
2D stacking sequence or a n D weaving (n = 3,4,5)
generally held in a tooling (fig. 2). In the CVI
furnace, the ceramic matrix is obtained by the
decomposition of the gaseous species within the open
porosity of the preform. Therefore two different
phenomena may control the matrix growth rate within
the depth of the preform :

- the mass transfer of the reacting species and that of
the products of reaction along the porosity which
occurs only by diffusion in an isothermal process

- the kinetics of the chemical reactions
In order to get a good in depth infiltration of the

matrix, it is necessary to operate under both a low
pressure and a low temperature condition under

which the matrix growth rate is controlled by the
chemical reaction kinetics [5].

This processing route leads to good quality
components at the expense of long processing times,
which remains acceptable for the aerospace industry.
Three primary approaches have been developed on an
industrial basis :

- isothermal CVD for carbon and silicon-carbide
matrices by SEP in France, mainly for the
manufacture of C/C and C/SiC composites in use
for ramjet and liquid or solid propellant boosters.

- thermal and pressure gradients CVI developed by
ORNL [6] in the United States which allows a fifty
fold increase of the deposit rate and offers the
promise of thick section densification ability,

- "cyclic" CVI developed by Kawasaki Heavrz‘

Industries in Japan ; this processed based on ve
quick and short cycles (a few seconds each) allows
an accurate control of the deposit morphology
through a monitoring of the crystals growth from
the gaseous phase [7]. CVI allows the deposit of a
large number of matrices, carbon, carbides, borides,
oxides as illustrated in table 3 [5].

Besides the quality of the composites processed by
CVI, one of the major advantages of this
manufacturing route is that it allows a control of the
fibre-matrix interphase nature. As an example, C/SiC
and SiC/SiC composites processed that way are first
given a short carbon deposit cycle to monitor the
fibre-matrix bond strength.

22. The liquid processing route starting from a
matrix precursor

The idea of using polymeric precursors for the
consolidation of ceramic matrix composites originates
from the processing route used for carbon-carbon
composites, thus allowing the manufacture of quite
large components. However, a large difference in
ceramic yields exists between a carbon-precursor and
ceramic or oxides precursors. In other words, the
difference of density between the polymer precursor
and the matrix is much larger for a silicon-carbide or
oxide (1:2.5) matrix than it is for a carbon one
(1:1.8) ; therefore the shrinkage of the matrix will be
much more important 75 % instead of 35 %.
To obtain a carbide or oxide-matrix with a sufficient
density, i.e. a residual porosity ranging between 8 and
20 %, quite a number of successive cycles of
infiltration followed by pyrolysis are required, which
of course is not cost effective. However, a lot of
composites with either an oxide, or a carbide-matrix
have been processed that way and given correct
strength [8,9].
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To overcome the formerly stated difficulty of the
ceramic yield, a two step infiltration technique has
been developed and patented by ONERA in France
(fig. 3) [10] :

- the first step consists in an infiltration of the fibre
preform by fine submicronic ceramic particles of
the wanted matrix, achieved uring a slurry
technique, which allows to fill 50 % of the
remaining free volume within the fibre preform.

- the second step consists in an injection of this
green body by either a polymeric precursor for
covalent matrices or an alkoxide for oxide matrices.
These cycles are followed by curing for the resin
precursor, hydrolysis and drying for the alkoxyde.
In both cases a final pyrolysis cycle is given to
achieve the CMC. Using that technique with a
single injection cycle allows to reach a porosity
ranging between 10 and 15 % for polymeric

’ precursors.

2.2.1. The sol-gel route for oxide matrix composites
processing

The sol-gel route has been known for a long time in
the ceramic industry due to its ability to produce both
ceramic powders and monoliths with a high purity
and a great homogeneity [11]. Sol-gel route is thus a
versatile technique since it allows the production of a
large variety of solid oxides under the form of a gel,
starting from a metallic or non metallic alkoxide, by
the following hydrolysis polycondensation reactions :

M(OR), + nH,O -> M(OH), + nR - OH
(hydrolysis)

M(OH), -> MOn/2 + n/2H,0 (polycondensation)

The chemistry for the achicvement of quite a number
of single and mixed oxides is given in table 4 [12].
After drying, the gels are converted into oxides or
ceramed-glasses by pyrolysis and/or hot pressing at
temperatures above 800°C (fig. 3). These processing
temperatures are fairly low compared to those
necessary to process glass-matrix composites by hot
pressing in the viscous state (> 1300°C).

Two other examples can be given relative to sol-gel
processing, the first-one deals with the achievement of
C-Al, 0,4 composite and the second with the use of a
gel-phase as a compaction aid through viscous flow.

Concerning the C-Al,04 composite it has been shown
that shrinkage during the matrix-sintering might be
controlled by the nature of the precursor chosen for
infiltration. As already stated the carbon-fibre
preform is first infiltrated by fine submicronic Al,O4
powders ; after a single infiltration followed by

1-3

a natural sintering below 1200°C, the composite
exhibits a high level of porosity and a poor tensile
strength (40 MPa). The use of a precursor
conveniently chosen to reduce the matrix shrinkage
relative to a pure alumina alkoxyde both allows to
limit the number of post-infiltrations to 6-8 instead of
15 usually and to provide a two fold increase in the
tensile rupture stress (80 MPa), together with a
porosity restricted to 20 % [13].

The second point worth to be mentioned is the ability
to control the fibre-matrix bond-strength through the
composition of the alkoxyde used for infiltration. This
has been demonstrated in the case of SiC
nicalon/mullite composites where the reduction of the
Al,0,/8i0, ratio permits a drop of the interfacial
shear-strength from 60 to 20 MPa [14].

222. The polymeric precursor infiltration processing
route

The use of polymer precursor to achieve the
densification of a carbide or nitride-matrix ceramic-
composite is a growing research and development
area since it appears as a convenient way to take
advantage of existing technologies for organic or
carbon-matrix composites processing. The component
is first processed by a double infiltration of powder
and polymer followed by curing. which leads to an
organic-matrix part ; the ceramic is then simply
obtained by a pyrolysis without tooling. This allows to
obtain sound materials with a limited porosity of
15 % [15). Different kinds of polymers have been
used : polycarbosilanes, the Tonen perhydro-
polysilazane, vinylmethylsilane by UTRC [9]. A
nicalon SiC fibre/SiC matrix composite has been
developed by Nippon Carbon using a polycarbosilane
precursor and trade-marked nicaloceram [16].

2.3. The prepreg processing route

As the formerly mentioned infiltration of a fibre
preform by a liquid precursor, the prepreg technique
applies to both covalent (carbide, nitride) and oxide
matrices. In the two cases, the main problem of the
prepreg processing is to achieve a correct monitoring
of the viscous flow of a diphasic matrix (powder
ceramic particles + precursor) during the
densification stage.

2.3.1. Oxide matrix composites
Processing of the composite is performed in two
steps :

- firstly an impregnation of the 2D Woven fabric by
a gel precursor formed in situ,

- secondly, the deposit of fine ceramic submicronic
powders on the tissue.
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The composite is then obtained by hot pressing within
the temperature range where a viscous flow of the gel
may occur, i.e. below 1400°C, temperature at which
the SiC fibres remain stable. This has been applied to
different matrices such as NASICON [17], mullite
[18] and the Ba A.S. ceramic glass [19].

23.2. Covalent matrix composites

The prepreg technique has also been extended to SiC
matrices using a cost-effective technology of filament
winding [20]. The prepreg is prepared by
impregnation of a fibre tow in a slurry made of a
dispersion of SiC powder in a Si-containing polymer.
Composites are then processed by the lay-up
technique and pressed in a tooling. All samples use
2D laminates (0/90) stack-up. Fig. 4 gives an example
of C/SiC shingle for an hypersonic-vehicule thermal
protection system. These composites are proned to be

used up to 1200°C.

Composites have also been performed, using a similar
technology, by the Tonen company. The only
difference with the former technique is that the
polymer used to realize the matrix, the
perhydropolysilazane does not contain ceramic
powders. Eight infiltration and curing (under
pressure) cycles are necessary to obtain a sound
composite with a very low residual porosity [21].

2.4. The Viscous phase hot pressing

This technique which applies to glass and glass-
ceramic matrices was first developed in the United
Kingdom and the United States in mid 60’s. Fibre
preforms were first made of stacking of U.D. layers
obtained by pre-impregnation and winding. The hot
pressing is performed in the temperature range 1000-
1400°C using pressures comprised between 3.5 and
15 MPa, depending upon the matrix. This process
leads to a fully dense matrix with a residual porosity
of about 2 to 3%. Quite a large variety of matrices
have been used for composite processing :

- firstly borosilicate matrices with a carbon
reinforcement [22, 23],

- secondly alumino-silicate containing lithium oxide-
matrices with nicalon-SiC fibres as a reinforcement
[24] ; these matrices have been optimized by
Corning glass and UTRC thus leading to the well-
known LAS III [24]. Matrices for a use at higher
temperatures have been defined such as MAS-L
[25], MAS Y [26], and more recently BAS [27] and
CAS [28]. With these new matrices, operating-
temperatures over 1100°C may be reached as will
be seen in section 3.

2.5. Liquid metal infiltration
This process has been mainly used to process silicon

carbide matrices by a reaction between a carbon
porous matrix and liquid silicon. The very first work
in that area was performed by General Electric in the
70’s with the infiltration of a carbon-fibre preform
with liquid silicon. The silicon-carbide/silicon
composite obtained, which exhibits mechanical
properties up to 1200° C was trade-marked under the
name SILCOMP.

Then carbon/silicon-carbide composites, with non-
transformed carbon fibres, were obtained by
T*Fitzger and Gadow [29] by infiltrating carbon-
carbon composites with a high level of porosity by
liquid silicon. These composites exhibit similar
strength to that of monolithic ceramics with a
somewhat improved elongation to rupture.

2.6. Gas-metal reaction

This process has been first developed in the 80’s by
the Lanxide company to process alumina matrix
composites and further trade-marked. In the Lanxid’
process, the alumina-matrix is grown by the reaction
between the molten metal and a reactant gas. This
process has been applied to composites by allowing
the alumina formed to grow outward through a
fibrous preform. The first work done at Lanxide on
composites was achieved with relatively low volume
fractions of both coated nicalon and SCS6 silicon-
carbide fibres in an alumina matrix formed by
oxidation [31]. The process has still been improved to
remove the residual metal from the matrix. This
processing route allows the manufacture of complex
shapes. First used with an oxidizing atmosphere the
process has been extended to the formation of
nitrides.

2.7. Solid sate hot pressing

Processing of ceramic composites using this route
proceeds from laminates of alternate layers of fibre
plies and matrix- powder containing the sintering
aids ; hot pressing is performed within the
temperature range 1800° C-2100° C for silicon-carbide
or nitride matrices. Up to now, only composites
processed from the large diameter Textron SCS6
fibres do exhibit some non brittle behaviour. Both
UD and 0/90 cross-plies composites have been
manufactured by the AVCO specialty metals division.
These composites do exhibit a non brittle failure
related to the presence of a carbon- interphase
between the fibre and the matrix [32]. The same kind
of materials has been manufactured by NASA using
the well-known RBSN technique, silicon infiltration
and subsequent nitridation. These composites exhibit
lower resistance than the AVCO ones, due to a
higher porosity. With the advent of weavable small
diameter (Si,C) or (Si, N) fibres from Japan, the
processing of composites using these reinforcements
was achieved by UBE through hot pressing of fibres
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UD lay-up or cross-ply stacking with or without the
addition of powder obtained from the polymer
pyrolysis [33]. Hot pressing achieved around 1400°C
leads to hexagonal-shaped fibres, which apparently
keep their properties, and to an improvement of the
rupture behaviour in three points bending relative to
monolithic matrix.

More recently, the Tonen company [21] has been
proceeding to the manufacture of composites starting
from prepregs, as has been described formerly in
section 232.

3. MECHANICAL AND ENVIRONMENTAL
BEHAVIOUR OF SOME CERAMIC MATRIX
COMPOSITES

In this section mainly materials with a 2D
reinforcement under the from of either a woven-
fabrics or cross-plies will be considered. However, for
some very particular composites, comparisons will
‘lso be made on 1D reinforced materials.

3.1. Glass and glass ceramic composites

The main available glass ceramic composites available
today are collected in Table 5. At room temperature
and for similarly resistant fibres i.e. nicalon NLM 202
or CG, and tyranno LoxM reinforced composites, no
significant difference in rupture strength arises from
the matrix. When tested in temperature (fig. 5) the
situation appears quite different since SiC/LAS and
SiC/MLAS processed by the sol-gel route show
strength loss as soon as 700°C. On the opposite, the
SiC/UTRC 200 modified glass-ceramic composite
exhibits a maximum strength at 900°C, while the
BMAS- matrix composite shows a potential in
strength up to 1200°C [34].

Nevertheless, in all these composites, the non brittle
behaviour observed on the failure surfaces originates
from the presence of a few hundred nanometers thick
a carbon-layer at the fibre-matrix interface. This
carbon interphase is of course prone to oxidation,
which will lead to a rupture-strength decrease when
these materials are submitted to long-term holds in
an oxidizing environment. An example of the strength
loss after high temperature holds in air is given in
table 6 for different materials. Degradation of the
composite rupture-strength is closely related to the
oxidation of the fibre-matrix carbon interphase as has
been observed in the SiC/LAS materials [35], the
degradation in that case being linked to the existence
of a NbC diffusion layer formed next to the carbon
interphase. On the opposite the MLAS matrix
composite seems to exhibit a much better behaviour
with only a 10 % drop in strength after a 100 hours
hold in temperature. The best composite relative to
oxidation sensitivity is the SiC/UTRC 200 in which
the interfacial carbon layer is protected against
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oxidation by boron oxide [34].

The last point to be mentioned concerning these
composites is the fatigue behaviour which appears to
be very similar for every material. So, an illustration
will be given in the case of the SiC nicalon/1723 glass
composite studied by AFWAL and Dayton University
{36]. For a U.D material, the fatigue limit appears to
be very close to the elastic proportional limit of the
composite, and about twice the stress at which the
matrix first crack initiates. The same behaviour has
been observed for 0/90 cross-ply laminates (fig. 6).

As far as thermal fatigue is concerned, work
performed at AFWAL Wright Patterson [37] base
highlights a sharp drop in the flexural strength of
SiC/1723 glass composite after 500 cycles between
250°C and a maximum temperature ranging between
650°C and 800°C ; by the way, the more deleterious
effect was observed for a maximum temperature cycle
of 650°C with a sixfold reduction in rupture stress.

32. Covalent matrix composites

The best known silicon-carbide matrix composites are
the materials processed by CVI by SEP. The
mechanical properties of both SiC nicalon/SiC carbon
(T300)/SiC composites are given in table 7 and 8
[38]. With tensile strength of respectively 200 MPa
and 350 MPa at 1000°C these materials, which are
processed under the form of components, appear as
a reference. Table 9 compares the mechanical tensile
strength of composites processed both by CVI and
the polymer-precursor route. Two main conclusions
may be drawn :

- at least three polymer post-infiltration and pyrolysis
cycles seem to be necessary to achieve a residual
porosity of 10 % i.e. similar to that obtained by
CV.L

- rupture-strength as high as those achieved by the
CVI processing route may be obtained by the
polymer infiltration technique. Moreover, if the
prepreg route is to be used, the component
manufacture can rely on CMO technologies.

And now if some attention is paid to the
environmental behaviour of these composites, some
recent work performed on uncoated SiC/SiC
composites do highlight a strength loss (fig. 7)
together with some structural modifications of the
fibre-matrix interface after long term holds (more
than 100 hours) in air at temperatures ranging
between 800°C and 1300°C. The observations
performed in TEM show a progressive consuming of
the carbon interphase layer by oxidation and its
replacement by a silica- layer. From a mechanical
point of view, a decrease of the Youngs modulus is
first observed, which corresponds to the removal of
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the carbon-layer followed by a sharp increase
corresponding to the formation of the silica layer
which achieves a strong fibre-matrix bond [39]. In
parallel, a strong increase of the fibre matrix shear-
strength measured by microindentation has been
observed [40] ; then the composite exhibits a brittle
failure.

As far as fatigue is concerned, tests performed in
tension-tension on 2D SiC/SiC processed by CVI
illustrates that the fatigue limit of the material
appears to be quite high, 140 MPa as compared to
the elastic proportional limit of about 160 MPa
(fig. 8) [41]. A model has been proposed which takes
into account the evolution of the fibre-matrix load-
transfer shear-stress with the wearing of the interface
during fatigue.

Silicon nitride composites need also to be mentioned ;
most of the results available today refer to 1D
reinforced materials. Rupture tensile strength over
600 MPa have been reported for materials with 30
vol.% of SCS6 Textron fibres [42]. However, ageing
of these composites at temperatures ranging between
1260 and 1370 °C for one hundred hours leads to a
twofold decrease of their rupture strength, so that the
aged matrix and composite exhibit the same residual
strength [43]. In fatigue at high temperatures
(1000° C) the behaviour of these materials resembles
that of glass-ceramic matrix composites : the fatigue
limit of the composite is nearly equal to the elastic
proportional limit i.e. 200 MPa for a rupture strength
of 400 MPa [33].

To end with covalent-matrix composites, it is worth
mentioning some recent results obtained in Japan
with 1D carbon-SiC and carbon-Si3N, composites.
Work performed by Tonen company [21] shows the
possibility of obtaining flexural rupture stresses of 480
MPa at room temperature and still 430 MPa at
1200°C while with a SiC matrix derived from
polycarbosilane precursors, NAGOYA GIRTI’s reports
flexural rupture strength of 400 MPa at R.T. and
600 MPa in the temperature range 1400-1600° C [44].

4. DISCUSSION : LIMITS AND PERSPECTIVES
FOR CERAMIC-CERAMIC COMPOSITES

As shown formaly, quite a number of CMC'’s are
available today, which have been demonstrated as
operating components. Nevertheless, two limitations
appear today since one thinks of using those materials
for long term in oxidizing or corrosive environments ;

- the first limitation comes from the fibres : if carbon
fibres undergo no temperature limit as far as
strength is concerned, they are sensitive to
oxidation at very low temperatures (500°C).
Ceramic fibres available today, even the last oxygen
free SiC fibres developed in Japan seem to be
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limited to 1400°C [45, 46]. Large diameter silicon-
carbide fibres like SCS6 loses their properties
beyond 1100° C. The newly developed SiC fibres by
Textron [47] do exhibit a much higher thermal
stability, probably due to the existence of a carbon-
interphase between the silicon-carbide grains,
interphase which acts as a grain-growth inhibitor.
The two other fibres that have to be mentioned is
the sintered SiC fibre from Carborandum [48] and
the polycrystalline SiC fibre derived from an
organic precursor from Dow Corning [49]. For the
Dow Corning near stoechiometric SiC fibre, the
limit in temperature again seems to be just below
1400° C while the carborandum fibres only exhibit
a tensile strength of 1 GPa, but keep their strength
up to 1600°C, at least for short time exposures.

- the second limitation originates from the nature of
the fibre-matrix interphase which has to be built to
give the composite a non brittle, energy dissipativ
failure. Up to now, almost all composites hav’
relied upon a carbon- interphase due to the ability
of either pyro-carbon or in situ grown carbon-
interphases to achieve a weak fibre-matrix bond
strength. As shown in section 3, most of the
interphases undergo oxidation after a 100 hours
hold in temperature. Fig. 9 gives an example of the
limits of the silicon carbide composites.

The alternative ways that appear today, are :

- either to change the nature of the composite
constituents and work, performed at Santa Barbara
university has shown that an oxide interphase may
allow a crack deflection to occur

- or to protect the carbon interphase by an adequate
addivive, and the way shown by UTRC seems to be
promising.

However, to be of some interest for turbo engine
components, the limit put forward by engine
designers seems to be around 1600°C. At that
temperature no fibre is today available even if some
development work is on the way on single-crystal
fibres of alumina or garnett [50]. These developments
appear as the only ones able to reach the above
temperature limits, which is a real challenge.

CONCLUSIONS

The R and D work performed in the area of ceramic-

ceramic composites has lead to the emergence of four

classes of materials :

- ceramic-glass matrix composites for
temperatures up to 1200°C,

- oxide matrix composites for temperatures up to
1600°C,

- covalent matrices composites up to 1700°C,

use at
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- finally coated C/C that can be used up to 2000°C.

If carbon-carbon composites are kept aside two
families have been produced under the form of
components carbon or silicon carbide fibres/silicon
carbide matrix and silicon carbide/glass-ceramic
composites.

The second family has given the way to materials than
can be operated up to 1200°C in air.

The first family has been produced for rocket engines
and ramjet components mainly and demonstrated for
hypersonic vehicule components in France essentially.

CMC’s composites produced today appear
nevertheless to be limited in working time due to the
presence of oxidation sensitive constituents, mainly a
carbon fibre-matrix interphase. To overcome this
drawback, new materials based on oxide have been
‘noved to be good candidates up to 1600°C.

Further development of CMC’s mainly rely on the
designing of new ceramic-fibres with stability in
temperature up to 2000°C, able to operate in an
oxidizing environment for 2000 hours.
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Table 1 : Main continuous ceramic fibres available
for ceramic-matrix composites processing

PROPERTY
TYPE GRADE COMPANY . COMMENTS
Composition | d/(g/cm3) | R (MPa) | E (GPa) | e (%)
2100 140
HPZ Dow Si,N,C, O 2,35 3 a Tu < 1000°C
Corning 2450 175
SiC, SiC - - - Tu > 1000°C
Si, stoechio in development
C
Nippon .
N pp
NLM 202 Cobon Si, C, 0 2,55 2800 175 1,6 Tu < 1200°C
Ni depending upon
NL 300 1ppon Si, C 274 2900 190 15 atmosphere
Carbon
Tyranno UBE $i,C,Ti O 2,4 2800 175 1,6 Tu < 1000°C
Fibre . "
. Tonen Si,N,Q,C 2,5 2500 250 1 Tu < 1000°C
SiN Tonen
SiyN,
A * Toshiba in development
ceramics
SiC SCS 6 Textron SIC. 3 3920 406 0,95 non wovable
stoechio
2100 0,5
AlLO,4 Saphikon Saphikon Al O, 3,97 a 414 a 1600°C ?
fibre Inc. stoechio 3400 0,85 non development
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Table 2 : Main processing routes for CMC’s

PROCESSING ROUTE MATRICES PORISITY
O raton carbon,cvdee, borides 10-20%
hot pre‘:;?;(gm(;gh;i:forms) glasses, ceramic-glasses 2%
ZS?;lg)elp:z?;:m oxides 10-20 %
T e o 8 w03
?223'.2‘:' nitrid(;f(z;l(,AZIL, Ti) <5%
lf;“g{g:;zg SIC, SisN, <2%
Prepeg curing $IC, SiyN, 10-20 %
and pyrolysis
fprsy <105 ®

Table 3 : Ceramics processed by CVI and usual precursors (after 5)

Refractory Materials Gaseous precursors
Carbon CH, ; CG3Hg ; GH, ; CH,
Boron BCl;-H, ; BBry-H,
Sic CH;SiCly-H, ; (CH,),SiCly-H, ; SiCl,-CH,4-H,
SizN, SiCl,-NH; ; SiF,-NH,
B, BCly-CH,4-H, ; BBr;-CH,-H,
TiC, ZrC MCl,-CH4-H, (M = Ti, Zr)
TiB,, ZrB,C MCl,-BCly-H, (M = Ti, Zr)
BN BCl;-NH,5-H, ; BF3-NH,4
Al 04, Zr0, AlCl;-H,-CO, ; ZrCl,-H,-CO,

Table 4 : Chemistries for forming single and mixed oxides (after 12)

Matrix Used Precursor Gel-Formation Process
SiO, Tetracthoxysilane (TEOS) HCI catalysis in ethanolic solution
Ti0,-Si0, TEOS + Ti(OC,H,), Simultaneous hydrolysis

HCI catalyzed in ethanolic

TEOS + Ti(iso-OC;H;), solution
Ge0,-8i0, TEOS + tetracthoxy-germane (TEOG) HCI catalysis in ethanolic solution

TEOS + GeCl, Ethanolic solution without additional catalyst
B,0;-Si0, TEOS + B,0;hydr. HCI catalyst in ethanolic solution
Al,04-Si0, TEOS + Al (sec-OC4Hy) Aqueous ethanolic solution
AlLO, Al (is0-C3H;)4 HCI catalysis in ethanolic solution

Al (sec-OC4Hy), 2-step (NH,OH/HCI) catalysis
Zr0,-8i0, TEOS + ZrCl, Ethanolic solution without catalyst
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Table § : Compared mechanical strength of different glass-ceramic matrix composites with a 2D reinforcement

Composite Matrix Reinforcement | Flexural strength | Tensile strength
Nicalon
SiC/LAS 11 LAS NLM 202 480 216
0/90
Tyranno
SiC/ITRC 200 LAS LOXM 480
(Boror doped) 0/90
Nicalon
SiC/LAS LAS NLM 202 350 200
(ONERA/SGR) Woven-fabric
SiC/MAS-L MAS-L " 460 290
0/90
Tyranno
SiC/BMAS BaMAS LOXM 476
0/90
Nicalon
SiC/BMAS BaMAS CG 428
0/90
Nicalon
SiC/CAS CAS NLM 202 200
0/90
Table 6 : Loss in rupture stress of some glass-ceramic composites
with a 2D reinforcement after an exposure at temperature in air
FLEXURAL STRENGTH AFTER EXPOSURE IN AIR
Room Tem 550 700 800 900
Composite Pl 70n 70 h 100 h 70 h
350 10 %
SiC/LAS . - - -
200 (tensile) 20 (T)
SiC/MASL 460 - - 420 -
SiC/LAS 200 460 496 434 - 462
Tyranno
SiC/BMAS 480 152* 242* - 310*
Nicalon
SiC/BMAS 480 248 242 - 165
Tyranno
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Table 7 : Mechanical properties od 2D SiC/SiC composites (after 38) Table 8 : Mechanical properties of 2D C/SiC composites (after 38)
Temperature i Temperature
Properties Units Properties Units
23°C | 1000°C | 1400°C 23°C | 1000°C I 1400°C
Fibre volume fraction % 40 Fibre volume fraction % 45
Density 25 Density 21
Open porosity % 10 Open porosity % 10
Tensile strength MPa 200 200 150 Tensile strength MPa 350 350 350
Elongation to rupture % 0.3 04 0,5 Elongation to rupture % 0.9 0.9
Tensile Young’s ‘GPa 230 200 170 Tensile Young’s GPa 90 100 100
modulus modulus
Flexural strength MPa 300 400 280 Flexural strength MPa 500 700 700
Compressive strength // MPa 580 480 300 Compressive strength // MPa 580 600 700
Compressive strength L MPa 420 380 250 Compressive strength + MPa 420 450 500
Interlaminar Interlaminar .
shear strength MPa 40 3 B shear strength MPa 3 35 3
"Toughness" K, MPa/ 30 30 30 “Toughness” K, MPa/ 32 32 32
m m

Table 9 : Comparison of 2D SiC/SiC and C/SiC composites processe by different routes

Composite
2D SiC/SiC 2D C/SiC
Characteristics
processing S.EP. Dornior ONERA ONERA Nippon Dow ‘
route CVI expolysilazane ex-PVS ex-PVS SiC Carbon Corning
prepeg + 3 SiC powder powder ex(Si, N, C)
polymeric + 2 polymer
injections injections
Type | Skinex 0/90° Skinex 2D woven- | 2D woven-
reinforcement fabric fabric
V| 45% 45% 45% 30% | 35% 40% -
Porosity 8-12% 10-15% 17% 17% | 20% - -
rupture fl| 400 200-400 250 200 250 110 350-420
strength tens | 260 200-350 - - - - 210-245
(MPa)
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Fig. 1: Main CMC’s available today according to
their matrix ultimate working temperature.
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C/SiC shingles for a thermal protection
system of a re-entry vehicule (after 20).

Fig. 4 :
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LIST OF SYMBOLS

shear strength

compliance coefficient

residual stress coefficient

shear strain

displacement

characteristic length

hysteresis loop width

strain

elastic strain

permanent strain

contribution to permanent strain caused by
matrix cracks

Poisson’s ratio (assumed to be the same for fiber and
matrix)

pull-out coefficient

stress

residual stress in 0/90 material along fiber axis
lower bound stress for tunnel cracking
debond stress

matrix cracking stress

stress acting on 0° plies in a 2-D material
peak stress

saturation stress

misfit stress

interface sliding resistance

matrix cracking coefficient

fracture energy

interface debond energy

dissipation associated with traction law
matrix fracture energy

misfit strain
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SUMMARY

A methodology for the straightforward and consistent evalua-
tion of the constituent properties of CMCs is summarized,
based on analyses from the literature. The results provide a
constitutive law capable of simulating the stress/strain behav-
ior of these materials. The approach is illustrated using data
for two CMCs: SiC/CAS and SiC/SiC. The constituent pro-
perties are also used as input to mechanics procedures that
characterize stress redistribution and predict the effect of
strain concentrations on macroscopic performance.

1. INTRODUCTION
For the structural application of ceramic matrix composites
(CMCs), itis necessary to have a methodology that prescribes

the influence of strain concentrations, such as notches, on ten-
sile properties. Ideally, this methodology should have explicit
connections to the constituent properties (fibers, matrix,
interface), such that efficient design procedures can be imple-
mented. This article contributes toward this objective by
surveying the tensile properties of CMCs and the mechanisms
that govern their properties, in a manner that leads to a meth-
odology for relating macroscopic behavior to constituent
properties. A mechanics approach that addresses the influ-
ence of strain concentrations is then summarized and
compared with preliminary experimental results.

CMCs usually have substantially lower notch sensitivity than
monolithic brittle materials!** and, in several cases, exhibit
notch insensitive behavior.>” This desirable characteristic of
CMCs arises because the material may redistribute stresses
around strain concentration sites. There are two fundamental
mechanisms of stress redistribution:3'2 (i) distributed matrix
cracking and (ii) fiber failure involving pull-out. An under-
standing of these effects provides a basis for devising a
methodology to characterize and predict properties. In most
CMCs, the Linear Elastic Fracture Mechanics (LEFM) meth-
odology successfully devised for metals cannot be used, 281214
because failure does not occur by the propagation of a
dominant mode I crack. Alternative mechanics are needed,
based on the actual mechanisms of failure. A more relevant
mechanics is that based on the Large-Scale Bridging of matrix
cracks by fibers®!313 (LSBM). However, even LSBM is inade-
quate. It must be augmented by Continuum Damage
Mechanics (CDM)'® in order to establish a rigorous metho-
dology.

The basic approach has the following features. An informed
background needed for progress is provided by experimental
results used in conjunction with models of matrix cracking
and fiber failure. The matrix cracking and fiber failure observ-
ations are conducted on 2-D materials in tension and shear.
Large-Scale Bridging Mechanics are used to rationalize the
observed damage mechanisms. The tensile properties mea-
sured in the presence of holes and notches, when combined
with damage observations, establish the mechanics approach
needed to rationalize the influence of strain concentrations.

The strategy is facilitated by devising mechanism maps that
use non-dimensional parameters, which combine the basic
constituent properties listed on Table I in mechanistically
relevant ways. A list of these parameters is presented in Table
II. The most successful methodology will be that using the
minimum number of constituent properties needed to repre-

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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sent the constitutive behavior. At mechanism transitions, the
mechanics needed to characterize composite behavior often
change.'%"7

2. BASIC RESULTS FOR 1-D MATERIALS

2.1 Phenomenology

Models for a range of damage phenomena found in 1-D
CMCs, have been established and validated by experiment,!#-4
These models provide the basis upon which the behavior of
2-D and 3-D CMCs can be addressed. The underlying pheno-
menology involves matrix cracking and fiber failure. Matrix
cracks form first and interact with predominantly intact fib-
ers,>18-24 subject to interfaces that debond, at energy T, and
then slide at a constant shear stress, t.  This process com-
mences at an energy bound stress, 0,,. The crack density
increases with increase in stress above G, and may eventually
attain a saturation spacing, Z,. The details of crack evolution
are governed by the distribution of matrix flaws. The matrix
cracks reduce the elastic modulus, E, cause hysteresis in the
presence of sliding interfaces, and also induce a permanent
strain, €, These matrix cracking effects are schematically
illustrated in Figure 1. The intent is to relate these quantities
to the constituent properties (Table I) through non-dimen-
sional parameters (Table IT).

The matrix cracks may enhance the stress of the fibers and
encourage fiber failure.'> However, when a fiber fails, the
stress does not reduce to zero everywhere along that fiber.
Load transfer can still occur through the sliding stress, T, even
though the matrix has many cracks.?*27 As a result, the ultim-
ate tensile strength (UTS) may exceed the value expected fora
‘dry bundle’ (fibers with no matrix). Two bounds appear to be
involved. When failed fibers and matrix cracks do not induce

/I
/
/I os =">
o) I/ —
‘ug- / <_Gp
/ ’
e O / 4/ Loop Width, €
U) .,: 4 /’/ ,/
/ A’\-' Elastic Unloading, E"
/
E 47/ / = Unloading Modulus, E
,/ //
/
/'/ /
44 I//
— ‘
& — Strain, £ —>

Fig. 1. A schematic indicating the consequence of matrix
cracking in CMCs on the stress/strain behavior.

$ More rigorous debonding and sliding behaviors have been ana-
lyzed,? but have not yet been found necessary for the derivation of
useful constitutive laws.

Table |
Measurement methods

CONSTITUENT PROPERTY MEASUREMENT

* Pull-Out Length, h2536

o o Saturation Crack Spacing, 3520'22
Sliding Stress, T
* Hysteresis Loop, 8 € 1722324

o Unloading Modulus, (2324

e « Fracture Mirrors38-39
Characteristic Strength, S¢, m
« Ultimate Strength, S25

o Bilayer Distortion?
Misfit Strain , 2 ¢ Permanent Strain, £p23»24
* Residual Crack Opening32

* Monolithic Material

Matrix Fracture Energy, I'm « Saturation Crack Spacing, 2522
e Matrix Cracking Stress, Gmc!? .

¢ Permanent Strain, £p2124

¢ Residual Crack Opening21.24

Debond Energy, I

Table If
Summary of non-dimensional coefficients

:6_1 = E G.. Misfit Index21,24,32
Ir = 3, (c2/c)EL /T, isfit Index
0, =
L o= _6-: = (I/C,),’Eml‘,/Roz -%,, Debond Index21,24
H = by(1-a,f)'RG:/4I1E, f°, Hysteresis Index24.32
L = r(1-f) E,E,/fvE,R, Crack Spacing Index22

M = 61, f°E,[(1- f)ELRE,, Matrix Cracking Index?18.19

Q = E,fQ[E/(1-v), Residual Stress Index1924

a = a,S*/E.T, Flaw Index8
Ap = [§/(1-f)]'(E,E./EL)(a,Y/RS,), Flaw Index for Bridging315
Ap = (a,/h)(S,/E.), Flaw Index for Pull-Out374!

a significant stress concentration within intact fibers, global
load sharing (GLS) applies.?® Then, the effective gauge length
relevant to fiber failure is governed by the load transfer length.
Consequently, the UTS becomes independent of the actual
gauge length. Conversely, when an unbridged segment of
matrix crack exists (because of processing flaws, etc.), the
stress concentration induced within the fibers reduces the
UTS.5!5 In this case, fiber pull-out appears to control the
UTS.* Constituent properties that lead to this transition in
behavior will be discussed below.
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2.2 Matrix Cracks

A summary of the matrix cracking results is presented, which
apply to materials with relatively small debond energies
(SDE). More complete results are presented elsewhere.?'?¢
Long matrix cracks interacting with fibers are subject to a
steady-state condition, which leads to a lower bound cracking
stress, given by 21819

5, [ ew.fE T c
E, (1- f)ELRE, - /B
(1a)

where q is the residual axial stress in the matrix, which is
related to the misfit strain, Q*, by;"?

4/E. = B[E,/E.(1-v)]fQ
(16)

with § = 1. The first important non-dimensional relationship

.is thus (Table II),

amc/EL = Mx _BQ (1)
C

As multiple matrix cracking develops, the slip zones from
neighboring cracks overlap and produce a shielding effect. 202
When the shielding procecds to completion, a saturation
crack density results. This occurs at stress 0,, with an asso-
ciated spacing, Z,, given by?

Z, / R = )

The coefficient 5 depends on crack evolution: periodic, ran-
dom, etc. Recent estimates®? indicate that, 3 = 1.6. The
second important non-dimensional formula is thus (Table I),

x[l’m (1- f)zE, E,/f7 ELRr

LR = yof

(2b)

The actual evolution of matrix cracks at stresses above 0, is
governed by the size and spatial distribution of matrix flaws. If
this distribution is known, the evolution can be simulated?®
(Fig. 2).4 A simple formula that can be used to approximate
crack evolution is °

7~ 7[5

T " [6/8a -] 3

Direct application of Equations 1 to 3 requires that the elastic
properties be known and, moreover, that the constituent pro-
perties (v, T, and Q) be independently measured.®3’
However, it would be more convenient if a methodology
existed that related the constituent properties to readily mea-
sured macroscopic features. With this objective, a series of
formulae have been derived from basic solutions for debond-
ing and sliding at interfaces, as matrix cracks evolve.21243!

2-3
Saturation
4
//
/
/
Crack /
Density, p \’
Matrix /7 'm Intertace
<%= Residual / => Sliding
I Tension,q [/ Stress, t
Matrix Cracking

(Lower Bound), Omc

/
/
4
4
\ 4

—— Applied Stress, G —

Fig. 2. A schematic indicating the parameters that influence
the evolution of matrix cracks in 1-D CMCs.%

Matrix cracks increase the elastic compliance. Numerical cal-
culations indicate that the unloading elastic modulus, E*, is

given by*!
E,/E' -1 = (R/f)a[f E,/E,]

@

where o is another non-dimensional function (Fig. 3). Initial
unloading occurs with modulus, E*. However, the displace-
ments caused by reverse sliding soon dominate.’>* These
lead to an effective unloading/reloading modulus, E, and
generate a hysteresis loop, width 8¢. When the stress g, is
below §,, such that limited slip zone overlap occurs, the
unloading modulus and the loop width (Fig. 1) are independ-
ent of the misfit strain, €, but relate to the sliding stress, <.
They are also independent of T, for SDE.?432 The unloading
modulus is given by?232431.32

E/E, = 1+#E/s, -

where 4 is the third important non-dimensional parameter
(Table IT), given by

H = b,(1-a,f)'RG[4E1E, f*
©
The width of the hysterisis loop d¢ is?42
e = 24(5/5,)[1-5/5,] -

such that the loop width at half maximum, d¢,,, (at = 5,/2),
is

dey = H/2 (7b)

* Q may be related to the thermal expansion coefficients of fiber a,
and matrix a, by, Q = (a, — a)AT, where AT is the cooling range,
taken as a positive quantity. However, in some cases, there are addi-
tional contributions from phase transformation, ‘intrinsic’ stress,
etc.

% In some cases, small matrix cracks can form at stresses below
Tne- 2> These occur either within matrix-rich regions or around
processing flaws. However, the non-linear composite properties are
usually dominated by fully-developed matrix cracks that form at

stresses above d,,. (Fig. 1).
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Compliance Coefficient, [E_/E*-1]JL/R
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Modulus Ratio, E;/Eg,

Fig. 3. Effects of matrix crack density on the elastic
compliance of 1-D CMCs.®

The permanent strain, ¢, is sensitive to the sliding stress and
the misfit, as well as the debond energy. It is given by,2!2432

g, = 2H[1-L][1-%+2%;]+¢

P
®)

where Z; and Z; are two non-dimensional parameters (Table
IT) that introduce the influence of the debond energy T, and
the misfit strain Q given by?!2432

_ G -
I, = 6_: = (cy/c))E, Q/5,
= ai = ro3
3 = 3 = (Ye,) {E.T,/RT -2,

®

and ¢* is the extension associated with relief of the residual
stress caused by matrix cracks, in the absence of interface slid-
3l

ing,

(E.. Q/E)[fa,/(1-a,f)][E/E. -1]

£ =
(10)

The above results can be combined to give an expression for
the secant modulus, E_2* The resulting constitutive law may
be used to simulate stress/strain curves.?* The results may
also be used to evaluate v, I; and Q, provided that ¢, has been
measured, as elaborated below.

At stresses above g;, the behavior is less well-documented. It
has generally been assumed that the tangent modulus E, is
that associated exclusively with the fibers,'8

E, = fE,;

(11)

However, deviations from Equation 11 often arise.??

Finally, it is noted that certain matrices (especially oxides) are
susceptible to stress corrosion cracking.?S This phenomenon
leads to time-dependent matrix cracking, which can occur at
stresses below G,

2.3 Fiber Failure

Several factors are important concerning fiber failures within
a composite matrix. (i) Fibers begin to fail prior to the UTS.2*"
27 At the UTS, the fraction of failed fibers within the
characteristic length, , is sufficient that the remaining intact
fibers are unable to support the load. (ii) The stochastic nature
of fiber failure dictates that the fiber failure sites have a spatial
distribution around the fracture plane. Consequently, a fric-
tional pull-out resistance exists. This resistance allows the
material to sustain load, beyond the UTS. The associated
pull-out strength S, is an important property of the compo-
site. (iii) When unbridged flaws exist in the material, the
matrix cracks introduce stress concentrations within intact
fibers. This effect may lead to a reduced UTS.5!3

The basic stochastics of fiber failure have identified two non-
dimensional parameters: a characteristic strength?5-¢

S, = S,[tL,/RS e
(12a)
and a characteristic length
8 = L,[S,R/aL =" ’
(12b)
related by
S. = 18./R (12¢)

When multiple matrix cracking precedes composite failure,
and when GLS applies, the UTS is gauge length independent
atlarge lengths (L, 5 8,). The UTS is given by®

S, = fS.F(m) )
13)

where

F(m) =

[2/(m +2) [ (m + 1)/(m + 2)]

At shorter gauge lengths (L, < §,), the UTS increases as Lg.
decreases? (Fig. 4).

25 T T T T T T

N
T
]

Tensile Strength, S/S,
P
T
-
1

0.5 1 1 1 1 1 1
0 0.2 0.4 06 0.8 1 1.2 14

Relative Guage Length, Lg/8

Fig. 4. Effects of gauge length on the ultimate tensile
strength predicted by global load sharing analysis.?’
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In principle, it is possible for composite failure to be preceded
by relatively few matrix cracks, with GLS still applicable.
Then, because the average stress on the fibers is lower, the
UTS is predicted to be higher than S,. In the limit wherein
only onematrix crack has formed, the UTS (subject to GLS) s

.

S, = fS.G(m)
(14)

where

G(m) = [(5m+1)/5m]exp[-1/(m+1)]
The spatial distribution of the fiber failures that occur upon
loading results in fiber pull-out on the matrix fracture plane.
~ The mean pull-out length, h (for L, >8,), has the non-dimen-
sional form?*
ht/RS, = A(m)
(15)

ere are two bounding solutions for the function A (Fig. 5).
‘—Jnc’)mposite failure subject to multiple matrix cracking gives
the upper bound. Failure in the presence of a single crack gives
the lower bound.

2}

1

S~

£ o3}
e = Multiple Matrix Cracks
£

2 \

3 \

b=} o2r \

Q N

E] N

¢

> 01} S

.‘g ~~‘~

° S Single Matrix Crack
m -

_____

‘ 5 10 15 20 25

Shape Parameter , m

Fig. 5. Bounding solutions for the non-dimensional fiber
pull-out length.%

Because of pull-out, the system has a residual strength, Sp,
(Fig. 6a) given by

21fH/R
2fS A(m)

S

P

(16)

The preceding results are applicable provided that there are
no unbridged segments along the matrix crack. Unbridged
regions concentrate the stress in the adjacent fibers and
weaken the composite. The effect can be addressed using
Large-Scale Bridging Mechanics (LSBM). Simple linear scal-
ing considerations require that the strength S* depend on a
non-dimensional flaw index®'> (Table II),

2-5
1 T T T T T
s i
-\ S .
BN Bridging S, b
0.8\ "\, Plus ° -
F o\ . Pull-Out 5 e
@ L\ S~ ]
M R :
= ] o N et
> B e ]
c - -y
@
5 - -
@ 04f- —
=2 L i
s 4
L - Bridging M P
0.2~ Only l §ts“ _
R s i
0 1 1 1 1 1
o 0.25 05 0.75 1.0 1.25
2
Flaw Index, Ap = — — () (8F
(12 \En2/ \ RS
1.2 T T T T T
c
. J
[75) 1.0 -
>
(/5]
£ o8 .
c
[
=
w
o 0.6 -1
i)
c
2
[0 0.4 =
2
5
[}
@ o2} =
1 1 ] 1 1
0 0.1 0.2 0.3 0.4 0.5 0.6

Flaw Index, Ay=(a,/h)(S,/E)

Fig. 6. Strength degradation in elastically isotropic CMCs
subject to unbridged segments (length 2a,) a) combined
bridging and pull-out; b) pull-out.8-”

a4 = a,S/E.T,

17

where T, is the area under the stress/displacement curve for
the bridging fibers, S is the fully-bridged UTS and 2a, is the
length of the unbridged segment. The flaw index 2 must be
specified for each bridging law, based on I',. The functional
dependence of strength S* on A has been determined by
numerical analysis for two limiting cases.’” A lower bound
arises in the presence of bridging without pull-out (S =S§,, S,
= 0), with flaw index,*!* (Table II),

4, = 3[f/(1-1)] (EE./EL)(a,Y/RS)
(18a)

The dependence of the UTS on 4 , is plotted on Figure 6a.
An upper bound obtains when the UTS is pull-out dominated
(S=S$,), with flaw index*"*! (Table II),
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A = Z(ao/E)(sP/EL)

(18b)

The degradation is plotted on Figure 6b. The behavior
between the bounds has not been well-established. It involves
coupled bridging and pull-out. One result*’ (plotted on Fig.
6a) suggests that the lower bound is more relevant when 4, 2
0.3, whereas the upper bound is a reasonable approximation
when A4, >1.5.

Experimental validation of the above results requires inde-
pendent measurement of S, and m. Tests conducted on
pristine fibers are not relevant, because fiber degradation
usually occurs upon composite processing.®3842 Two appro-
aches have been used. One approach entails removal of the
matrix, by dissolution,' which is only feasible if further fiber
degradation does not occur. The second approach involves
fracture mirror measurements on failed fibers, after tensile
testing of the composite. 10383942

3. CHARACTERISTICS OF 2-D MATERIALS

3.1 Matrix Cracking

General comparison between the stress/strain, o(g), curves
measured for 1-D and 2-D materials*! (Figs. 7 and 8) pro-
vides important perspective. It is found that o(e) for 2-D
materials is quite closely matched by simply scaling down the
1-D curve from S to S/2. The behavior of 2-D materials must,
therefore, be dominated by the 0° plies,} which provide a fiber
volume fraction in the loading direction about half that pres-
ent in 1-D material.

0 —T—VT T T T T T T T T T
- 1
350 [ B
[ AclC A sicic ]
300 |- Al A -
1 4 ]
s ! I |
[ . . ’ 9
! SiC/SiCyp
250 - b
200 b

SiC/CAS
150

Tensile Stress, ¢ (MPa)

100

50

1

9 1.0

n

1 1 i 1 2 1 1 1 1 n 1 1 1 L
0 ""01 02 03 04 05 06 07 08 O

Tensile Strain, €(%)

Fig. 7. A comparison of stress/strain curves for 2-D CMCs
all reinforced with Nicalon fibers (with f=0.4). The SiC/CAS
is a laminate, the SiC/SiC,,, has a plain weave: the other
materials have a 8-harness satin weave.*!

$ Furthermore, since some of the 2-D materials are woven, the $/2
scaling infers that the curvatures introduced by weaving have mini-
mal effect on the stress/strain behaviors.

500 T T T T T T T T T
)
400 |- <0y
N \J
./
L
[ Yory 3 ,-’.
A(—“\ !
CEL 300+ %,./ ’
a -~
[« - L
= 200 |- ., vad =3 p—3 e 2/00°"
5 0 '[ /—” = [o, = 20] %_:_’--‘" '}(O /90%)
L 1 .5 et
wol- 7 -
14 e
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0 0.5 1.0
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Fig. 8. A comparison of 1-D and 2-D CMC tensile
properties obtained for SiC/CAS and SiC/SiC,y. The lines
marked (1/2)1-D are the results for 1-D material reduced in .
scale by (1/2).4

The only significant 2-D effects occur at the initial deviation
from linearity. At this stage, matrix cracks that form either in
matrix-rich regions or in 90° plies evolve at somewhat lower
stresses than cracks in 1-D materials.?*3? However, the asso-
ciated non-linearities are usually slight and do not normally
contribute in an important manner to the overall non-linear
response of the material. For example, matrix cracking in the
90° plies often proceeds by a tunneling mechanism?434¢ (Fig.
9). Tunnel cracking occurs subject to a lower bound
stressll.43,44

o, = [T.E/gt]" - ox(E, +E;)/2E,
(19)

o
o
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I
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o Tunneling
Crack Growth j
[~} [¥] o,

1 41

e{}»o
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A\WAZRY

.‘2 ‘,é—

LB ¢

Fig. 9. A typical matrix cracking mode in 2-D CMCs.®
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where g is a function that ranges between 1/3 and 2/3.4 The
unloading modulus associated with tunnel cracks is**

E/E = h(E/E,,f.t/T)
(20)

with L being the mean crack spacing in L the 90° plies. The func-
tion h varies between 1 and ~ 0.6 as t/L changes from ~ 0 to >
1. The corresponding permanent strain is**

g, = (1 -E; v’/E,_)cR/E,_ e

The actual evolution of cracks at stresses above o, depends on
the availability of flaws in the 90° plies.

Extension of these tunnel cracks into the matrix of the 0° plies
results in behavior similar to that found in 1-D material.
Moreover, if the stress 3, acting on the 0° plies is known, the
1-D solutions may be used directly. Otherwise, this stress
must be estimated. For a typical 0/90 system, 3, ranges
between 6 and 20, depending upon the extent of matrix crack-
‘;13 in the 90° plies and upon E/E, .** Preliminary analysis has

een conducted below using, 6, = 24, as implied by the
comparison between 1-D and 2-D stress/strain curves (Fig.
8). Additional modelling is required on this topic.

3.2 Fiber Failure

The matrix cracks that originate in the 90° plies and extend
through the 0° plies must induce a stress concentration in the
fibers. The phenomenon is analogous to that considered
above for 1-D material containing unbridged segments, When
the stress concentration is small, the UTS should be given by
Equation 13, but with freplaced by £ . In a typical case (f /f=
1/2), the UTS would be S,/2, consistent with experimental
findings on several CMCs (Fig. 8). In other cases, the stress
concentration is important and the UTS is significantly
smaller than S /2.

Major factors governing the stress concentration are the mod-
ulus ratio, E1/E,, the crack spacing, L, and +. That is, small
values of E/E,, L and T alleviate the stress concentration.*!

3.3 Shear Damage
When loaded in shear, 2-D CMCs are subject to non-linear

Normalized Shear Stress, T/G (103)

SiC/SiC

A

25 3.0 35 40

1.5 20

Shear Strain, ¥ (%)

00 05 1.0

Fig. 10. The shear strength of various CMCs normalized by
the composite shear modulus.*®
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deformation.*® The deformations are governed primarily by
matrix cracks. Typical shear stress/strain, T(y) curves (Fig.
10) indicate that CMCs can normally sustain larger shear
strains than tensile strains prior to failure. The matrix damage
often consists of cracks oriented at 45° to the fiber axis. Since
fiber sliding is inhibited in shear loading, the elastic compli-
ance of the composite with matrix cracks may be a useful
upper bound for the shear strength. Consequently, when nor-
malized by the shear modulus of the composite (Fig. 10), the
T(¥) curves found a range of CMCs tend to converge into a
band.

4. TEST METHODOLOGY

The preceding characteristics suggest a methodology that can
be used to efficiently evaluate constituent properties, which
may then be used to make predictions about composite per-
formance. The basic philosophy is that straightforward
procedures be used, with consistency demonstrated between
independent measurement approaches. The measurements
that are experimentally convenient include: the fiber pull-out
length, h, the matrix crack spacing at saturation, l_,, the stress/
strain (o, ) behavior, the fracture mirror dimensions and the
bending deformation of a bilayer (Table I).

The steps are as follows. Generally, the fiber modulus is
known, whereupon E; can be evaluated from the measured
initial composite modulus. Both S_ and m are known, pro-
vided that fracture mirror measurements have been made.
Curvature measurements made on bilayer provide Q. At this
stage, measurements of pull-out, saturation crack spacing and
unloading/reloading hysteresis are used to determine t, I'; and
I, as well as to provide checks on the magnitudes of S, and
Q.2434 Specifically, the magnitude of < is obtained from the
hysteresis loop width at half maximum, §¢,,,, measured as a
function of g, (Eqn. 7b) and checked using the unloading
modulus, E (Eqn. 5). Typical results are shown in Figures 11
and 12. Then, the misfit strain, Q, and the debond energy, T,
are evaluated from the permanent strain ¢, (Fig. 13) by using
Equation 8. Additional procedures have been devised to
determine Q.24 The misfit is compared with the bilayer mea-
surements. Thereafter, the fiber pull-out lengths are used to
provide consistency checks on tand S, by using Equation 15,
with the appropriate bound for A.

When the preceding measurements provide consistent infor-
mation, two other results can be used. The saturation crack
spacing Z,, allows estimation of T, (Eqn. 2), which may be
compared with values found for the monolithic matrix mate-
rial. The same value of T, can be used to calculate the matrix
cracking stress, d,,. (Eqn. 1), which can be compared with the
onset of linearity found in the stress/strain curves.

Finally, with S, and m known, the UTS may be compared with
the strengths predicted from global load sharing analysis
(Eqn. 13) and fiber pull-out analysis (Eqn. 16). This compar-
ison gives insight about the influence of matrix flaws on stress
concentrations expected in the fibers.

The procedure is briefly illustrated by referring to a compre-
hensive set of results-obtained on both SiC/CAS%2430 and
SiC/SiC?344 (see Figs. 11-13). The constituent properties
for these two CMC systems obtained using the above metho-
dology are summarized in Table III. More complete
assessments are provided elsewhere.2*3* The comparison
between these two systems is interesting, because the consti-
tuent properties are very different. (i) In the SiC/SiC system,
the fibers have clearly been degraded during processing. (ii)
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Experimental 04 ' ? v v v
Material | 1-D | 2-D
1 SiIC/CAS | m ® T=10MPa
sicsic | O | O 9 0.3} 1
o9k Predictions — ;;l
w c
i g 02}k J
g 08f 7]
= c
3 SIC/CAS 2
s 07} g o1k i
o T 5 ’
"% = o @ Experimental
8 0.6 15 MPa Results
= ] — Predictions
o D V] 10 1 L I 1
osk SiC/SiC 100 100 150 200 250 300 350 400
SIC/CAS Sic/sic Stress (MPa)
04
T, — 100 Fig. 13. Variation in permanent strain for a 1-D SiC/CAS
03 L 1 L J material showing comparisons with the model (Egn. 8) for
0 100 200 300 400 various values of the sliding stress, using an independently
Applied Stress, G(MPa) determined value for the misfit strain, with (T, =0).% .

Fig. 11. The unloading modulus measured for 1-D and 2-D
SiC/CAS and SiC/SiC,y, showing comparisons with the
model (Eqn. 5) for various sliding stresses.?*3

Table lll
Important constituent properties for CMCs:
comparison between SiC/SiC and SiC/CAS

1000 MATERIAL
- ] PROPERTY
[+ SiC/CAS | SiC/SiC
9:? Matrix Modulus, Em (GPa) 100 400
a
o} 800 Fiber Modulus, Ef (GPa) 200 200
o
A) Sliding Stress, T (MPa) 15-20 | 100-150
S
b"- 600 CONSTITUENTS | Residual Stress, q (MPa) 80-100 50-100
£ Fiber Strength, S¢ (GPa) 2022 | 1316
; Sh
a ape Parameter, m 3.3-38 4247
(=]
3 400 Matrix Fracture Energy, [m (Jm-2) 20-25 5-10
3
o Debond Energy, I'j (Jm2) ~0.1 -2
g
200 Matrix Cracking Stress, Omc (MPa) | 140-160 | 200-220
DEPENDENT Saturation Crack Spacing , as (um) | 110-130 15-20
PROPERTIES =
Pull-out Length h (um) 250-350 25-40

0 2 4 6 8 10

Relative Crack Spacing, /R

Fig. 12. Variations in the relative hysteresis loop width with
crack density obtained for 2-D SiC/SiC,,, showing
comparisons with the model (Eqn. 7) for various sliding
stresses.?
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The large difference in tindicates that the C coating placed on
the fibers in the SiC/SiC material (by vapor deposition) has
very different properties than the C interphase in the CAS
system, which is governed by reaction during processing. The
high stiffness of the SiC matrix may also have an important
influence on 1. (iii) The SiC/SiC system has a substantially
larger debond energy, I';, which is the origin of the relatively
small permanent strain.

5. SIMULATIONS
When the constituent properties have been evaluated in a
consistent manner, the stress/strain curves, for SDE materi-

600

&oak =200 MPa

Ina

300

S L 0 e L L L L

200

100

ri=2Jm?
a) LDE {Gsfcmc= a

Stress, G (MPa)
(=]

400 - T-200 MPa
E 2
300 |- 2
200
100
b =0
L b) SDE !
g/ Ope= 1.5
0 | 1 1 L
0 0.002 0.004 0.006 0.008 0.01 0.12
Strain, €
aout....,.,..,....,...., 1
160 | t\ -
= : Simulation
o
s 120f ]
Io i 1
@ L " 1
@ 80 Experiment i
‘cﬁ = 4
40 -
D_ IR N Y VN NN (NN VO (AN T T UNNNNY CHNNNY (00 AN N RN (ST TR [N S T (O
0 0.005 0001 0.0015 0.002 0.0025
Strain, €

Fig. 14. Simulated stress, strain curves for SDE material a)
1-D material with notational constituent properties. b) 2-D
material simulation obtained by assuming &, 26, compared
with experimental measurements (constituent properties
relevant to SiC/CAS)
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als, at stresses prior to saturation may be simulated by using
Equations 1 to 10.24* The procedure is straightforward for
1-D material, provided that Equation 3 is a reasonable repre-
sentation of matrix crack evolution. Some examples are
presented in Figure 14a.2* Further work is needed to predict
the behavior above 6,. The simulation capability for 2-D
material depends on the assumption made about the stress g,
acting on the 0° plies. If this stress is considered to be, G, = 23,
the simulations for SDE materials, based on SiC/CAS (Fig.
14b), agree quite well with experiments except at small plastic
strain.* Further research is needed to understand the behav-
iors at small plastic strains.

6. EFFECTS OF STRAIN CONCENTRATIONS

6.1 General Considerations

When either holes or notches (or other strain concentrating
sites) are introduced, experimental results have indicated that
CMCs can exhibit (at least) three classes of behavior,'>* as
sketched in Figure 15. Class I materials exhibit a dominant
(mode I) crack emanating from the notch, with fiber failures
occurring as the crack extends across the material. Class II
materials experience multiple (mode I) matrix cracking from
the notch. These cracks usually extend across the net section
prior to fiber failure. In class IIl materials, shear damage
occurs from the notch and extends normal to the notch plane
prior to composite failure. In all three cases, stresses are redis-
tributed by matrix cracking as well as by fiber pull-out.

Class | Class Il

Matrix Cracking + Fiber Failure Matrix Cracking: No Fiber Failure

|
R %
s w:‘
& o
111 A
A
,

| o

o
]I
|

.o

,
el
e

'a % % % °®cCa

5
e’

o

o0 0g ®
N

o

ol

Matrix Cracks

Pull-Out Tractions Redistribute Stress

Redistribute Stress

Class lll

Shear Damage By Matrix Cracking

T3 % %

A
)
0

Z 2L AR

P
pay

Shear Damage Zone
Redistributes Stress

Fig. 15. The three classes of behavior found in CMCs and
the associated mechanisms of stress redistribution.*%#
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The characterization of notch effects for CMCs exhibiting
these three classes of behavior appears to require different
mechanics, because the stress redistribution mechanism
within each class operates over different physical scales. Class
I behavior involves stress redistribution by fiber bridging/
pull-out, which occurs along the crack plane. Large-Scale
Bridging Mechanics (LSBM) is preferred for such materi-
als.®1315 Class TI behavior allows stress redistribution by
large-scale matrix cracking. Consequently, mechanism-based,
Continuum Damage Mechanics (CDM) is regarded as most
appropriate.'® Class III behavior involves material responses
similar to those found in metals,'>***! and a comparable
mechanics might be used: either LEFM for small-scale yield-
ing or non-linear fracture mechanics for large-scale yielding.
Since a unified mechanics has not yet been identified, it is
necessary to devise mechanism maps that distinguish the var-
ious classes, through constituent properties. Initial attempts
are elaborated below.

6.2 Mechanism Transitions

The transition between class I and class II behaviors involves
considerations of both matrix crack growth and fiber failure.
One hypothesis for the transition may be analyzed using
LSBM. Such analysis allows the condition for fiber failure at
the end of an unbridged crack segment to be solved simul-
taneously with the energy release rate of the matrix front. The
latter is equated to the matrix fracture energy.'* By using this
solution to specify that fiber failure occurs before the matrix
crack extends into steady-state, class I behavior is presumed to
ensue. Conversely, class II behavior is assigned when the
steady-state matrix cracking condition is achieved prior to
fiber failure. The resulting mechanism map involves two
indices:!

s = (RS/a,7)(EL/E.E,)[(1-£)/f]
= 3/a, (222)
and
5 = b /S (22b)

With Sand C,, as coordinates, a mechanism map may be con-
structed that distinguishes class I and class II behavior (Fig.
16). While this map has qualitative features consistent with
experience, the experiments required for validation have not
been completed. In practice, the mechanism transition in
CMCs must involve additional considerations.

The incidence of class ITI behavior is found at relatively small
magnitudes of the ratio of shear strength, T, to tensile strength
S. When T/S is small, a shear band develops at the notch front
and extends normal to the notch plane.'**" Furthermore,
since T is related to G (Fig. 10), the parameter G/S is selected
as the ordinate of a mechanism map.'2#! Experimental results
suggest that class III behavior arises when G/S 250 (Fig. 17).

6.3 Mechanics Methodology

i)  Class I Materials
The class I mechanism, when dominant, has features compat-
ible with LSBM. These mechanics may be used to
characterize effects of notches, holes and manufacturing flaws

ITTAERO
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on tensile properties, whenever a single matrix crack is preva-
lent, For cases wherein the flaw or notch is small compared
with specimen dimensions, the tensile strength may be plotted
as functions of borh flaw indices: 4 , and A4 | (Fig. 6). For the

g Ome
£ —»
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No Fiber Failure
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~
g_-- 20
=
i
L
Ve
wi 15
=
l_)
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w Fiber Failure
T 1o}
3
(V]
°
1=
=
2
£
1 1 1 1
0 0.2 04 0.6 0.8 1.0

Non-Linearity Coefficient, G./ S

Fig. 16. A proposed mechanism map for the transition
between class | and class Il behaviors.>*
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! :
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PO XXX KK XK XK
[ ]
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10 ; |
g 05 1.0
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Fig. 17. A proposed mechanism map for the transition to
class lll behavior.*®
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former, the results are sensitive to the ratio of the pull-out
strength S to the UTS. These results should be used when-
ever the unnotched tensile properties are compatible with
global load sharing. Conversely, A , should be used as the
notch index when the unnotched properties appear to be pull-
out dominated.

When the notch and hole have dimensions that are significant
fraction of the plate width (a,/w > 0), net section effects must
be included.®?” Some results (Fig. 18) illustrate the behavior.

0.8

0.6 h"—"-\ \\

Relative Tensile Strength, S*/S
I
!
/|
~
g,

i oL ot
0.4 g

0.2+

I T Experimental, SiC/C

i i 1 1

0 0.2 04 0.6 08 1

Il L 1 1 [ ]

Relative Hole Size, a,/w

Fig. 18. Effects of holes and notches on the tensile strength
predicted using LSBM. Also included are results obtained for
SiC/Cy."”

Complete experimental validation of LSBM for class I mate-
rials has not been undertaken. Partial results for the material,
SiC/Cy, are compatible with LSBM, as shown for data
obtained with center notches and center holes' (Fig. 17), with
A =~).8. For this material, the unnotched properties appear to
be pull-out controlled,''? and the constituent properties give
a pull-out notch index, 4 , =0.76.

it) Class IT Materials

The non-linear stress/strain behavior governed by matrix
cracking, expressed through E (Eqn. 5) and ¢, (Eqn. 8) pro-
vide a basis for a Damage Mechanics approach that may be
used to predict the effects of notches and holes. Such develop-
ments are in progress. An important factor that dictates
whether continuum or discrete methods are used concerns
the ratio of the matrix crack spacing to the radius of curvature
of the notch.

In practice, several class Il CMCs have been shown to exhibit
notch insensitive behavior for holes and notches in the size
range: 1-5mm (Fig. 19). These materials include: SiC/CAS®
and SiC/glass (1070).” The non-linearity provided by the
matrix cracks thus appears to allow stress redistribution to an
extent that essentially eliminates the stress concentration.™’
The elimination of the stress concentration has been esta-
blished both by notch strength measurement®’ and by
thermoelastic emission tests,*®

ABBOTTAEROSPACE.COM
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Fig. 19. The notch strength of a 2-D SiC/CAS composite
revealing that this is a notch insensitive material.®

iii)  Class III Materials
Class ITI behavior has been found in several C matrix compo-
sites!®!2 (Fig. 16). In these materials, the extent of the shear
deformation zone ¢, is found to be predictable from mea-
sured shear strengths, T, in approximate accordance with !2

{,fa, = ofT

(23)

Calculations have indicated that this shear zone diminishes
the stress ahead of the notch,'? analogous to the effect of a
plastic zone in metals, and provides good notch properties.
For several C/C materials, it has been found that the shear
band lengths are small enough that LEFM characterizes the
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Notch Size, a, (mm)

Fig. 20. Use of LEFM to characterize the notch strength of
C/C composites.”?
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experimental data over a range of notch lengths. For edge
notched specimens, it is found that,'? K;. =16 MPaVm (Fig.
20). However, conditions must exist where LEFM is violated.
For example, when {P/a0 S 4, the stress concentration is
essentially eliminated and the material must then become
notch insensitive.!> Further work is needed to identify para-
meters that bound the applicability of LEFM, as well as
establish the requirements for notch insensitivity.

7. CONCLUSION

Test methods have been described that relate constituent pro-
perties to macroscopic behaviors in a consistent manner. The
approach has been illustrated for two CMC systems. It is
expected that the methodology will be used to predict stress/
strain curves and examine their sensitivity to constituent
properties. These properties may be used to delineate
mechanism maps that represent transitions in macroscopic
performance, especially in the presence of strain concentr-
ations. Mechanics procedures for each mechanism have been
described in a preliminary manner. A concerted effort is
needed to further develop and validate the mechanics, which
should have applicability to a wide range of technologically
important CMCs.
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ABSTRACT

The results of pushout tests on two ceramic matrix composites are presented
and discussed. Emphasis is placed on the effect of interface roughness on the
interfacial properties. Toward that end, techniques used to characterize fiber and
interface topography are described and results presented. An advanced analysis,
which takes account of the roughness contribution to the radial stress during
debonding, is used to calculate interfacial properties. It is observed that the fiber
fabrication technique has a profound effect on the nature of the interfacial

topography.
1. INTRODUCTION

The fiber pushout test has become one of the more popular techniques used to
examine interfacial phenomena in both ceramic and metal matrix composites.
There has been significant progress made in both experimental technique and in
analysis of the data, such that it is now possible to derive useful interface
properties (e.g. friction coefficient, toughness, etc.) from the test. In addition,
both experimental [1-2] and theoretical [3-4] works have begun to examine the
effects of a previously unappreciated parameter, the interfacial topography or
roughness. Since the energy dissipation associated with frictional sliding is a
major contributor to the increased toughness of composites, understanding the
role of interface topography is important to the continued development of these
materials. Control of this parameter presents both a challenge and an
opportunity, the latter being the ability to engineer interfacial roughness for
optimization of composite behavior.

Recently, Jero et al. [1-2] described an extension of pushout testing in which a
fiber which has been pushed partially out, is subsequently pushed back in. This is
done in order to examine the reseating of the fiber within the matrix. The
momentary decrease in sliding friction which is observed, referred to as the
seating drop, results from the re-mating of the corresponding fiber and matrix
irregularities. The parameters of the seating drop (period and magnitude) are
related to the spatial extent and amplitude of the interfacial roughness,
respectively, and give an indication of the overall contribution of roughness to the
sliding friction. Other investigators have confirmed the observations and begun to
examine roughness effects [5-7].

Of the more advanced analyses of the pushout test, only that of Kerans and
Parthasarathy [3] explicitly accounts for interface topography. They assume that

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites), April, 1993.
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the effect of displacing the fiber and matrix asperities can be modeled as an
increased radial clamping stress,

Orough = A(%) ’ (1)

h A=k Ve
where - (VfrJ ’ E,( 1+vm) + Em( 1'Vf)

A is the effective roughness amplitude, r is the fiber radius, and E¢, E,,,, v, and
vm are the elastic modulus and Poisson's ratio of the fiber and matrix,
respectively. The approach only applies when the relative fiber/matrix
displacement is large compared to half the period of the roughness, /2, typically
after complete debonding of the fiber. It would be expected, however, that the
roughness would play a role even when the displacements are smaller than A, .
although the relative importance should decrease. Recently, Parthasarathy &
Kerans [4] extended their treatment to include a roughness contribution during
the debonding phase of fiber pushout. The treatment assumes a simplified linear
dependence of the radial displacement (of the fiber and matrix), §,.(x), on the axial
displacement, §(x), for displacements less than A/2.

_ A [0
8.(x) = A ( 3 ) @

For displacements greater than A/2, §.(x)=A. The inclusion of the roughness
significantly complicates the equations, which were fairly transparent in the
previous model. However, the salient features remain unchanged. The basic
load-displacement relationship is of the form

1-2
=L7a;5{7) (ﬁ(e'blld- 1) --§2{e+b21d- 1)) (3)

P, - Pr +°2—2 (P* + Pr) eb2ld

b2
1+ ﬁe-(b1+b2)ld

where a=

b
= (c1 bll eb1ld . cpp*. czPr)ﬁe -b2lq,

b1 =0.5 (02 + (022 + 401))0-5, by = 0.5 (- co + (022 + 4c1))0-5,

(1-2vk)(u+ —), and ¢ —%(;HZTA

1=
r2veh
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14 is the debond length, obtained by first solving the implicit equation
Pg = a eD1ld 4 ¢ e+b2ld, 4)

which was obtained by setting P(x=13) to (P4 + Py), the critical load to propagate
the crack. The reader is referred to [3] and [4] for mathematical details of both
analyses.

The objective of this work was to measure interface properties in two composite
systems with particular emphasis on the effect of roughness. This involved
interface (pushout) testing and the subsequent data analysis as well as
characterization of the interfacial roughness. The latter included
characterization of a variety of (virgin) ceramic fibers, since the interfacial
roughness is often controlled by the starting morphology of the fiber [8].
Characterization of the fibers required the use of multiple characterization
techniques in order to measure roughness over a wide range of length scales.

2. EXPERIMENTAL PROCEDURE
2.1 Pushout testing

Two composites were examined. Each has been described previously. The
reader is referred to the references indicated below for details of the processing.
For simplicity, the composites will be designated by the numbers assigned below.

1. SCS-6/borosilicate glass (custom composition from
Corning Glass Works, designated "E") [2]

2. Nicalon/aluminosilicate glass (Corning 1723) (9]

Both of the composites were unidirectional layups. The elastic modulus,
Poisson's ratio, and coefficient of thermal expansion (CTE), a, of the fibers and
matrices are shown in Table I. Thin slices were cut from the composites with the
fibers perpendicular to the faces. Both faces of the samples were diamond
polished to a 1 um finish. The pushout specimen of composite 1 was 1.87 mm thick
and that of composite 2 was 0.198 mm thick.

The pushout apparatus has been described previously [2,9]. Tests on composite
#1 employed a 100 pm diameter flat bottomed tungsten carbide cylindrical loading
probe. Tests on composite 2 employed a custom made truncated diamond cone
(70° included angle with a 10 um diameter flat). These fibers could only be pushed
3 to 5 pm due to the conical nature of the loading probe. The tests were run at a
constant displacement rate of 127 um/min (#1) or 12.7 um/min (#2). In each case,
the fibers were subsequently pushed back in to examine the seating behavior.

2.2 Characterization of fiber roughness

Commercial fibers come in a wide range of diameters and morphologies,
hence the need to characterize surface topography over a wide range of length
scales. This necessitates the use of multiple characterization techniques. The
fiber roughness was examined using the scanning electron microscope (SEM),
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scanning laser profiler (SLP), laser interferometric microscope (LIM), and
atomic force microscope (AFM). The SLP consists of a stepper motor attached to a
precision linear motion stage which steps a fiber through the measurement area
of a scanning laser micrometer. The laser beam width is 1 um and the minimum
step length is 0.5 pum. The vertical resolution is ~0.2 pm, and the minimum fiber
diameter which can be measured is approximately 100 pm. The technique is
particularly good for large fibers which show relatively long range roughness (>50
pum), since the scan length is effectively unlimited. This work employed a Zygo,
Model 5610, LIM. At maximum magnification the spatial resolution is 0.25 pm.
A ~10 nm vertical resolution is typical, although the unit is capable of
significantly better under the best of operating conditions. This technique is good
for large fibers which show intermediate range roughness (~3-50 um). The AFM
used in this work was a Digital Nanoscope II. The unit achieves angstrom level
vertical resolution. Spatial resolution depends on the scan length, 400 points
being sampled per scan. For a standard 10 um scan length, the spatial resolution
is 25 nm.  The AFM is particularly well suited to measurements on textile
diameter fibers and others which have short range roughness (<3 pm). In no
case is any special specimen preparation required. The Textron SCS-6, BP
Sigma, Saphikon and Advanced Crystal Products sapphire, Nippon Carbon
Nicalon, and DuPont FP fibers were examined.

3. RESULTS AND DISCUSSION
3.1 Characterization of fiber topography

It was observed that the fiber fabrication technique has a profound influence
on the nature of the fiber surface roughness. This can be readily explained by
examining the various fiber fabrication techniques. Existing large diameter
(monofilament) ceramic fibers are produced by either chemical vapor deposition
(CVD) or melt growth. In CVD, substrate fibers are pulled through a long, heated
reaction chamber in which reactant gasses flow. The deposit builds up over the
coarse of time as the fiber traverses the reaction chamber. At any given instant
deposition is occurring on several feet of fiber. The result is a fiber which is
highly resistant to momentary process deviations. Such deviations effect a long
length of fiber, and only slightly.

The situation is almost completely reversed in melt growth, in which a single
crystal fiber is pulled slowly from a melt, with a seed crystal used to initiate
growth in the desired orientation. Here, the fiber is formed by solidification
across an interface rather than deposition on a substrate. Solidification,
obviously, occurs over only atomic dimensions at any given instant. The result is
a fiber which is extremely susceptible to momentary deviations in temperature,
pull speed, etc. Compounding the effect is the axi-symmetric nature of the
resulting roughness in these fibers. Process deviations result in distinct diameter
variations or undulations, whereas the nodular roughness characteristic of CVD
fibers (see below) is randomly oriented, minimizing the overall roughness
amplitude.

Commercial textile diameter fibers are generally produced by a fiber spinning
process, in which a viscous solution or mixture is forced under pressure through
a die. The fibers may be spun from a heated or solved pre-ceramic polymer, a
heated or solved gel, a fine particle suspension, or some combination. The fiber
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tow is rapidly cured, cooled, or dried and then heat treated. Surface forces
promote smooth, round fibers, but, gravity, shrinkage, sintering, and fiber
interactions during the cure and pyrolysis promote irregularity. The ovality of
certain fibers is a classic example. Most of the textile diameter fibers remain
amorphous through pyrolysis and are extremely smooth. Those fabricated from
crystalline constituents are, clearly, crystalline and exhibit distinct surface
roughness as a result.

In CVD, the morphology of the deposit is dependant on a host of system
parameters, but the resulting fibers generally have a nodular surface (Figure 1),
with the nodules ranging up to ~10 um in diameter. For the SCS-6 fibers
examined, the average peak-to-valley roughness (over ~100-300 um) was ~250-300
nm, with an RMS roughness of ~25-35 nm. Fibers produced by melt growth
exhibit a highly variable topography and require fairly long range
characterization (Figure 2). Each batch of sapphire fiber that was examined was
quite different, hence it is not possible to list typical roughness values. Diameter
variations of several pm over a few mm of length are not uncommon, although

uch smoother fibers can be grown.

The Nicalon fiber remains amorphous through pyrolysis and is extremely
smooth (Figure 3). Characterization is incomplete, but roughnesses on the order
of a few tens of nm's appear to be typical. In this case, although the virgin fibers
are quite smooth, they typically degrade during composite fabrication, producing
a carbonaceous interface layer. The resulting interface roughness may be quite
different than that of the starting fiber. Fiber FP represents the other extreme
among textile diameter fibers. Its surface is quite rough (Figure 4), the individual
nodules presumably being crystallites. Peak-to-valley roughnesses are on the
order of 200 nm, similar to the SCS-6 fiber.

Although similar in absolute roughness, in must be realized that the order of
magnitude difference in diameter of the Fiber FP and SCS-6 makes a huge
difference in the overall effect of the roughness. For a given matrix, the stress
associated with displacing the Fiber FP far enough to maximize the radial
fiber/matrix displacement would be much greater than that associated with
displacing the SCS-6 a similar amount (maximized radial displacement).
Another obvious difference is that the SCS-6 must be displaced approximately 5

. pm before the roughness induced friction is maximized, whereas the Fiber FP

need only be displaced approximately one half pm before a similar maximization
occurs. In some of the sapphire fibers which have been examined, a
displacement of up to 100 pm or more would be required. The significance of the
roughness, then, depends in large part on the magnitude of the fiber/matrix
displacement (crack opening displacement (COD)) which will actually be observed
in a composite in service.

At present, the amount of damage that can be tolerated is somewhat
speculative. It can be argued that the brittle nature of the matrix in addition to
the various fiber and matrix imperfections (porosity, inclusions, broken,
displaced, or misaligned fibers) which distinguish real composites from the
models that are studied, virtually guarantee that real composites in real
applications will be at least locally microcracked. If the COD is limited to just a
few pm, then longer range roughness will be largely irrelevant.



[ECHNICAL LIBRARY

3-6

3.2 Pushout Tests

Figures 4 and 5 show the pushout and pushback data for composites 1 and 2,
respectively. The system compliance has been removed from the pushout curves
in order to show the actual debonding behavior. Note that in composite 2
displacement is plotted against stress rather than load. This is necessary since
the fiber diameter varies. In this case, an effective diameter for each fiber was
calculated by measuring two perpendicular diameters and averaging.

- The use of a flat bottom diamond probe for pushout tests on textile diameter
fibers represents a distinct improvement over the use of nanoindentation. Such
probes avoid both fiber damage and significant radial loading.

Tables II and III show the interface properties calculated for the composites
using the analysis of Kerans and Parthasarathy (no roughness) [3]. See also [10]
and /9/, respectively, for more details. Note that in each case the interface
toughness is quite small, often 0. This is consistent with the nature of the carbon
rich interface that is known to exist in these composites. Similarly, the friction
coefficient, p, is low, ~0.13. This is consistent with an independent measure of p
for graphite on glass (u=0.15) by Gupta [11]. The calculated residual stresses are
higher than what would be calculated from the data in Table I, the fiber volume
fractions, and an assumed AT over which the stresses develop. However, there is
disagreement in the literature about the true values of a (radial) for the fibers,
and the AT's are merely educated guesses.

The subsequent analysis of Parthasarathy and Kerans [4] has also been
applied to the data of composite 1. The analysis requires that a roughness period
and amplitude be known [in principle, it is possible to calculate both of these
parameters from the data using a more advanced curve fitting program]. The
period can be readily calculated from either the roughness characterization or the
seating drop. The period used, 11.3 um, was the average period of the seating
drop for this specimen. The amplitude, however, is more difficult to establish. In
particular, it is not clear whether it is the average roughness amplitude that is
important or the extremes. In addition, how much of the roughness is offset by
highly localized elastic and/or plastic deformation is not known. From the
roughness characterization, roughness values ranging from 25 to 300 nm are
possible. Using Equation 4 below (which derives from [3]), with the

2
=T A- (?‘:}) (e2uktr - 1) 4)

magnitude of the seating, drop, A, and the sample thickness, t, it was possible to
assume a roughness amplitude, A, and calculate u. By simultaneously adjusting
A and iterating it was possible to arrive at an amplitude that gave the same
from both Eq. 3 and 4. This was taken as the correct value. The calculated
amplitude ranged from 20 to 28 nm, very close to the RMS roughness value
obtained by examining fibers.

However, it can be (and has been [2]) argued that the measured seating drop
underestimates the roughness amplitude for a number of reasons, and that an
"effective” seating drop, measured from the immediately post peak sliding friction
to the bottom of the seating drop, would be a better measure. If this value of A is
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used, the calculated A ranges from 115 to 305 nm, closer to the typical peak-to-
valley roughness. Table IV shows the calculated interface parameters for each of
these choices of A. It is seen that the calculated p is decreased as the assumed
roughness amplitude increases. Additionally, the calculated residual stress is
increased slightly. The two sets of values in Table IV should represent upper and
lower bounds to the true values. The fact that they differ little is reassuring. The
fact that they vary little from the values in Table II indicates that the roughness
has relatively little effect at these small displacements. The radial stress due to
the roughness varies along the length of the debond, but using Eq. 1 and the
assumption of Eq. 2, at the top of the fiber (the point of maximum stress), the
roughness induced stress would be ~4 MPa for an A of 25 nm and ~47 MPa for an
A of 275 nm, given a maximum fiber displacement of 1.5 pm. Upon complete
debonding, the roughness induced stress would be maximized, the corresponding
stresses are ~16 MPa and 176 MPa, respectively.
It is seen that the roughness induced stresses are relatively small during
debonding. In this case, the stress (displacement) was limited by the sample
.thickness, but the issue of how large the fiber/matrix displacement will be within
a composite in service, remains. If the maximum crack opening displacement
(COD) is limited to 1 or 2 pm, then the debond length will be remain short and the
contribution of this fairly long period roughness will be relatively small. In the
limit of a failing composite which is sustaining COD's on the order of up to a few
10's of um, the roughness will play a major role. Interestingly, composite 2,
which contains the finer diameter Nicalon fibers, exhibits a roughness period on
the order of 1 um (Figure 5). In this case the roughness will play a major role
early in the debonding process.

SUMMARY

Pushout tests have been used to examine interface properties in two ceramic
matrix composites. The fiber roughness has been examined experimentally and
the effect of roughness has been included in one case. It was seen that the
roughness period was too large to have a major effect on the behavior given the
relatively short debond length. The nature of the fiber roughness was seen to
depend on the fiber fabrication technique. The period of the fiber roughness has
implications regarding its usefulness in optimizing composite properties.
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Table I. Selected properties of the composite constituents.

SCS-6 Nicalon l-E 1723
E (GPa) 410 200 69 87
o (x 109/°C) ~4.0* ~3.8%* 4.0% 5.4**
\ 0.15 0.20 0.23 0.25

*RT -500°C ** RT-700°C

Table II. Interface properties calculated for composite 1.

Fiber 1! c G Fiber 1) (3] G
oPa) | (/m?) | MPa) | (J/m2)
T T o019 | 575 | 00 5T 013 [ 535 | 00
2 | o101 | 608 | 00 6 | 0132|530 | oo
3 | 0153 518 | 03 7 | o128 | 512 | 00
4 | 010 | 504 | 03 ave | 0136 | 540 | 01

Table III. Interface properties calculated for composite 2.

Fiber ! (o] G Fiber 1) (o] G
MPa) | (J/m?) | MPa) | (J/m2)
T o | 143 | 02 0 T 0065 | 251 | 00
2 | o129 | 130 | o0 11 | ooss | 180 | 00
3 | oow| 192 | 00 2 | o108 | 13¢ | 00
4 |o1s | 86 | 00 3 | o6 | 132 | 33
5 14 0.187 115 29
6 | 0100 | 21 | o0 5 | o067 | 200 | 00
7 | o2 | 147 | 30 6 | 0139 | 193 | 00
8 | o206 | 127 | 00 17 losn | 29 | oo
9 0.118 183 0.0 ave.| 0.133 162 0.6
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Nicalon Fiber

Figure 3. Surface topography of Spun fibers. AFM images.
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Figure 4. Pushout load-displacement curves for composites 1 and 2.
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Figure 5. Pushback load-displacement curves for composites 1 and 2.
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Table IV. Interface properties calculated for composite 1 with roughness
contribution included, (left) based on "absolute" seating drop and (right) based on
"effective" seating drop.

Fiber| A 1] 4] G Fiber| A 1 o] G
) MPa) | (/m2) G MPa) | (J/m2)
T 16 (0166 575 | 0.0 T 115 [0154] 583 | 00
2 | 2z |ooss| 612 | 00 2 | 305 |0061| 645 | 00
3 | 21 |o140| 531 | 00 3 | 20 |0089| 582 | 00
1 | 24 |o0136| 520 | 01 1 |20 |0079| 574 | 00
5 | 2 |0117| 540 | 00 5 | 205 |006s8| 582 | 00
6 | 25 |o0125] 534 | 00 6 | 260 |0079| 572 | 00
7 | 22 |0122| 516 | 00 7 | 255 |0074] 557 | 00
ave| B (01291 547 | 0.0 ave| 244 10086 585 | 0.0

Figure 1. Surface topography of CVD SiC fibers. Micrograph of SCS-6 (left) and
AFM image of Sigma fiber (right).
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Figure 2. Surface topography of melt grown fibers. Examples of long range
variations (left) and shorter wavelength undulations.
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MICROMECHANICAL FAILURE MODES IN
BRITTLE MATRIX COMPOSITES

Nicholas J. Pagano
WL/MLB
Wright-Patterson AFB
OH 45433-6533
United States

I. SUMMARY

Ceramic-and glass ceramic matrix composites
are being touted for application in high-
temperature structural components. Before
their potential can be realized, however,
understanding of the significance of the fracture
modes that occur at very low stress levels well
beneath those commonly assumed to initiate
microcracking in the literature, will be
essential. Unfortunately, at this point in the
technology development, the precise definition
of these mechanisms, i.e., the geography of the
fracture plane(s), has been described rather
incompletely in experimental research. In most
cases, the experimental observations only
provide views of these cracks at their
intersection with a surface of the composite.
Thus, in this presentation, we will provide
some predictions of failure scenarios based
upon a hypothetical idealized initial flaw in the
matrix-an annular crack in a plane normal to the
fibers of an unidirectional composite.

Although many of the properties needed for the
modeling study have not been realistically
determined, especially the in-situ strength/
fracture properties, and the fracture criteria
itself incorporates an undetermined parameter,
i.e., initial flaw size, it is hoped that the
modeling can serve to determine the nature of
the parameters that require measurement and to
help establish the sensitivity of the response to
these parameters, as well as to guide
experimental efforts to attempt validation of the
failure processes hypothesized. The
complexity of these processes seems to demand
an iterative approach between the analyst and
experimentalist.

According to the new model, interface damage
in the form of matrix cracking and/or
debonding may be developed as a function of
the stress concentration produced by the
annular crack. This secondary damage may
then set up a synergistic increase in the applied

energy release rate. For the cases considered
here, this enhanced energy release rate entered
the population of matrix ¢ only for the non-
uniform situation, where locally increased fiber
spacing is encountered. Of course, this is
partially due to the larger potential cracking area
in the matrix. On the other hand, the small
annular cracks permitted in the model in
regions of large fiber volume fraction, were
shown to be almost universally immobile. This
suggests that uniform, high fiber volume
fraction materials will be endowed with crack
growth resistance. The fact that much higher
values of & are available in matrix-rich regions

may be responsible for the observation3 that
matrix cracking occurs in such regions,
however, the small size and detection difficulty
of potential matrix cracks in fiber-dense regions
must also be considered.

The present model includes in its scope the
perennial problem of the competition between
the respective stresses causing crack deflection
and fiber penetration at the fiber-matrix
interface. The conclusion on this issue is that,
for the composite class considered here, and
ignoring dynamic and statistical effects, the
state of stress on the interface at the point of
maximum stress is such that matrix damage
(due to 0z™) or debonding (due to Or) would
precede fiber failure, even for the highest
interface strengths that one can expect in these
materials. Even when the annular crack

impinges on the interface itself, the ratio o
is so large that debonding would be expected.
Therefore, practical efforts to degrade
interfacial strength for the purpose of
promoting crack deflection may be fruitless or
even negative in many cases.

II. INTRODUCTION

We will make predictions employing a recently
developed variational model! of an

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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axisymmetric concentric cylinder which may
contain damaged regions in the form of annular
or penny-shaped cracks in the constituents
and/or debonds between them. The work
attempts to examine in closer detail than
analyses currently available2, 3 the mechanics
of failure in BMC once a flaw has been formed
within the matrix. It should be noted that we
start with the viewpoint discussed by Kim and

Pagano? that initial failure in BMC occurs
within a single cell or at random in various cells
and is assumed to be a planar transverse matrix
crack which is stopped (or deflected) as soon
as it encounters the nearest fiber-matrix
interfaces and does not extend any further.
This is in contrast to the global steady state
cracking mode in which a single matrix crack
traverses and bridges all the fibers as studied in
the famous ACK model’ and refined by

Budiansky, Hutchinson, and Evans®. In this
regard, it represents the cylindrical geometry

counterpart to the model of Wang et al3 and the
micromechanical version of the models that
examine short cracks in homogeneous,
orthotropic media, such as those by Marshall,

Cox, and Evans’ and McCartney3.
Unfortunately, such models that represent the
fibers and matrix as "layers" provide inaccurate
geometric details as, for example, the ratio of
fiber spacing to fiber diameter is very much
higher than that in a composite having the same
volume fraction of fibers arranged in a
hexagonal pattern (See Fig. 1). There is
substantially less distortion of these details in
the concentric cylinder model utilized in the
present work, although the idealization of an
initial annular crack in this case carries its own
question of credibility. We have called this
failure mechanism the full-cell cracking mode®,
which may or may not include interfacial
debonding (See Fig. 2).

An important feature of this work lies in the
fact that very large (non-singular) stresses can
be developed on the fiber-matrix interface in or
near its intersection with the plane of an annular
matrix crack and that these stresses may cause
damage in the matrix (possibly the fiber as
well) at the interface prior to propagation of the
annular crack. Various failure scenarios may
then develop depending on the magnitude and
mix of the interlaminar stresses, the matrix

energy release rate, and the respective ultimate
properties of the interface and constituents.
One of these scenarios which will be further
explored examines the possibility of crack
deflection at the interface, which of course
represents a key controlling feature of a useful
BMC. Included in this work is the presentation
of a model which approximates the response in
a region where the volume fraction differs from
the average value. The behavior under
consideration here is governed by numerous
factors such as the thermoelastic and
strength/fracture properties of the constituents,
geometric details such as fiber diameter,
spacing and volume fraction, initial annular
crack dimensions and location, interface
characteristics (which may not all be identified
at this time), loading parameters, residual .
processing stress state, and, perhaps,

interphase properties. Because of the multitude
of parameters, we shall perform this
investigation in the mode of a case study rather
than attempting a systematic study of all the
parameters and focus on bulk material
properties typical of present composite systems
under study in which the fibers are Nicalon and
the matrix a glass-ceramic. Furthermore, we
shall take advantage of the relative technical
simplicity of a composite having a radial
compressive stress at the fiber-matrix interface
after processing. (The full-cell cracking mode
may be generated by flaws other than the
annular one assumed here, however, it seems
quite reasonable to assume that such a flaw
approximates one which must develop
sometime prior to the formation of a full-cell
transverse crack).

Somewhat representative (isotropic) values of
elastic properties for the constituent materials
will be assumed. The thermoelastic moduli and
geometry are taken as

Ef =200 GPa En =100 GPa

ve=0.2 Vm =04

ar=27x10%°C oy =3.2 x 10°6°C

AT = -1000°C, 2 =5 2= 2
22 3 a
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The given ratio of d/a corresponds to a fiber
volume fraction of 60% in the concentric
cylinder. These dimensions will be
subsequently modified by applying a factor of

8 x 106, a realistic value of fiber radius (in
m).

Although we have utilized a specific set of
material properties the work should be
considered, in addition, as an example of the
use of advanced mechanical models in
predicting microcracking events and some
comments will be made regarding trends as
governed by changes in these properties.

III. VARIATIONAL MODEL

The axisymmetric damage model was

developed ! in order to approximate the elastic
stress field and strain energy release rates of
bodies in the form of concentric cylinders as
shown in Fig. 3. The model is generated by
subdividing the body into regions consisting of
a core and a number of shells of constant length
and satisfying the Reissner variational equation
with an assumed stress field within each
region.

In order to study the conditions leading to the
development of the full-cell cracking mode of
Fig. 2, we shall consider an idealized model in
which the fibers are arranged in a hexagonal
array as shown in Fig. 4(a). The (z) dimension
normal to the figure is constant and the body is
subjected to a uniforrn (composite) uniaxial
stress field on its ends and a constant
temperature change. The full-cell cracking
mode may be generated by a single annular
crack surrounding the central fiber of Fig. 4(a)
and lying in a plane normal to the fiber
direction and extending the same radial distance
in both directions. We focus on the region
surrounding the central fiber bounded by a
cylinder extending to the central surface of the
crack r = d. This leads us to consider the
axisymmetric element shown in Fig. 4(b),
where continuity conditions are to be
prescribed at r = d. We now assume that the
representative volume element of the uncracked
composite can be represented by a concentric
cylinder model having fiber and matrix radii a,
d, respectively, and we consider the boundary
conditions to be imposed on the cracked
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concentric cylinder. In particular, we consider
the surface r = d. At points well removed from
the crack region (the results from the analysis
will determine the affected zone) the boundary
conditions are those corresponding to a
uniform macroscopic stress state. For the
concentric cylinder approximation in the
present case, these conditions are the vanishing
of shear and radial tractions. At points on the
surface close to the crack, the boundary
conditions are not so simple, however, we
choose to impose a constant radial displacement
and zero shear stress at (d,z) since these lead to

zero slope of the crack surface, ow/or 4 (d,0).
Thus we avoid the cusp which would result
from the application of zero radial stress. As
usual in fracture mechanics problems, we solve
by superimposing solutions for a cracked and
uncracked body. The former in this case is for
a pressurized crack with constrained surfaces at
r =d and z = /such that the normal
displacements and the shear stress all vanish.
The actual (entire) body has the length 2/

A comment about failure analysis is in order
here. In the event that the stress components at
a given location are finite, we assume that
failure will be governed by the maximum
values of the stresses at the point as a first
approximation. Subsequent research to
develop refined failure ctiteria will depend on
the iterative correlations of modeling and
experimental studies. Here we refer to the
stresses that would be calculated by elasticity
since singular values do not arise in the present
formulation. For crack-tip stress fields, we
shall employ a critical energy release rate
criterion, where an approximate value of ¢ is
computed from the model. Of course, this
assumes that stresses can exceed the "strength"
value in a crack-tip region. Hence the two-
pronged approach may not be entirely
consistent. However, we must remark that
both approaches have been employed under the
stated conditions to successfully predict failure.
Finally, for points at which the stress
singularity is of the form x-1, where 1 is a
constant and x the distance from the singular
point, we shall only speak of ratios of stresses,
e.g., %, which, having the same A, are const-

z .
ant in the singular zone. Hence we use the
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approximate values of stresses at the (elasticity)
singular point calculated from the variational
model to determine the relative propensity for a

failure mode of a given type to occurl0, It
would seem that these different methods of
estimating failure conditions can be unified by
use of an average stress or point stress criterion

11,12 for each. However this would require a
major speculation, in which we do not care to
indulge at this time, regarding an additional
dimension. Where necessary, plausible values
of material strengths and matrix critical energy
release rate are assumed to attempt
discrimination between competing failure
mechanisms, plausible values of material
strengths and matrix critical energy release rate
are assumed. In subsequent work, we will
assess the meaning of computed stresses in
terms of their impact on failure and failure
modes.

IV. GENERAL APPROACH

Our procedure consists of first examining a
region of relatively high (.60) volume fraction,
which seems to be near the upper limit for
practical composites. We then introduce an
annular matrix crack which could result from
the processing conditions. The nature of the
predicted stress field and energy release rate
then guides the concoction of several additional
fracture mechanics problems in a fairly
exhaustive analysis. All of these respective
failure modes are possible, given the right
conditions, where the "right conditions" are
certain combination of a geometric scaling
factor, constituent and interface strengths and
critical energy release rates. For example,
under various conditions in which we allow
arbitrary selection of material and geometric
parameters, any of the failure modes displayed
in Fig. 5 can take place. We then focus on the
conditions implied by the use of reasonable
bulk values of the latter properties to determine
the likelihood of the associated failure modes.
From this point, we investigate the influence of
fiber spacing, which is expected to be very
significant3 by developing a new model in
which a lower value of volume fraction is
assigned to the unit cell It should be noted that,
in all this work, the boundary value problems
have been posed as "what if" exercises, i.e.,
we do not presume to know the length of the

initial annular crack so it is treated as a
parameter. Furthermore, the subsequent
problems formulated are of the same nature in
that they are assumed from observation of the
stress field, not derived from a'priori
knowledge or theory of crack growth behavior.

V. MODEL RESULTS

Selected results for interface stresses and
energy release rates for various crack lengths
are presented in Table 1. The values given
represent the maximum magnitude of each
stress component at the interface. Two loading
conditions are considered: i) the effect of a
constant temperature change of -1000°C and
(2) the same temperature change in conjunction
with an additional applied displacement eo4

where €g = .001. The value of strain
corresponds to a composite stress of
approximately 160 MPa. The latter value of
strain is in the vicinity of that required to initiate
matrix transverse cracking in a wide class of
glass-ceramic composites4. The reported
stresses can be linearly interpolated or

extrapolated to any value of €, while ¢ is a
quadratic function of the axial matrix stress in
the uncracked body and linear in a.

In the as-processed composite (€g = 0) it is
clear from Table 1 that the critical stress

components are 0z and Gq in the matrix phase
at the interface, however, once load is applied,

either with or without the transverse crack, oz
becomes dominant. We should point out that

failures caused by 6q would tend to take the
form of radial cracks, which cannot be treated
with the present model (this work is in
progress).

We now employ the previous results to
postulate a logical sequence of failure events,
starting with the as-processed composite,
which, as we have just seen, develops large

values of 07 in the matrix. Subsequent axial
loading increases this tension, even at low

values of €5. We should also observe here that

the uncracked o7 stresses (corresponding to b/a
= 1.291) reported in the table act not only at the
interface, but throughout the entire region. But
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Or, the interfacial normal stress, is initially
.compressive. Therefore the appearance of
transverse tensile matrix cracks would be
expected based on bulk matrix tensile strengths
of the order 100 MPa. If many of these cracks
occur, we assume they are sufficiently far apart
so that they do not interact. Thus we are led to
presume the presence of a transverse annual
matrix crack, after which the entire stress field
will be redistributed. Since the crack length of
the initial flaw is not known, we shall treat it as
a parameter to be varied arbitrarily. This leads
to the remaining results displayed in Table 1.
The stresses reported in the table are the
maximum values at the interface. While the
theoretical stresses at the crack tip are
unbounded, their effect is represented by the
energy release rate 7. In assessing these
results, it is important to keep in mind that they
presume no failures other than the postulated

annular crack occur and also that €g is
essentially an arbitrary quantity which can be
much greater or much less than the value .001.
But, as we shall see presently, the matrix and
interface would usually need to possess
extremely high strengths to support imposed

values of £o much larger than .001.

Some important predictions follow from the
data reported in Table 1. Firstly, although a
significant stress concentration in fiber axial
stress is present, this component would not
develop appreciable values compared to the
fiber strength, which is in the neighborhood of

2 GPal3, except at values of € much larger
than those corresponding to observed initial
cracking in glass-ceramic systems. As we have

already seen, the matrix axial stress Gz is
always quite large and increases with crack
length, however, as the crack length increases
(or b decreases) the ratio of interfacial radial

tensile stress Or to the matrix 6z increases
drastically. Thus at large crack lengths,
debonding would tend to precede transverse
matrix cracking at the interface. Furthermore

such debonding would take place at strains €g
less than .001 for typical glass-ceramic
composites where estimates of the interfacial

4-5

tensile strengthT range from 10 MPal4 to 40
MPal53, depending on the nature of the fiber
surface treatment among other material and
processing variables. Of course, the interfacial
strength would also depend on the shear stress

Trz, however, we have little or no data by
which we can incorporate this effect.

Therefore, the effect of Trz is not included in
our failure hypothesis. The preceeding failure
analysis also depends upon the assumption of
an immobile initial crack, which, by comparing
the calculated values of ¢ with the range of
critical bulk values 8 - 45 N m -! (Reference 3),
does suggest immobility. Thus, unless the
initial transverse crack extends all the way to
the interface, which is possible since the so-
called "effective flaw" size in the matrix is at
least several fiber diameters in length, the initial
failure scenario consists of transverse matrix
cracking followed by either interfacial matrix
cracking or interface debonding, depending on
the initial crack length. Subsequent crack
linking may follow. In the event that the initial
matrix crack extends all the way to the
interface, the scenario will differ and will be
discussed later.

While the ability to experimentally discriminate
between two different failure scenarios within a
realistic composite is at best a complex task, the
added insight fostered by the present
fundamental treatment may be important.

VI. CRACK DEFLECTION

We now inquire into the situation b = a, where
the crack tip just touches the interface. For this
problem, the model gives results of 1072 MPa

for o1 and 2536 MPa for czf, where the values
represent an approximation of a singular stress
field. As mentioned earlier, the present model
does not produce singular stresses, but very
high values which increase with the number of
shells used to subdivide the body. One can
justify the use of point-or average-stress failure

criteriall or possibly rely on the ratios of the

stress components, but not the stresses

T These are based on experiment-theory
correlations using large diameter silicon
carbide fibers in a glass-ceramic matrix.
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themselves to predict failure. In the present
example, the relatively high ratios of radial and
shear stress to fiber axial stress at the interface
suggest the subsequent failure mode of
debonding rather than fiber penetration (recall
that the fiber tensile strength is several orders
of magnitude higher than the interface tensile
strength for the data cited earlier). Therefore,
in the extreme case in which the matrix crack
impinges on the interface, as well as for all
other relatively long cracks under the present
conditions, crack deflection (debonding) is
expected in lieu of fiber failure. Furthermore
careful consideration of the stresses displayed
in Table 1 suggests that the magnitude of
interfacial strength, as far as its effect on the
phenomenon of crack deflection, would not be
an issue in the present class of composites
according to the model and hypotheses given
here. Table 1 also suggests that an important
mechanism to consider is that of a matrix crack

impinging on a debonded interface. Although
Wang et al3 consider an analogous physical
problem in a layer model (fibers and matrix
represented by lamina or layers), we observe
here the case where the debonding is caused by
the matrix crack.

At this point in the study in which nominal
values of material properties and perfect
interfacial bonding have been assumed, we see
that the energy release rate is insufficient to
propagate an initial transverse matrix crack at
applied load levels corresponding to values
known to create the full-cell cracking mode
(Fig. 2) in typical glass-ceramic composites.
We have, however, shown that the initial flaw
causes sufficiently large stresses, in particular

07" and o, to produce subsidiary failures at the
interface. Which of these stress components
incites such a failure depends upon their
ultimate values which in turn may vary
considerably within the present class of
materials. We have also demonstrated the
improbability of fiber fracture under the stated
conditions. Guided by these results, we now
consider a series of problems designed to
determine if the subsidiary failures can provide
a mechanism to produce the full-cell cracking
mode. We will present these as demonstration
problems, rather than attempting an exhaustive
parametric study.

VII. POTENTIAL SECONDARY
FRACTURE MECHANISMS

We now assume that a small transverse matrix
crack develops at the interface. We arbitrarily
select the r/a values of the crack-tips to be 1.05
and 1.15. If ¥is suffrciently increased, the
larger crack may grow and linking of the two
can occur. However, the effect on of the
larger crack is very small. We next investigate
the energy release rate of the short (inner)
crack. Again, this value is quite small,
suggesting crack-tip immobility. Although we
have only considered a limited range of crack-
tip locations, the smallness of Zsuggest that
linkage does not occur.

We should clarify one aspect of this problem, .
i.e., it was shown that two cracks having an

initial separation would not merge. Our

inability to quantize the lengths of incipient

flaws, however, does imply the existence of a
possible linkage mechanism, where either crack

is so long that the mere appearance of the

second flaw causes it to touch or intersect the
original one. This mechanism is not included

in the present analysis.

In the next case we examine the other plausible
subsidiary failure mode-debonding of the fiber-
matrix interface caused by the stress

concentration in radial stress in or near the

plane of the annular crack. Again, the

pressurized crack problem is solved. For

simplicity, we shall only treat the limiting case

of a long debond region of length 24

Furthermore, we let the boundary conditions ‘
on the interface be represented by

12.(a,2)=0
ur (a,z), O; (a,z) continuous

or, "smooth interface" conditions, which only

approximate the physical situation since 6r(a,z)
is not compressive everywhere.

The curve of Fig. 6 indicates a larger value of
than for the case of a perfectly bonded

interface. We see that Zis enhanced by a factor
that increases with crack length. As the crack

tip approaches very close to the interface,
however, the energy release rate is still
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somewhat below the minimum value required .
to propagate the crack for the assumed range of

8 - 45 N/m cited earlier at €5 = .001 and DT =
-1000°C. The accuracy of the present model is
insufficient to pinpoint & in this range. Again,
we provide an indication of the effect of the
subregion details as shown by the slight
discontinuity near b = a. Thus the full-cell
cracking mode may lie in the realm of
"probable" or "possible” for the matrices
having the lower & ¢ values and the effect of
the material property and modeling
assumptions may be crucial for precise
prediction of the event.

VIII. MATRIX ANNULAR CRACK
EMANATING FROM THE INTERFACE

At this point we shall consider one more
parameter in our case study of the full-cell
cracking mode in the present class of
composites. This parameter is the location
where the annular crack originates. So far we
have assumed that it would emanate from the
midpoint between the fibers. We shall now
pose the problem in which the annular crack
initiates and grows outward from the fiber
matrix interface. In order to justify use of the
concentric cylinder model we might assume
that two cracks initiate at r = a and 2d - a and
grow towards each other. The pressurized
crack problem is treated under perfectly bonded
interface conditions. We have let the crack-tip
location be defined by r = by, so that in this
case, by increases with crack length.
However, the energy release rate is comparable
to that of the previous situation. Hence,
annular cracks of crack-tip radius by <d
originating at the interface are not likely to
propagate.

The case study examined a single composite
(although we have not assumed a unique set of
strength or fracture properties) under a given
loading condition to assess the consequence of
a single annular transverse crack in the matrix.
Based on the present model, the only plausible
explanations for the appearance of the full-cell
cracking mode (Fig. 2) are

1) Due to stress concentration at the
interface caused by the annular crack,
debonding occurs which in turn increases the
energy release rate causing it to propagate to the
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interface. This would only occur, at best, for
the lower range of ¢ that has been cited.

2) When the initial annular crack is
formed, it simply consumes the entire plane
between fibers. Subsequent debonding takes
place, almost independent of interface strength,
due to the very high radial tension at the
interface.

Another mechanism, involving a transverse
crack caused by stress concentration at the
interface intersecting the original annular crack,
is postulated but is beyond the scope of the
present modeling exercise. It should be
recalled that we have not assumed a length for
the initial annular crack; the length was
examined parametrically, i.e., varied
arbitrarily. This concludes our case study of
the particular composite of interest. The
bottom line is: Growth of an annular crack to
produce the full-cell cracking mode in a
composite having the elastic properties and
strength range assumed here with a volume
fraction of .60 is very unlikely. This suggests
that a unidirectional composite with well-
controlled phase geometry and high volume
fraction should be very resistant to initial crack
growth of the matrix.

We now proceed to examine the plausibility of
annular crack propagation in a region of the
composite which has a lower volume fraction,
hence, a larger fiber spacing. According to
Wang et al3, the matrix cracks initiate in such a
region.

IX. VARIABLE VOLUME
FRACTION/FIBER SPACING

So far in this work, we have assumed that the
composite phase geometry is perfectly uniform
with a fiber volume fraction of .60 throughout
the medium. While debonding in the presence
of an annular crack is very likely in that case,
the growth of the annular crack to generate the
full-cell cracking mode is improbable. Now
suppose that we consider a region of material
within the composite where the volume fraction
is significantly lower, or equivalently, the fiber
spacing is greatly increased, while the average
fiber volume fraction is preserved. For
example, suppose that we consider a local
region in which the fiber volume fraction is
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.20. We model this medium as shown in Fig.
7, where we imagine that the central fiber and
its surrounding six neighbors of Fig. 4 are
embedded within a homogeneous material
characterized by the thermoelastic moduli of the
host composite (Vf = .60). The radii of the

~ inner rings are defined by the area ratio of .20,
with the first composite ring being endowed
with the effective properties corresponding to
that value. The outer radius of the composite
region is taken as 200a to simulate infinity
since the uncracked stresses are evaluated by

means of a computer codel6 written for a finite
body. The stresses in the uncracked problems
to be superimposed on those of the crack
problem are computed through the model of
Fig. 7 and will be discussed shortly. The
model for the pressurized crack problem is
unaffected by this new geometry, aside from
the fact that its radii are governed by the smaller
volume fraction. The curve showing the
energy release rate for the pressurized crack
problem is given in Fig. 8. Clearly, by
comparison with Fig. 6, we observe an order
of magnitude jump in the energy release rate for
the longer cracks in this region for the case of
unit pressure on the crack surface. Lowering
the fiber volume fraction of the central region
(say, to .10 or .05) would have the effect of
increasing & even further. The significance of
these results can be grasped more firmly by
computing the actual energy release rate and
stresses under a loading condition known to

produce full-cell cracking, i.e., €9 = .001 and

AT =-1000°C. These results are displayed in
Table 2. Again, we must caution that these
results are based upon the presence of an
annular crack of assumed length and no other
damage. The Table 2 results, in conjunction
with ranges of strengths and critical energy
release rates assumed earlier, suggest longer
cracks (small b) may propagate for matrix
critical energy release rates in the lower end of
the range. However, for long cracks, the
interface radial stress and matrix axial stress
become incredibly large. As before, the
interface debonding mode is dominant in this
range. Also as before, axial matrix cracking at
the interface would be dominant for short
cracks. Finally, as before, the analysis shows
that we expect no fiber failure except, of

L
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course, from statistical weak spots which are
not incorporated in the present model.

X. SECONDARY DEBONDING IN
MATRIX-RICH REGIONS

Our final example deals with the effect of
debonding on the energy release rate of the
annular crack in the matrix-rich region (large
fiber spacing) of the composite shown in Fig.
7. As we have just seen, a fairly long annular
crack will generate very large radial tension at
the interface which tends to cause debonding.
In turn we wish to examine the effect of
debonding on the energy release rate of the
annular crack that produced the debond. Thus,
as before, we assume sliding interface
boundary conditions imposed in the
pressurized annular crack problem, leading to
the curve depicted in Fig. 8. The trend is

similar to that seen earlier in Fig. 6, i.e., the

effect of the debonding is to increase the energy
release rate of annular cracks, the magnitude of
the effect growing with increasing length of the
annular crack. In this region, the interactive
effect produces energy release rates within the
median and high range of values of ¢ for
glass-ceramic matrix materials. Thus, a true
synergistic effect takes place where the original
annular crack causes interfacial debonding,
which in turn magnifies the energy release rate
of the annular crack.

XI. FINAL REMARKS

We have examined by means of a recently
developed variational model, the phenomenon
we call the full-cell cracking mode, in which an
annular matrix crack surrounds a given fiber
and eventually propagates to the fiber-matrix
interface, while we suppose that the symmetric
reflection of this crack grows to the interfaces
of the neighboring fibers. Only one
combination of constituent thermoelastic
moduli were considered - this being
representative of composites made from
Nicalon fibers and certain glass-ceramic
matrices. An important restriction is the

assumption that oy > of, thus inducing a
process stress state consisting of axial tension
and radial compression in the uncracked matrix
according to the concentric cylinder model.
However, in the presence of an annular matrix
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crack, the radial interface stress reverses to
tension, setting up the possibility of debonding
under small tensile loads applied to the
composite. Furthermore, the expansion
coefficients only affect the uncracked solution

in terms of the difference oy - of, provided
the elastic constants and volume fractions are
unchanged. Hence, the given results can be
easily converted for different thermal expansion
mismatches. If this mismatch is such that the
uncracked interfacial radial stress is tensile,
however, the axial stress in the matrix will be
compressive and the crack problem reverts to a
non-linear contact problem, possibly in the
presence of debonding caused by the process
stresses.

As noted in the text, given the right conditions,
i.e., particular combinations of geometric
scaling parameter (a), ultimate strengths, and
critical energy release rates, numerous failure
scenarios can take place once an annular crack
is introduced in the matrix phase. The
maximum stresses are the same in
geometrically similar bodies with the same
phase thermoelastic moduli and the scaling
factor for ¢ is ap2, where p is the axial matrix
stress in the uncracked body. We have used
conventional failure criteria in conjunction with
bulk properties to interrogate the possible
scenarios for the Nicalon and glass-ceramic
matrix class of composites. According to the
new model, interface damage in the form of
matrix cracking or debonding may be
developed as a function of the stress
concentration produced by the annular crack.
This secondary damage may then set up a
synergistic inérease in the applied energy
release rate. For the cases considered here, this
enhanced energy release rate entered the
population of ¢ only for the non-uniform
situation, where increased fiber spacing is
encountered. Of course, this is partially due to
the larger potential cracking area in the matrix.
On the other hand, the small annular cracks
permitted in the model in regions of large fiber
volume fraction, were shown to be almost
universally immobile. This suggests that
uniform, high fiber volume fraction materials
will be endowed with crack growth resistance.
The fact that much higher values of ¢ are
available in matrix-rich regions may be
responsible for the observation3 that matrix

cracking occurs in such regions, however, the
small size and detection difficulty of potential
matrix cracks in fiber-dense regions must also
be considered.

In this first-order study, we have not included
the presence of an interphase region, however,
such a region can be recognized within the
existing model. The difficulty here is the lack
of information on in-situ interphase
thermoelastic properties and/or bonding
conditions.

The present model includes in its scope the
perennial problem of the competition between
the respective stresses causing crack deflection
and fiber penetration at the fiber-matrix
interface. The conclusion on this issue is that,
for the composite class considered here, and
ignoring dynamic and statistical effects, the
state of stress on the interface at the point of
maximum stress is such that matrix damage

(due to 6zM) or debonding (due to or) would
preceed fiber failure, even for the highest
interface strengths that one can expect in these
materials. Even when the annular crack

impinges on the interface itself, the ratio Gr/O'zf
is so large that debonding would be expected.
Therefore, practical €fforts to degrade
interfacial strength for the purpose of
promoting crack deflection may be fruitless or
even negative. We might point out, however,

that the ratio /0% would decrease as the
fiber/matrix modulus ratio decreases.

Perhaps it is useful to re-emphasize here that
the failure mode treated here is that of matrix
microcracking, in contrast to the mode of

'steady-state cracking'6 in which all fibers
bridge the damaged matrix. The latter mode

has been extensively treated in the literature5-8

but detailed experiments# have shown steady-
state cracking is not the appropriate initiation
mode, at least in a broad class of Nicalon/glass-
ceramic matrix composites. Furthermore, local
matrix microcracking (which we have labelled
as the full-cell cracking mode) initiates at low
stress levels. For example, the photomicro-
graphs of Fig. 2 show evidence of matrix
microcracking at composite stress levels as low
as 70 MPa. The present model attempts to
characterize this behavior in a fracture
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mechanics setting. Aside from details of the
local and average phase geometry, the input
variables are the usual ones needed to conduct
such an analysis, i.e., phase thermoelastic
moduli and matrix fracture toughness. If
subsidiary failure modes take place, however,
interfacial strength/toughness parameters, such
as interface tensile strength, will also be
required. Of course, the proper way to
characterize interfacial strength remains an open
question. Clearly the model, especially the
version which permits variable fiber spacing, is
also amenable to failure prediction via a stress-
based criterion.

What is needed now is a systematic
experimental effort in which the experimentalist
carefully determines the conditions at the
initiation of full-cell cracking, i.e., composite
stress or displace-ment and the very important
details of the failure region, such as the fiber
spacing of all neighboring fibers to define the
true shape and size of the failure surface. In
this way, we can begin to establish the veracity
of the model in its representation of the
geographic details, and hopefully to begin the
interchange leading to the determination of that
elusive parameter - the initial crack length (or
inherent flaw size), if appropriate. Such work
is now in progress. It's impact on the
assumptions and predictions made via the
present model will be reported soon.

ACKNOWLEDGEMENT

The author would like to express his sincere
appreciation to Ms. Charleen Baldwin and
Mrs. Barbara Hager for their very careful and
skillful preparation of the text and artwork for
this manuscript.

REFERENCES

1. Pagano, N.J., "Axisymmetric
Micromechanical Stress Fields in Composites".

Proceedings of 1991 IUTAM Symposium on

Local Mechanics Concepts for Composite
Materials Systems, Virginia Polytechnic

Institute and State University, Blacksburg, VA,
Oct. 29, 1991.

2. He, H. and Hutchinson, J.W., "Crack
Deflection at an Interface Between Dissimilar

LIBRARY

Elastic Materials", Int. J. Solids Structures, 25
9 (1989), pp. 1053-1067.

3. Barsoum M., Kangutkar, P., and Wang,
A.S.D., "Matrix Crack Initiation in Ceramic
Matrix Composites Part I: Experiment and Test
Results"; Wang, A.S.D., Huang, X.G., and
Barsoum, M., "Matrix Crack Initiation in
Ceramic Matrix Composites Part II: Models
and Simulation Results", Comp. Sci and
Technology. 43, 3 (1992), pp. 257-282.

4. Kim, R.Y. and Pagano, N.J., "Crack
Initiation in Unidirectional Brittle Matrix
Composites”, J. Am. Ceram. Soc..74

5 (1991), pp. 1082-1090.

5. Aveston, J., Cooper, G., and Kelly, A.,
"Single and Multiple Fracture", in The
Properties of Fiber Composites, Conference
Proceedings, National Physical Laboratory,
Guildford, UK. IPC Science and Technology
Press, Ltd. (1971), pp. 15-26.

6. Budiansky, B., Hutchinson, J.W., and
Evans, A.G., "Matrix Fracture in Fiber-
Reinforced Ceramics", J. Mech. Phys. Solids,
34 (1986), pp. 167-189.

7. Marshall, D.B., Cox, B.N., and Evans,
A.G., "The Mechanics of Matrix Cracking in
Brittle-Matrix Fiber Composites", Acta Metall
33 (1985), pp. 2013-2021.

8. McCartney, L.N., "Mechanics of Matrix
Cracking in Brittle-Matrix Fiber-Reinforced

Composites"”, Proc. Roy. Soc. L.ondon, A-409
(1987), pp. 329-350.

9. Pagano, N. J. and Brown, H.-W., "The
Full-Cell Cracking Mode in Unidirectional
Brittle Matrix Composites," Composites, 24, 2
(1993), pp 69-82.

10. Cornie, J.A., Argon, A.S. and Gupta, V.,
MRS Bulletin, 16 (1991), pp 32-36.

11. Whitney, J.M. and Nuismer, R., "Stress
Fracture Criteria for Laminated Composites
Containing Stress Concentrations”, J. Comp.
Mat., 8 (1974), pp 253-265.




[ECHNICAL

12. Folias, E.S., "Failure at a Fiber-Matrix
Interface in a Composite Subjected to an
Applied Load", J. Comp. Mat., 25, 7 (1991),
pp 869-886.

13. Prewo, K.M., "Fiber Reinforced
Ceramics - New Opportunities for Composite

Materials", Proc. 4th Japan-U.S. Conference
on Composite Materials (1988), pp 24-40.

14. Chatterjee, A., Mah, T., and Kerans,
R.J., "Residual Stresses and Their Effects on
Transverse Properties and Interfacial
Debonding in SiC Fiber Reinforced Glasses",
presented at First International Ceramic Science
& Technology Congress, Anaheim, CA, Oct
31-Nov 3, 1989.

. 15. Lilley, R., personal communication.

16. Pagano, N.J., and Tandon, G.P., "Elastic
Response of Multi-directional Coated - Fiber

Composites"”, Comp. Sci. and Technology, 31
(1988), pp 273-293.

LIB



[ECHNICAL LIBRARY

4-12

TABLE 1

80-_—0 80'—--001

f

b/a oy o9 oM og™ or Tz g oy og oM o™ or Tz

1.05 25.84 7.46 109.34 106.57 30.96 14.20 .146 344.95 48.06 323.42  211.34 117.57 42.01

1.10 -5.72 -4.36 79.69 81.88 5.87 7.78 124 251.58 13.09 235.70 138.32 43.34 22.98
1.14 -18.76 -8.86 67.74 73.43 -2.60 4.56 .101 213.01 -0.20 200.38 113.32 18.29 13.48
1.20 -29.93 -12.65 59.00 66.30 -10.75 1.86 .064 179.99 -11.43 174.52 92.23 -5.80

1.291* -35.96 -15.66 53.94 62.60 -15.66 -0- -0- 162.14 -20.33 159.55 81.27 -20.33 -0-
*Uncracked

Energy Release Rates and Maximum Interface Stresses for imposed € plus AT = -1000°C, V¢ = 0.60

TABLE 2
€,=0 €,=.001
ba of  ogf oM ogm or Tz 7 of ogf oM ogm or T 9

1.08 2228 109.8 292.5 259.2 192.8 474  1.63 878.5 318.0 814.9 617.0 549.5 1318 126

1.12 1668 93.9 2353 2134 1429  37.1 1.55 7232 2594 655.3 489.5 4100 1035 120

148 101.8 440 86.5 62.4 56.2 168 085 2945 1373 240.9 175.4 171.5 46.7 6.58

2.236% -33.0 -82 60.2 70.8 -8.2 0- 0- 166.0  -10.6 167.7 91.9 -10.6 -0 0

*Uncracked

Energy Release Rates (N/m) and Maximum Interface Stresses (MPa) for imposed €¢ plus AT = -1000°C in Non-uniform Composite
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Fig. 2 Microcracking in a SiC - CAS Composite at 70MPa.
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Annular Crack (Shaded
Region)

Crack T

Fig. 4 (a) Postulated annular crack in a hexagonal array; (b) geometry of annular
crack in a composite cylinder
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Fig. 6 Energy release rates for bonded and debonded
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Caractérisation micromécanique des composites a matrice céramique
a Paide de la technique de microindentation instrumentée

M. Parlier
B. Passilly
O. Sudre

Office National d’Etudes et de Recherches Aérospatiales
Direction des Matériaux

92322 Chatillon Cedex, FRANCE

1. SOMMAIRE
Les différentes possibilités d’investigation
micromécanique associées a I'essai d’indentation
Vickers instrumentée en force et déplacement sont
décrites. Dans le cas des céramiques renforcées par
QCS fibres longues, il est possible de déterminer la
ureté et le module ¢’Young des constituants ainsi
que les caractéristiques mécaniques de Pinterface
fibre-matrice, a savoir, I'énergic nécessaire 3 sa
décohésion et la contrainte moyenne de rechargement
par cisaillement sur la longueur de l'interface qui est
désolidarisée.
Des exemples d’application sont donnés sur les
composites & matrice oxyde (mullite, vitrocéramique)
ou covalente (carbure de silicium) renforcée par des
fibres SiC-Nicalon. L'effet des traitements de
vieillissement sous air A haute température est
abordé.

2. INTRODUCTION

Les céramiques renforcées par des fibres longues
peuvent présenter une certaine tolérance aux
dommages contrairement aux céramiques
monolitiques. Pour cette catégorie de composites a
matrice céramique (CMC), I'endommagement est
caractérisé par une multifissuration progressive de la
matrice sans rupture des fibres. Ainsi que Pont
montré Aveston, Cooper et Kelly [1], dans le cas d'un
renfort unidirectionnel, tel que sa fraction volumique
soit élevée, la matrice est progressivement débitée en
blocs orthogonaux aux fibres. Toutefois, compte tenu
de la singularité de contrainte qui existe au droit de
la fissure matricielle et A Pinterface fibre-matrice, il
faut que la fibre et la matrice puissent se déplacer
Pune par rapport a Pautre pour accommoder le
champ de contrainte locale.

Pratiquement, cela implique que la liaison fibre-
matrice ne soit pas trop forte pour autoriser
localement la décohésion de Dlinterface. Le
rechargement de la matrice de part et d’autre de la
fissure matricielle résulte alors du transfert de charge
des fibres vers la matrice dont on suppose qu’il
s'effectue par cisaillement sur la longueur de
I'interface qui est désolidarisée.

D’autre part, pour obtenir des contraintes limites
élevées, il faut que la matrice soit suffisamment
densifiée et que les fibres ne soient pas altérées lors
de I’élaboration du composite.

Expérimentalement, la technique d’indentation
Vickers instrumentée en force et déplacement permet
a la fois :

- de déterminer les caractéristiques intrinséques -
dureté Vickers H,, module d’Young E -de la
région indentée et ainsi de vérifier lincidence des
parameétres d’élaboration sur la fibre et sur la
matrice ;

- de caractériser mécaniquement Pinterface fibre-
matrice en déterminant 1'énergie nécessaire A sa
décohésion G, ainsi que la contrainte de
cisaillement <t caractérisant le rechargement fibre-
matrice sur la longueur de linterface qui est
désolidarisée.

Dans un premier temps, nous allons développer pour
chaque type de caractérisation, le principe de I'essai
et la modélisation correspondante. Ensuite, nous
donnons des exemples d’application au niveau des
constituants et de 'interface fibre/matrice. Enfin, une
estimation des contraintes d’origine thermique
s’exergant sur la fibre est proposée.

3. PRINCIPE DE L’ESSAI DE MICRO-
INDENTATION.

3.1 Indentation d’un milieu homogene.

L’essai de microindentation est usuellement utilisé
pour déterminer trés localement la dureté d’un
matériau. Pratiquement, il s’agit de quantifier la
déformation plastique rémanente provoquée par
Papplication ponctuelle d’une charge au moyen d’un
indenteur pointu. L’indenteur le plus usité est une
pyramide en diamant de type Vickers (base carrée
ayant un angle entre faces de 136° et un angle entre
arétes de 158°). Lors du chargement, la profondeur
de pénétration h,, se décompose en une composante

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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plastique et une composante Elastique h,
conformément a la représentation de la figure 1a.
Apres suppression de la charge, la dureté Vickers H,
s’exprime par le rapport entre la force maximale
appliquée F,, et la surface de 'empreinte rémanente
qui correspond a la déformation plastique déterminée
par la mesure de la diagonale D de 'empreinte :

Ztsin(68°) ‘F. [1]
v D

Pour les matériaux céramiques qui sont caractérisés
par une tres faible plasticité, la charge ne doit pas
exéder quelques dixitmes de newton pour éviter la
formation de fissures dans le prolongement des
diagonales de ’'empreinte. De ce fait, la dimension de
Pempreinte est généralement inférieure a la dizaine
de micrométres.

h, = composante élastique
h, = composante plastique

0,15

0.1

0,05

0,6 h(um)

L’établissement des équations pour déterminer le
module d’Young résulte d’une analyse antérieure
proposée par Snedon [4] :

1-v2 1-v¢’ gF 4
ETE 4 )

__F,co8%(68°) 4]
¥ 4xh,?+5in(68°)

F,, étant la force maximale appliquée, dF/dh la pente
de la courbe lors du déchargement, h, la profondeur
plastique, ® le demi angle entre les faces de la
pyramide Vickers, E, v, Eo, v étant respectivement
le module d’Young et le coefficient de Poisson du
matériau et du pénétrateur. .

Cette approche a été validée sur les matériaux
céramiques en utilisant des monocristaux de silicium
(liaisons covalentes) et d’alumine « (liaisons iono-
covalentes) pour lesquels la dureté et les propriétés
élastiques sont bien établies. Les valeurs de dureté et
du module d’Young sont reportées sur la figure 2.

E Q‘\_ GPa) Hv cea) p

800 60

\\

4001 \

oo,

i //
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N /FS\ . Si
r— »\ = la

N

Figure 1: Courbe d'indentation dans un milleu homogéne (a);
Comportement élastoplastique.

La figure 1b présente la courbe expérimentale de
pénétration de I'indenteur en fonction de la force qui
peut étre décrite par une loi en puissance selon
Papproche de Meyer [2] :

 h=arF* [2]

En exploitant la partie de cette courbe correspondant
au déchargement, Loubet [3] a proposé de calculer le
module d’Young E en supposant que la déformation
plastique est constante durant cette phase de I'essai.

2001

"R A|203

l_,\

20

Si

1
hmlpm]

Fgure 2: Détermination de Eet H, par microindentation en
fonction de h \ surdes monocristaux de Si et Al 03-a

Pour les faibles valeurs de chargement, les mesures
sont entachées d’erreurs expérimentales (émoussage
de la pyramide Vickers, précision de -Pinstru-
mentation,...) [5]. Pour les charges trop élevées, ily a
fissuration de la céramique, ce qui modifie la réponse
¢lastoplastique du matériau et les résultats sont alors
dépendants du taux d’endommagement. Dans le
domaine intermédiaire et jusqu’au seuil de fissuration,
les résultats sont indépendants de la charge et
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les valeurs du module d’Young sont en bon accord
avec celles déterminées a I'échelle macroscopique
(tableau 1).

Silicium Alumine a
Orientation 100 110
E (GPa) 127* 350/400**
Hv (GPa) 11.5* 23°%¢
E mesuré (GPa) 127+£7.5 391+7
Hv mesuré (GFa) 13+09 24508

Tableau 1 : Mesures de E et Hv par microindentation
sur monocristaux et comparaison avec les valeurs admises :
* (23), ¥+ (24), ***(25)

3.2 Indentation d’une fibre.
ﬂans le cas des matériaux céramiques renforcés par
es fibres longues, Marshall [6] a été le premier a
utiliser un indenteur Vickers pour appliquer une
charge sur une fibre de faible diamétre (environ
15 micrométres pour la fibre SiC-Nicalon) qui se
présente perpendiculairement a la surface du
matériau poli. Si la liaison fibre-matrice n’est pas trop
forte, le niveau de contrainte appliqué est suffisament
élevée pour provoquer le glissement de la fibre dans
sa gaine de matrice. La figure 3 présente une courbe
d’indentation réalisée sur un composite SiC-
Nicalon/SiC brut d’élaboration. La premiére partie de
la courbe correspond a la réponse élastoplastique de
la fibre qui peut étre décrite par une loi en puissance
(Stade I). Le changement de pente correspond a la
décohésion de l'interface fibre-matrice qui intervient
pour une force Fy La contrainte critique de
décohésion s’exprime alors par la relation :

LK [5]

n+R?

Ty

ou R est le rayon de la fibre. En Pabsence de
contraintes thermiques résiduelles, une analyse
énergétique simple [7] permet de relier cette
contrainte de décohésion a I'énergie de décohésion

G .
o | PG, (6]
d
R

|
ol E; est le module d’Young de la fibre. Le signe "-"
rend compte d’une contrainte de compression due a
I'indentation.
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Figure 3: Courbe d'indentation surun composite SiCY SiC:
Comparalson avec la courbe modélisée selon I'approche de
Marshall

Le stade II correspond au glissement relatif fibre-
matrice. En supposant que ce dernier soit purement
frottant sans frettage de I'interface, et en négligeant
la déformation de la fibre sous I'effet de la charge,
Marshall et Oliver [8] considérent que le
rechargement fibre-matrice s’effectue a contrainte de
cisaillement t constante. Une analyse uniaxiale
permet alors de calculer la longueur de glissement
fibre-matrice u en fonction de F, t et G, :

F*-F, G
VF2F, u= B F = [N
4»nlsR? *Ept 4n? wR’tEftt T

Si on analyse un cycle de chargement-déchargement-
rechargement, il est également possible de déterminer
la contrainte thermique axiale o," supportée par la
fibre. Dans le cas simple ou Pinterface fibre-matrice
est initialement désolidarisée (cas du composite
SiC/MLAS au § 7) et si u /up.. < 1/2 (fibre en
compression axiale), on peut calculer o, 2 partir du
formalisme proposé par Marshall et Oliver [9] :

res _ F:" - F- 1 1 um
R e 2 0w (8]

res . 3 —
F,™ est la charge axiale ré:mduellc, Au =y, -u.,
Upax®l Ure étant respectivement la l.ongucur de
glissement fibre-matrice maximale et résiduelle aprés

suppression de la charge.

4.DISPOSITIF EXPERIMENTALET PROCEDURE
DE DEPOUILLEMENT.
Le schéma de principe de I'appareillage d’indentation
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Vickers instrumentée est représenté en figure 4. Il est
construit sur la base d’un microscope optique.
Ce dernier est équipé d’une tourelle porte objectif sur
laquelle est positionnée la cellule d’indentation, de la
méme fagon qu'un objectif. L’échantillon, monté en
pince, est positionné sur un capteur de force.
La motorisation de la mise au point du microscope
permet d’atteindre des vitesses de chargement de 2 a
50 millinewtons/seconde. Le déplacement de
Pindenteur par rapport a la surface de I’échantillon
est mesuré a laide d’un capteur capacitif issu des
travaux de A. Bruére [10]. En utilisant une bande
passante de 10 Hertz, la résolution est de
10 nanometres pour une distance capteur-surface de
I’échantillon de 300 micrométres. Le capteur de force
autorise la mesure d’efforts jusqu’a 1 newton avec
une précision de 0.5 millinewtons inhérente a sa
grande souplesse, mais qui rend Pensemble
particulierement sensible aux vibrations. De ce fait,
une isolation vibratoire du moyen d’essai s’est avérée
nécessaire. Le systéme est piloté par un micro-
ordinateur qui permet d’acquérir les courbes
d’indentation.

mise au point

colonne du
microscope

— 3

— échantillon

A )
(/L L L v xy T ST

Figure 4:Schéma de principe de I'appareil de microindentation

Le capteur de déplacement mesure la variation de la
distance d vis a vis de la surface du matériau qui
correspond & la déformation élastoplastique h,, a
laquelle se superpose le glissement fibre-matrice u
au-dela de F,. L’exploitation de I'essai d’indentation
se fait en quatre étapes : (i) estimation de la force
seuil de décohésion Fy, donc de o4 ; (ii) extra-
polation de la déformation élastoplastique
de 'ensemble fibre et indenteur au dela de F,
(stade IT) ; (iii) détermination du glissement fibre-
matrice u en retranchant la  déformation
€lastoplastique h, au déplacement d mesuré par le
capteur ; (iv) détermination de Iénergie de

décohésion G, et de la contrainte de cisaillement t a
I'interface. En utilisant I'équation [7] relative a la
modélisation de Marshall, on détermine la valeur de

T, seul ggramétrc ajustable, qui s’approche le plus de
la courbe expérimentale (figure 4).

Les échantillons d’indentation se présentent sous
forme de parallelépipedes tels que les grandes faces
soient perpendiculaires aux directions principales de
renforcement. L'une de ces surfaces est ensuite polie
a la pite diamant jusqu’a une granulométrie de 0.25
micrométres.

5. MESURE DE LA DURETE ET DU MODULE
D'’YOUNG DES CONSTITUANTS DANS UN CMC.
La détermination du module d’Young a l'aide de la
technique d’indentation instrumentée suppose que
I'on réalise plusieurs essais pour obtenir une mesure
indépendante de la charge comme cela a été
démontré au § 3.1. Pour faire des essais sur des fibres
ou sur des régions de matrice peu étendues, i.
convient donc de procéder a des cycles de
charge/décharge partiels en augmentant
progressivement la charge jusquau seuil de
fissuration.

La figure 5 illustre un essai pratiqué sur une fibre
SiC-Nicalon NLM 202 dans une matrice Nasicon, le
composite étant élaboré par pressage a chaud a
1050°C [5]. Le module d’Young ainsi mesuré étant
identique a celui de la fibre brut, on en déduit que les
conditions d’élaboration n’ont pas altéré les
propriétés élastiques du renfort.

T Hviral]
al q__\ . b) V(GPa)
200 T 140
‘—b
‘\ .
1007 120
hm(pm)
0 0.3 0.6

Figure 5: Détermination de Eet H, par microindentation sur
une fibre SiC-Nicalon dans une matrice NASICON.

Le tableau 2 résume quelques résultats locaux
concernant des composites a renforts fibreux ou
particulaires [5]. On constate que la présence de
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précipités de zircone permet d’augmenter le module
d’Young et la dureté. Dans un composite 8 matrice
vitrocéramique LAS (Li,0-AlL0-6Si0,), le suivi du
module d’Young 2 Iéchelle locale est un bon
indicateur pour apprécier I'homogénéité de la
cristallisation et son degré d’avancement en fonction
des traitements thermiques.

Matériau - Lieu d’intentation E (GPa) | Hv (GPa)
Composite Fibre SiC 22010 -25
SiC/Nasicon* Matrice avec ZrO, 106=s 72209

Matrice sans ZrO, 88zs 5,7x07
it
Composite Matrice 662 8+04
SiC/LAS**
Monolithe de Mullite*** 18017 124*08
Monolithe de Mullite + 10% ZrO, 240x15 15,72

. Tableau 2 : Mesures de E et Hv par microindentation
sur composites et monolithes :
* (élaboration par voie sol-gel & 1050°C),
** (élaboration par voie verridre a 1320°C),
**%(frittage de poudre & 1600°C)

6. CARACTERISATION DE L’INTERFACE FIBRE-
MATRICE DANS LES CMC.

Les exemples concernent deux types de CMC a
renfort fibreux de carbure de silicium (SiC-Nicalon
NLM 202 de chez Nippon Carbon) : SiC-
Nicalon/Mullite élaboré 3 FONERA par pressage a
chaud de tissus préimprégnés par voie Sol-Gel [11].
Pour les renforts unidirectionnels (1D) et
bidirectionnels (2D), le taux volumique de fibres est
d’environ 40%.

Les composites SiC-Nicalon/SiC ont été caractérisés
a Pétat brut et aprés vieillissement de 100 heures sous
vide et sous air, 3 une température de 1000°C [12).
Les courbes caractéristiques d’indentation sur les
composites bruts d’élaboration et apres vieillissement
sont reportées sur la figure 6. La contrainte critique
de décohésion o4, I'énergie de décohésion I' au sens
de Papproche de Marshall G_.=2T" et la contrainte de
cisaillement interfaciale t sont répertoriées dans le
tableau 3. Les valeurs moyennes et les écarts-types
mentionnés sont donnés sur dix essais sélectionnés
d’une part, pour que le taux surfacique de matrice et
de fibres avoisinantes soit équivalent, et d’autre part,
pour que le rayon des fibres soit compris entre 7 et
9 micrometres. Pour les composites a renforts 1D et
2D (tissus taffetas), la décohésion est marquée et se
produit 3 des niveaux de contraintes sensiblement
différents. L’exploitation du stade II de glissement
montre une augmentation significative de la
contrainte de cisaillement T qui passe de 33 a
63 MPa respectivement pour les composites a renfort
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1D et 2D. L’ondulation des fibres dans le composite
a renfort 2D peut expliquer cette différence.

)

a8
074 viellit sous air 1000°C
064

|

vieilll sous vide 1000 C

1.0 20
déplacement (micrométre)

Fligure 6: Courbes d'indentation sur composites 2D SiC/ SIC
brut et aprés viefllissement.

. o décohésion T décohésion t moyen
Composite moyen MPa moyen J/m? MPa
1D brut 1100 = 200 62 338
2D brut 1500 = 230 12=+4 63 =15
2D 1100 = 100 65 =05 67 = 11
sous vide 1000°C - - -
2D
sous air 1000°C IND. IND IND

Tableau 3 : Mesure de o4, I', t par microindentation sur des composites
SiC-Nicalon/SiC (IND : indéterminé)

Pour le matériau oxydé a 1000° C pendant 100 heures,
aucune décohésion ne se produit. Seule la
déformation élastoplastique de la fibre est
enregistrée. L’observation de l'interface a été réalisée
par microscopie électronique 3 balayage couplée A un
spectrométre a dispersion d’énergie. Les analyses ont
ainsi révélé la présence d’oxygeéne qui n’est pas
observable a I’état non vieilli. Fillipuzzi [13] propose
que l'interphase de carbone, initialement présente
dans les composites SiC/SiC, s’oxyde avec formation
d’oxydes de carbone (CO, et/ou CO) ce qui
entrainent la création de pores a linterface fibre-
matrice. La diffusion de Poxygéne dans la porosité
conduit alors A la formation de silice i la surface de
la fibre. La présence de la couche de silice
interfaciale a également été remarquée pour des
composites SiC/SiC traités sous atmosphere oxydante
a2 des températures plus élevées [1400°C) par
Mozdzierz et Backhaus-Ricoult [14].

Aprgs vieillissement sous vide & 1000°C pendant 100
heures, la décohésion se produit pour des charges
plus faibles que sur le composite SiC/SiC brut.
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De plus, dans le stade I, on note une déformation
élastoplastique différente, qui peut €tre attribuée a
I’affaiblissement des caratéristiques mécaniques (E ou
H,) de la fibre.

Il est également possible d’évaluer la contrainte de
cisaillement interfaciale t en déterminant Pespace
interfissures du réseau de fissures qui se développe
perpendiculairement au renfort fibreux. Pour un
composite 1D SiC-Nicalon/SiC caractérisé par une
contrainte 2 rupture d’environ 450 MPa, la longueur
moyenne L. des blocs de matrice est de 34
micromeétres (longueur minimale d’environ 20
micrométres). En appliquant le formalisme développé
par Aveston, Cooper et Kelly [1] puis par Zok et
Spearing [15], © est respectivement estimé & 110 MPa
et 125 MPa (en considérant une énergie de rupture
de la matrice de 10 J/m?). Le désaccord avec la
mesure de t issue de Dlessai d’indentation peut
provenir du mode de sollicitation de I'interface qui
n’est pas équivalent dans les  deux essais.
En particulier, dans lessai d’indentation, le
cisaillement axial de Iinterface s’accentue
contrairement a 'essai de traction du fait que la fibre
est initialement soumise A une contrainte de
compression d’origine thermique pouvant atteindre
300 MPa [16]. De plus, dans les deux approches, le
modele utilis¢ pour déterminer t ne prend pas en
compte la déformation de la fibre (effet Poisson)
ainsi que la contrainte de frettage estimée a 200MPa.

En ce qui concerne les composites 2D (tissus 4 dir)
SiC-Nicalon/Mullite, il est possible de modifier la
composition de Plinterphase fibre-matrice et de la
matrice en ajustant le rapport molaire Al,04/Si0O, du
gel et de la poudre successivement utilisé lors de
I’étape de préimprégnation du tissu. Pour les deux
compositions étudiées [17], les évolutions de dureté
au niveau des constituants et de la contrainte de
cisaillement interfaciale sont répertoriés dans le
tableau 4, avant et aprés vieillissement de 3 heures a
900° C sous air. D’apres les mesures de microdureté,
les fibres ne sont pas altérées par les conditions
d’élaboration ou de vieillissement et la matrice
présente des caractéristiques équivalentes a celles des
mullites frittées sans renfort fibreux. Il est & noter
que la composition plus riche en alumine est moins
densifiée et de ce fait, elle est moins rigide.
L’augmentation de la contrainte de cisaillement a
Pétat brut a été corrélé a I'enrichissement du verre de
mullite en alumine et & la formation de cristaux
aciculaires de mullite en plus grand nombre et de
plus grandes dimensions, certains d’entre eux étant en
contact direct avec la fibre [18].

Composition des composites Porosité E (GPa) t (GPa)
ouverte
en
volume
gel matrice 20° C/aprés recuit & 900°C
Al/Si Al,03-8i0, Fibre Matrice
(atomique) (molaire)
1 64 10 20/175 125/125 20/ > 100
13 73 2 20/20 9/85 60/ > 100

Tableau 4 : Mesures E et t par microindentation
sur les composites 2D SiC-Nicalon/mullite :
Influence de la composition du gel d’interphase et de la matrice

Apres vieillissement, linterface fibre-matrice se
rigidifie probablement en raison de Ioxydation
superficielle de la fibre SiC-Nicalon comme cela a
déja été constaté dans d’autres matrices de type oxyde
ou SiC [19). Corrélativement, la résistance en flexion
chute progressivement et le mode de rupture devien

de plus en plus fragile. b
Pour optimiser les propriétés mécaniques des
composites, il convient donc de trouver un compromis
entre la composition chimique et la température de
frittage afin d’obtenir une matrice la plus dense
possible tout en limitant 'adhésion fibre-matrice.

7. EVALUATION DES CONTRAINTES
THERMIQUES RESIDUELLES DANS LES CMC.
L’étude [20] a porté sur le composite 2D (taffetas)
SiC-Nicalon/SiC caractéris€é au § 6 et sur un
composite 2D (satin) SiC-Nicalon/verre céramique
MLAS (mélange MgO-Li,0-Al,05-58i0,) élaboré a
PONERA par pressage a chaud d'un tissu
préimprégné de poudres synthétisées par voie Sol-Gel
[21). Dans les deux cas, le taux volumique de fibres
est proche de 40%. Les valeurs caractéristiques de la
contrainte de cisaillement interfaciale et de la
contrainte thermique longitudinale sont répertoriées
dans le tableau 5.

Composites R F,, Upa | Ues * o
(um) (mn) x (nm) (MPa) (MPa)
(nm)
SiC/MASL 7 80 362 140 53 -53
Sic/Sic 78 500 510 10 65 -670

Tableau 5 : Détermination de o Au niveau de la fibre
dans un composite SiC/MASL et SiC/SiC

Pour le composite 2D SiC-Nicalon/MLAS, les
courbes d’indentation présentées dans la figure 7 sont
en bon accord avec le modele évoqué au § 3-2 dans
le cas dun cycle de chargement-déchargement-
rechargement. Les faibles valeurs relevées pour
Iénergie de décohésion et la contrainte de
cisaillement interfaciale ont été corrélées a la
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présence de carbone 4 la surface de la fibre SiC-
Nicalon [22]. Cependant, le fait que la fibre soit en
compression est inattendu car les phases cristallines
qui doivent se développer sont caractérisées par un
coefficient de dilatation thermique plus faible que
celui de la fibre : 1.10%°C’! Pour le spoduméne-f3
structure keatite et 2,6.10%°C7 pour la cordiérite B.
Ce désaccord peut provenir de la présence d’une
proportion importante de phase vitreuse résiduelle
dont il faudrait préciser le comportement
dilatométrique.

0.007 Fo.=80mN

0.006 1=53 MPa
o,"* = -53 MPa

0.005

0.004
0.003
0.002

. Force? (N?)
8
-]
E ]

0.001

0

0 50 100 150 200 250 300 350 400
Distance de glissement (nm)

Flgure 7: Courbe de charge-décharge-recharge d'une fibre SIC
dans une matrice MLAS.
En ce qui concernc les composites 2D
SiC-Nicalon/SiC, Pexploitation de lessai représenté
dans la figure 8 est fait en supposant que : (i) la
décohésion de l'interface se produit de fagon stable
au fur et 2 mesure du chargement, (ii) 'augmentation
de la longueur de glissement lors du rechargement est
liée a une diminution de la contrainte de cisaillement
interfaciale (environ 15% dans ce cas). Dans ces
conditions, la fibre est soumise i une contrainte
thermique axiale de compression d’environ 600 MPa,
.soit pratiquement une contrainte deux fois plus élevée
que celle issue de la modélisation en déformation
plane a I’échelle d’une fibre enrobée de matrice [16].

0.

F o ax=500mN

T=65 MPa
©, =-670 MPa

G;=1.22]/m?

0.2

o
R
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o 2
=2

e
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0 100 200 300 400 500 600 700
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Fgure 8: Courbe de charge-décharge-recharge d'une fibre SIC
dans une matrice SIC.

5-7

Ces essais préliminaires ont permis de mieux
appréhender I'approche proposée par Marshall et
Oliver [9] mais Pappareillage devra étre amélioré
pour éviter les phénoménes d’oscillation observés sur
les courbes d’indentation. De ce point de vue, le
pilotage du déplacement de Iindenteur par un
dispositif piezoélectrique est envisagé.

8. CONCLUSIONS.

La technique d’indentation Vickers instrumentée
apparait donc comme un moyen d’investigation
micromécanique qui permet de caractériser
localement la matrice et les fibres (dureté, module
d’Young) ainsi que l'interface fibre-matrice (énergie
de décohésion, contrainte de cisaillement interfaciale,
contrainte d’origine thermique s’exergant sur la fibre).

Il est ainsi possible d’agir ultérieurement d’une part,
sur la formulation de la matrice ou de l'interphase
fibre-matrice et d’autre part, sur les parameétres
d’élaboration pour optimiser les caractéristiques
mécaniques des composites. Il est également possible
de caractériser la dégradation des composites apreés
des traitements de vieillissement correspondants aux
conditions de fonctionnement.

Pour mieux appréhender les évolutions se produisant
a linterface fibre-matrice pendant Putilisation, un
nouveau moyen d’indentation automatisé et
fonctionnant a chaud (600°C) sous atmosphére
contrdlée est en cours de développement.
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ROLE OF INTERFACES ON THE CYCLIC FATIGUE BEHAVIOUR OF CERAMIC MATRIX
COMPOSITES
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Groupe d'Etudes de Métallurgie Physique et de Physique des Matériaux - G.EM.P.P.M. URA CNRS n°341
Institut National des Sciences Appliquées de Lyon
69621 VILLEURBANNE cedex - France

1. SUMMARY
Ceramics reinforced with continuous fibres exhibit
delayed failure under pulsating load. A micromechanical
model describing the fatigue effects is proposed. It is
based on the decreasing of the shear stress at the fibre-
matrix interfaces, resulting from interfacial wear due to
e see-saw sliding. The main features of this model are
the following :

During first loading cycle, the material exhibits multiple
matrix cracking and some fibre breaks. During subsequent
cycles the interfacial shear stress decreases, leading to
increasing the failure probability of the bridging fibres.
For a critical fraction of broken bridging fibres,
instability occurs and the specimen fails, thus defining
the lifetime. For lower peak stresses, but higher still than
the proportionality limit, the material also evolves but
no failure occurs (up to one million cycles), indicating
that the interfacial shear stress decreases to a non-zero
lower bound.

Fatigue induced changes of interfacial shear stress are also
observed from fibre pull-out length analyses.

2. INTRODUCTION

The use of continuous fibre reinforced ceramics for
aerospace structures such as space shuttles and very high
speed aircrafts and for hot engines, offers opportunity for
using the same material for both resistance to mechanical
loads and thermal aggressions.

For ceramic-ceramic composites emphasis was made in
the improving of the toughness, because this property is
in fact very low in bulk ceramics [1,2]. In such materials,
both fibre and matrix are brittle in nature and the
toughnening finds its origin in the matrix crack tip
shielding by bridging fibres which are at first intact and
then broken, undergoing pull-out [3].

Clearly, the fracture properties of ceramic matrix
composites are controlled by two main microstructure
parameters : first the average fibre strength and the
strength distribution (described currently by a weibull’s
statistics) and secondly the interface properties,
particularly the interfacial shear stress associated with
friction or debonding and controlled by adequate fibre
coating and also residual thermal stresses.

When aircraft applications are considered, fatigue
behaviour becomes a very important thing. At present

very few works have been published about fatigue of
ceramic-ceramic fibre composites [4-10]. It appears clear
yet that this family of materials exhibits some delayed
failure due to cyclic fatigue effects. However, unlike the
fracture behaviour, no micromodelling is straigthforward
to describe the microstructural origin of the observed
fatigue effect and consequently for bringing into relief the
pertinent parameters which are to be controlled and
improved so as to reach material optimization. A very
interesting pioneer model has been proposed for
explaining the origin of the hysteresis of stress-strain
loops observed experimentally during fatigue tests [11] ;
the loops widening was still attributed to frictional shear
strength at the interface and the fatigue damage related to
the fraction of failed fibres. Nevertheless no discussion
was made in connexion with the real cause of damage
extension as a function of number of fatigue cycles.

The purpose of this paper is to describe a fatigue model
based on a decrease of the interfacial shear stress (ISS)
which may be due to wear phenomena connected with the
alternate slip between fibre and matrix. The results of this
model are in very good agreement with practical
observation so long as fibres are orientated in the loading
direction (in 1D or 2D composites) and provided that no
great delamination damage occurs during testing.

In addition, we describe the effect of fibre radius on the
interfacial shear stress measured by the indentation
method. We also show how the interfacial shear stress
changes by fatigue ; this parameter beeing evaluated
indirectly from measurements of fibre pull-out length as a
function of fibre diameter.

3. EXPERIMENTAL FATIGUE BEHAVIOUR
Tests are carried out at room temperature under tension-
tension sinusoidal cycling, between zero and controlled
maximum stress, S, at a frequency of 1 Hz. The results
are here given for a cross-weave composite of SiC fibre
(Nicalon™) bundles embedded in a SiC matrix obtained
by chemical vapor infiltration (2D SiC/SiC). This
composite is processed by the Société Européenne de
Propulsion (S.E.P.) and is characterized by a failure strain
of about 0.2-0.3 %. Similar results are obtained (but not
described in this paper) for a cross-plied
SiC(Nicalon)/glass-ceramic composite, processed by
Aérospatiale. The MAS-L matrix is obtained by using
the sol-gel route and hot-pressing.

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites’, April, 1993.
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Figure 1 shows the lifetime diagram. Depending on the
maximum stress applied, three stages are observed :

i) samples broken at first loading, a certain scattering in
the ultimate tensile strength (UTS) is observed ;

ii) fractures occured after a limited number of cycles (from
5 to 12,000) in relation to the maximum fatigue stress ;
iii) no fracture occured after a conventional number of
cycles (typically : 106).
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E O Fatigue run-out
g 120 I  Fatigue fracture 0>

® Tensile test fracture 0+
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1 10 102 103 10% 10° 108
Number of cycles

Fig. 1 : 2D SiC-SiC. Lifetime diagram.
Fatigue in tension-tension, 1 Hz, room temperature.

But the mechanical behaviour with cyclic loading remains
similar whatever maximum stress is applied. As
illustrated on Fig. 2a, the first stress-strain loading curve
has a typical shape because of a response under loading
similar to monotonic tensile test. It is interesting to
notice that curves given on Fig. 2 correspond to a
specimen not failed at 106 cycles (well below the fatigue
limit) and it is clearly shown that the maximum fatigue
stress is well beyond the limit of linearity.

1507 Stress (MPa)  (g) (b)

1251
1001
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501
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0|,1 0|,2 Strain ("/f.)
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Fig. 2 : 2D SiC-SiC. Fatigue in tension-tension
(a) : example of recorded stress-strain loops
(b) : example of theoretical loop, definition of the tangent
moduli.
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Fig. 3 : 2D SiC-SiC. Fatigue in tension-tension (S =
135 MPa). Tangent moduli as a function of number of
cycles (no failure at 250,000 cycles).

Further hysteresis stress-strain loops are characterized by
an increasing area and a decreasing main slope. A
theoretical loop is given on Fig. 2b ; careful stress and
strain measurements allow us to determine the evolutions
of some stiffnesses (tangent modulus) in the loop : Esp
at start of loading, Egp, at end of loading, Egyy at start of
unloading and Egy at the end of unloading. Typical
changes of these stiffnesses are shown on Fig. 3 : Eg|,
and Egy (at the bottom of the loop) are higher than the
other two, due to debris affecting the normal crack
closure. So only Egp. and Egy (at the top of loop) are
significant with respect to fatigue behaviour.

Evolutions of these two slopes are given on Fig. 4 for
different maximum fatigue stress values :

i) at low S, Egr. and Egy are high, equal and remain
constant during cycling : elastic behaviour, no damage,
no failure ;

ii) at medium S (below fatigue limit), the stiffnesses are
progressively decreasing ; Eg, decreases faster than Egy
and at a given number of cycles the two slopes evolve in
parallel (stabilization stage), no fatigue failure occurs ;
iii) at higher S (beyond the fatigue limit), same
evolutions are observed but the failure appears always
before the stabilization stage.

More details upon the cyclic fatigue behaviour of 2D
SiC-SiC composites and particularly the results
concerning acoustic emission, can be found elsewere
[12,13].

4. MODELLING OF FATIGUE BEHAVIOUR
The analysis of fatigue micromechanisms is presented in
the case of a perfect unidirectional (1D) composite where
the continuous fibres are randomly arranged parallel to the
direction of the applied load. The influence of a more
complicated architecture such as bidirectional (2D) woven
composite will be discussed at each time if necessary.
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Fig. 4 : 2D SiC-SiC. Fatigue in tension-tension. End-
of-loading (Egy) and start-of-unloading (Esy) stiffnesses
versus N. (a) : S = 50 MPa (run-out); (b) : S = 135 MPa
. (run-out); (c) : S = 145 MPa (failure at 800 cycles)

4.1 Damage induced by tensile loading

During tensile loading the 1D composite undergoes
multiple matrix cracking, following the ACK [14]
scheme. The cracks are assumed running straight over the
entire cross-section and regularly spaced with a given
distance, d, between them (Fig. 5).

T

.| d L
Fig. 5 : Schematics of multiple matrix cracking
in 1D composite.

As loading proceeds, this distance decreases up to a
saturation value. Saturation of matrix cracking is mainly
due to the overlapping of the matrix unloading regions.
But in some cases, an apparent saturation can be observed
with larger distances, for example when local overstresses
occur in the material near large voids introduced by the
2D woven architecture ; in this case the crack spacing
should be more or less linked with the distance between
large voids.

Near the matrix crack, the bridging fibres undergo
overload and the peak stress, T, is given by the following
relationship :

= - GB‘

ve(1-q) )

where o, is the applied stress on the composite, vf is the
fibre volume fraction and q is the proportion of broken
fibres. To simplify, it is assumed that only the surviving
fibres carry the load in the sliding zone. In the sliding
zone, where the fibre stress, Oy, increases to peak stress
(Fig. 6a), the slope of the fibre stress is given by:

6-3

‘ dﬂl _21

dx ¥ @
with 1 being the frictional interfacial shear stress (ISS) in
the fibre/matrix sliding region, and r the fibre radius.
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Fig. 6 : Fibre stress profiles resulting from matrix

cracking. T : peak stress, R : nominal fibre stress.

(a) : case of large crack spacing ; (b) : small matrix
spacing.

According to crack spacing, two situations are to be
considered (Fig. 6) :

i) if the mean distance d is greater than a critical fibre
length, 1, the sliding zones are not interacting and the
overload profile is surrounded by a constant fibre stress
(Fig. 6a). The level of this constant fibre stress is :

R=C N
Vi 147 3)
where 7 is defined by :
n= Ef vg
Em (1 - ve) @

with Ef and Ep, are the fibre and matrix modulus
respectively. In this case, each bridged matrix crack is
working independently from the other, and the specimen
fails since one crack reaches the instability.

ii) if the distance d is smaller than the critical fibre length
(Fig. 6b), the sliding regions are overlapping. When a
fibre fails (near a given peak stress location), the
resulting stress drop extends over several matrix blocks.
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As a result, the bridged cracks are no more independent
systems. Therefore the instability should be analyzed in
the whole length of the specimen.

4.2 Composite failure under monotonic
loading

For fatigue, there are several interests to analyze the
failure under monotonic loading and particularly the

ultimate tensile strength (UTS).

First, the UTS represents a characteristic data which is to
be introduced in the lifetime diagram. Secondly, at the
starting of a fatigue experiment, the first loading up to
maximum fatigue stress introduces the initial damage
consisting of a certain set of matrix cracks and a certain
proportion of broken fibres ; this mechanism is typically
working under monotonic loading. Thirdly, during load
cycling some material parameters are changing and
consequently fatigue failure will occur when the UTS
(with the new parameters values) equals the maximum
fatigue stress. And finally, for a given maximum fatigue
load a scattering in the life times is commonly observed
experimentally. This scattering should find its origin in
the variability of fatigue effect and also in the variability
of some parameters leading to the scattering observed for
the UTS under monotonic loading.

The failure probability of the fibres is described by means

of the Weibull's statistics, following the weakest link

scheme : the probability of failure of a fibre element

(link) of length 3x can be expressed as follows :
F = ﬂ)m Sx

Go 5)

where o is here the stress sustained by the fibre element,

m is the Weibull's modulus and og a scale parameter,

related to the average fibre strength (under uniform load) :

— -1/m 1>

<op>=0co L™ I'(1 + m) ©

with Lf being the fibre gauge length used for the

measurement of strength and I" the well-known gamma

function.

The analysis of ultimate failure of the composite (bridged
crack) is similar in the principle to the well-known dry-
fibre-bundle failure problem.

In the case of large crack spacing (assumption A), the
surviving fibres in the bridging bundle undergo a stress
profile as shown on Fig. 6a. The probability of fibre
failure in such a system is calculated by using the same
assumption and statistical analysis than Thouless and
Evans [15] ; particularly fibre failure outside the slip
length is ignored and the fibre stress is assumed to
decrease linearly from the peak stress, T, to zero. The
probability of fibre failure anywhere within the overload
profile is found to be :

pF(d>10)=1.exp[-_r_TmL
(m + 1) Tt oo™

o)

and can be considered as the fraction of broken fibres (g,
see Equ. 1) at a given value of peak stress T. As the
applied load increases, the fraction of broken fibres
increases up to a critical instability value, g*. Equation 7
can be easily maximized with respect to T, leading to the
following instability condition :

EROSF

r Tm+1-1

T oo™ @®)

That gives the critical fraction of broken fibres (subscript
A refers to this first assumption : d > 1¢) :

@n=1-ex [ 1 ]
L o ©)
and the UTS of the bridged crack :
o m
Oa*)a = vi[ L )m+T (00) meT €X [-—1—]
G [l‘) o) merioxp m+ 1) (10)

For a specimen containing more than one matrix crack
statistical fracture of a serial set of bridged systems as
described above should be analyzed. For simplification,
we will consider further that all cracks are exactly
identical.

In the case of short fibre spacing (Fig. 6b) (assumption
B), the fibre stress looks like saw-teeth. Some authors
[16] considered that a fibre breaking anywhere within the
entire sample gauge length (Lg, on Fig. 5) is unable to
carry any load. In these conditions, the same analysis as
before leads to a different instability condition. However
the hypothesis of a single fibre failure within the gauge
length does not seem very realistic, because of the
existence of stress transfer mechanisms between fibre and
matrix in the other matrix blocks.

A more complete analysis of UTS was recently proposed
by Curtin [17]. It considers that each fibre in the
composite can exhibit multiple failure, in the same way
as a single filament embedded in a large failure strain
matrix (assumption C). In that analysis, the load carried
out by the broken fibres is taken into account. The
analytical result (with a slightly different Weibull's
expression) concerning the critical fraction of broken
fibres is :

@*)c=—2—
m+2 1)
and the UTS becomes :
1 = =
Ga¥lc = v meﬂ 2 )m+lm+1
(0% = ve( T )T (o0) 1(m+2 m+2 (12)

As a result, for the two most realistic assumptions, the
critical proportion of broken fibres is only m dependent.
In addition, the UTS (Equ. 10 and 12) only differs in the
m dependent prefactor : the influences of the other
material parameters (v, T, Og and r) are exactly the same.
In order to simplify the presentation, the further analyses
are only made with the assumption A (d > L.).

If we take the hypothesis that some parameters (T or o)
decrease during fatigue cycling, we see clearly that the
potential UTS of the sample decreases. As, after a given
number of cycles, this potential UTS reaches the
maximum applied fatigue stress, the specimen will fail,
Time dependent subcritical crack growth in the fibres
leads to a decrease of effective fibre strength which can be
described by a decrease of og. In the material considered
here, there are some arguments for retaining an effect of
alternative sliding induced by the cycling of load,
particularly the non-dependence of fatigue effect on test
frequency [12,13]. In these conditions, the decreasing ISS



TECHNICAL LIBRARY

is a very good candidate to explain the observed fatigue
effects. In the following sections the causes of the
decrease of ISS as fatigue proceeds are discussed.

4.3 Changes of ISS during fatigue

The first hypothesis is to consider that the ISS decreases
continuously as a function of number of cycles, N, up to
a limiting value To, (Fig. 7). This decrease is mainly due
to an interfacial wear, as discussed by Jero et al. [18].
This phenomenon is particularly effective when the
matrix compresses radially the fibres, because of the
thermal expansion mismatch. During the see-saw sliding,
the asperities are mutually scraped off and this effect
should be more pronounced with asperities of higher
amplitude, that is at starting of fatigue test : the
decreasing rate of 1SS (dt/dN) should be lower for large
cycle number. Having no further information about this
mechanism and to simplify, a power law as below was
chosen (Fig. 7a) :

(N < N.o)

o (N>N.) 13
where 1 is the initial ISS value before load cycling.

1=19 Nt
T=1,

T4 (a)
10_\
Too
N
y N~ ®)
10
Toxr

N

. Fig. 7 : Expected changes of interfacial shear stress as a
function of number of cycles.
(a) : power law (see Equ. 13) ; (b) : exponential law

The decreasing law is bounded by a limiting value ; this
comes from non vanishing friction between fibre and
matrix, due to long distance interactions : like changes in
fibre diameter and cross-section shape, fibre bending
(particularly in the case of woven clothes), etc. Another
cause of ISS decrease can be originated from longitudinal
splitting in the matrix. These cracks strongly reduce the
thermal mismatch induced compression stress on the
neighbouring fibres. This mechanism leads locally to
easier friction. The effective ISS in a given cross section
is therefore diminishing.

During one cycle, the fibre stress profile evolves as
shown on Fig. 8 ; at each load rate inversion the sliding
reverses (the slope of stress inverses) in a region close to
the crack. In this present assumption, as the number of
cycles increases, the ISS decreases regularly (according to
Fig. 7a) and the width of the sliding zone increases. Since
a decrease of ISS leads to an increase of broken fibres
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fraction, the overloading triangle at maximum applied
fatigue stress exhibits a continuously decrease of
sharpness and an increase of peak stress, as fatigue

proceeds.

‘—L fibre
[

|!‘\ matrix crack
O |

I

unloading reloading

X
C Cr—>

2l

Fig. 8 : Schematics of fibre stress profiles during
unloading (left) and reloading (right).(assumption A).

>

Some repeated indentation tests suggest that the ISS
drops very sharply after the first slip and remains constant
during the subsequent loadings. Applied to our fatigue
problem, this effect leads also to a continuously decrease
of an effective ISS, but with asymptotic tendency (0 Te.

(Fig. Tb).

At present no more informations are available to specify
what is the real law of the ISS decrease. The curves on
Fig. 7a and 7b are not very different in shape, so we
choose arbitrarily the power law (Equ. 13) for taking into
account the changes in ISS in a fatigue test.

4.4 Damage induced during first fatigue cycle
During the first fatigue cycle, the applied stress 0,4
increases from zero to the maximum imposed fatigue
stress , S.

Discussion about crack spacing

If S is lower than the the first matrix cracking stress
(S8<Sg), no matrix damage occurs during the first loading
and therefore no subsequent fatigue effect may be
observed : the specimen remains perfectly elastic.

Above Sg, there is multiple matrix cracking up to a
certain amount, defined by an initial matrix spacing, dg.
As fatigue proceeds (with S > S), the decrease of the
ISS and the associated stress transfer involve that the
remaining matrix blocks are on the whole less loaded.
Consequently the matrix damage remaining constant
under the subsequent fatigue cycles can be considered, in a
first approximation (i.e. the crack spacing is only
depending on S).

In real composites however, the applied load induces
cracks in the longitudinal bundles which are not running
over the entire cross-section and also other cracks in the
non-longitudinal parts of the microstructure. As an
example, for a woven architecture, in the bundles
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orientated perpendicularly to the load direction, classical
fatigue effect, similar to that observed in polycrystalline
ceramics [19], cannot be avoided.

Discussion about fraction of broken fibres
This fraction increases as the applied load increases. For
the assumption d > 1, one obtains :

0_.*= (1 - @[ In (1] ™! exp[ 1 ] (me1)met
Oa m+1
(14)

The relation between 0,/0,* and q does not depend on the
ISS ; of course the UTS o,* is depending on it (see Equ.
10).

The initial fraction of broken fibres at first cycle, qq, is
obtained by taking the relative fatigue stress S/o,* and
resolving Equ. 14. If fibre Weibull’s modulus increases,
the initial fraction of broken fibres decreases. On the
other hand, if the ISS decreases, o,* decreases and for a
given constant value of S, the initial fraction of broken
fibres increases. This feature is at the origin of the main
fatigue effect.

In real composites, both matrix and fibres exhibit
scattering of failure stress and in some cases during
loading, the region where fibres break overlap the zone
where multiple matrix cracking works. This was clearly
modelled by Péres [20] for 1D composite.

4.5 Fatigue behaviour

In this section we analyse the influence of a succession of
loading-unloading cycles on the occurence of failure and
on stiffnesses.

Life-time diagram

At first cycle, the initial ISS is g and the loading up to
S leads to the initial fraction of broken fibres q;. During
subsequent cycles, the fraction of broken fibres increases
(as T decreases, see Equ. 10 and 14 with 6, = S). The
theoretical evolution of the fraction of broken fibres as a
function of ISS on Fig. 9, and the corresponding lifetime
diagram is given on Fig. 10.

According to the level of S, several cases are to be
considered :

i) for very high S values, q changes from zero to q*
during first cycle : the specimen fails at first cycle at a
stress 0, * (Equ. 10 with T = 1p) ;

ii) for high S, q changes from q; to g* : the specimen
fails after a certain number of cycles (delayed fatigue
failure). In this case the S value equals the UTS of the
sample, given for example by Equ. 10, with T < 1g. One
finally obtains :

_S_.=( T )Um+l

Ca* To (15)

and using the proposed power law for the ISS change
(equ. 13), the theoretical expression of the lifetime results
in (for 1 <N <Np):

S =N t/m+1

Ca* (16)
Such a life-time law is in agreement with experimental
measurements (see Fig. 1).

EROSF
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| 1 1] \
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0 + Y
0 0,5 1

T/ To

Fig. 9 : Simulated damage during fatigue. Proportion of
broken fibres as a function of relative ISS change, for
increasing maximum fatigue stress. (m = 6)

S

O'a*

SF

log N

log Neo
Fig. 10 : Theoretical lifetime diagram.

For the scattering observed in the experimental S-N
curve, two main causes can be evoked :

i) the variability of the basic fatigue effect from one
specimen to another : the parameters t and T appearing
in Equ. 16 should be distributed.

ii) the UTS under monotonic loading (given by Equ. 10
or 12) is governed by some distributed parameters (such
as vf, 00, T=T¢ or m). This means simply that a
specimen having a potentially high UTS shows by
fatigue an enhanced lifetime.

The scattering in lifetimes observed appears to be in
agreement with a gaussian distribution of the UTS, or
with a gaussian distribution of the ISS namely [12].

Analysis of the loading-unloading loops

From the fibre sress profile during loading and unloading
(see Fig. 8), the stress-strain relationship can be easily
calculated over basic length corresponding to matrix crack
spacing. The theoretical hysteresis loop is symmetrical
(parabolic laws), its width results from friction effects
caused by the reverse slidings. In fact the loop is slightly
open at zero load because the effective ISS has changed a
little since the preceding loading. An example of
theoretical loop is given on Fig. 2b.

In practice higher stiffnesses are commonly observed at
low loads, by loading and unloading. This phenomenon
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is attributed to debries located between the crack surfaces
which hinder the crack closure at the end of unload. Our
model does not take into account this feature. In these
conditions, an analysis of the stiffnesses is more accurate
at the top of the loops.

At the start of unloading, the stiffness given by the
tangent modulus (do,/de, for decreasing strain g, and ¢, =
S) is simply the undamaged 1D composite Young’s
modulus :

Esu = Ex an
with Ex = Ef vi + Ey vy, for perfect 1D composite.
At the end of loading, the tangent modulus (do,/de, for e
increasing and 6,=S) can be written as follows :

Ep = Ex = ford > L
2vitdn(l+m) \ 1-q
(18a)
7 is given by Equ. 4, and :
Ea=—2Fr ford<l
1+ _]_"'_Tl_q
nl-q (18b)

In the case of slip length overlapping (as shown on Fig.
6b) the ends of loading and unloading curves become
linear with a slope given by Equ. 18b.

Experimentally, as shown on Fig. 3 for 2D woven
composite the end-of-loading stiffness decreases mainly
according to Equ. 17 where T decreases and q increases
with increasing number of cycles. The increase observed
at low number of cycles is seemingly due to the fact that
the new damage occuring near the maximum load is very
important and it affects the loading slope, because Equ.
22 is written with the assumption that both T and q
remain constant over the duration of the considered cycle ;
clearly this assumption is not valid for the first cycle and
probably also for few subsequent cycles. The higher the
number of cycles, the smaller the new damage, hence
after say 10 cycles this effect becomes negligible.

In addition, a progressive decrease of the start-of-loading
stiffness is observed on Fig. 3. This phenomenon is
probably due to some fatigue induced damage appearing
in other regions of the microstructure than the 1D
longitudinal bundles, certainly induced by the stiffness
lowering of the longitudinal bundles which induces
higher stress in the non-longitudinal regions (the bundles
at 90°). Despite the complicated architecture of the 2D
woven composite, an effective modulus E(N), associated
with the overall stiffness of the non-longitudinal
(transverse) part of the material which is moreover
supposed to be non-hysteretic, can be considered in a rule
of mixture :

( Eew Jop = vi. Ee(N) + vr Ex(N)

(Esu Jp = v Ex + vr Ex(N) (24)

where vy, and v are the effective cross-section fractions
respectively of the longitudinal and transverse parts of the
composite. In these conditions, the difference (Esy)ap -
(EEL)2p remains representative of the fatigue effects in
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the 1D longitudinal bundles. Finally if the multiple
matrix cracking is fatigue sensitive, a decrease of crack
spacing, d, can be expected ; this affects the rule of Eg,
decrease but should no influence the Egy stiffness.

In short : the stiffnesses involve the entire damage in the
specimen, the final failure involves only the behaviour of
the 1D longitudinal bundles. Of course in some cases
such as a 2D composite orientated at +45°, this very
simplifying assumption is no more realistic. More work
should be done for taking into account the damage
accumulation in complex reinforcement architectures.

5. INTERFACE CHARACTERIZATION

In this section we briefly describe, particularly in the case
of the SiC/MAS-L composite, the effect of fibre radius
both on the ISS, measured by indentation technique, and
on the fibre pull-out length, measured after specimen
failure in tension.

5.1 Influence of the roughness on the ISS

The Nicalon™ Si-O-C fibre (from Nippon Carbon) is
known to exhibit a large variation in diameter, from
roughly 5 to more than 20 micrometers, with an average
value close to 15 micrometers. This feature gives us a
good opportunity for studying the interfacial
characteristics as a function of fibre size. In addition,
recent works clearly show that the interface roughness
plays an important role in the frictional sliding
mechanisms [18, 21, 22].

In the as-received material, the interface is bonded and a
tensile thermal stress takes place. The debonding
conditions are analyzed elsewhere [23]. After debonding
and without external stress, the thermal expansion
mismatch leads to a displacement, &’, between the fibre
and the matrix surfaces, given by :

&8 =rAa AT (20)
where Ao = oy - of and AT =T - Tp, with T : testing
temperature and T : matrix processing (stress-free state)
temperature.

For the SiC/SiC composite (AaAT < 0), the
displacement 8’ leads in fact to a compressive résidual
stress ; for the SiC/MAS-L composite (AaAT > 0), &’
corresponds to a gap at the interface.

The debonding is assumed to produce a certain roughness
of the two created surfaces as described by Jero et al. [18].
In these conditions during post-debonding sliding, a radial
displacement of the fibre and matrix surfaces takes place ;
this displacement is controlled by the effective amplitude,
3, of the asperities. So long as 8" < §, the resulting
misfit leads to a compressive radial stress given by [24] :

Grad == L&; ' L
A @1
A=1-Vr+1+"m+"f(1"’m)
Er Em (1 - vr) 22)
The interfacial sliding is assumed to follow a Coulomb
law and the ISS can be written :
T=-WOrad (23)
with L : coefficient of friction, considered as a constant.

where
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This analysis neglects the effect of Poisson’s radial
expansion resulting from fibre compression during
indentation test. In the cases described thereafter
Poisson’s expansion of fibre radius remains within 10%
of the roughness amplitude. Finally the ISS is given by
the following expression :

t1=HK8 B Aq AT
Ar A 24

Fig. 11 shows how the ISS varies theoretically as a
function of the inverse of fibre radius. For SiC-SiC
composites the interface is always in compression (Fig.
11a) ; for SiC/MAS-L, there is a given radius r* where
the thermal induced gap just equals the roughness
amplitude and then the ISS vanishes (Fig. 11b).

T

(b)
0 / / 1 g
1/r*

Fig. 11 : Interfacial shear stress versus 1/r.
(@) :Ac AT <0;(b): Aa AT >0

~
—

5.2 Indentation measurements

The sliding resistance is measured by using a non-
instrumentated micro-hardness tester (Testwell) following
the method of Marshall [25], with an accuracy of about
30%. The fibre to test is carefully selected with regard to
similar arrangement of and distances from neighbouring
fibres. Its diameter is measured and the fibre is then
impressed. If the indent is not centered or if there is the
least sign of fibre splitting, this measurement is rejected.

The ISS related to sliding, T, is shown in Fig. 12 as a
function of the inverse of fibre radius. The ISS is seen to
decrease in an overall fashion as the fibre radius increases.
The observed scattering is caused by the low accuracy of
measurement, and also by the natural variability of one
fibre to another ; this includes variations of fibre and
interface properties, and differences in the neighbourhood
of each tested fibre as well. Some dots on Fig. 12
(corresponding to about 10% of the retained tests) stand
well aside the main trend and concern mainly fibres of
more than 20 micrometers diameter. This may be due to
more pronounced irregularities in the fibre geometry such
as sharper changes of the fibre diameter or the cross-
section shape along fibre axis. Nevertheless the general
trend of ISS change is in very good agreement with Equ.
24 (Fig. 11b). By taking v¢ =0, Ey, = 75 GPa, Ef = 200
GPa, Aa = - 2 1076 °C-1 and Tg = 1300 °C, we obtain,
with r* = 20 um, a roughness amplitude of & = 46 nm,
for the material studied. The slope of the best fit line
leads to a coefficient of friction : p = 0.042.

e
o

Interfacial shear stress (MPa)

—
0,12
Inverse of fibre radius ( um)

0,08

Fig. 12 : SiC/MAS-L. ISS versus 1/r.

5.3 Pull-out length analysis

In the case of a single matrix crack (or with large distance
between them), the pull-out length was analyzed by
Thouless and Evans [15] and by Sutcu [26]. A
unidirectional composite (or a 0° ply in a laminatel.
without longitudinal discontinuities (woven clothes,
macropores, ...) exhibits a saturation state in the multiple
matrix cracking process ; this assumption is taken for the
SiC/MAS-L material. In this case, the pull-out length
was analyzed in details by Curtin [27] ; the average pull-
out length is then given by :

<> =t (tL)m/mH (25)
with
B= i. <Gp,>m/m+1 [ (/m+1 ﬁf%) [l‘(mmﬂ-)]"ﬂm”

where <of,> is the average fibre strength an Lg¢ the gauge
length for measuring it ; I'(y) is the gamma function and
m the fibre Weibull’s modulus. Knowing that the ISS is
also depending on the fibre radius, we obtain finally :

.__B m+”m=‘r=L5-EAﬂ. AT
<LP> Ar

The left hand side term is obtained from Equ. 25 and the
right hand side is simply the Equ. 24.

As a result, the average pull-out length is fibre radius
depending as well.

5.4 Measurement of pull-out length

Tensile specimens of the cross-plied SiC/MAS-L
composite were tested with an hydraulic MTS 810
machine. The failure was obtained by monotonic loading,
either directly or after a great number of fatigue cycles (in
the case described here the fatigue conditions are :
320,000 cycles with S = 0.66 G,*).

Afterwards the fracture surfaces are observed by optical
microscopy. For each fibre, the diameter (2r) and the pull-
out length (Lp) are measured. These measurements are
only possible on the outer zone of the outer 0° plies of
the laminate. In these regions the thermal constraints due
to the 90° plies are less effective. The number of
measurements is sufficient for a valuable analysis for the
fibres having a diameter between 10 and 20 pm.

26) @
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The average lull-out length <Lp> is calculated for each
class of fibre radii, which are defined by the median radius
plus and minus 0.25 pm. Typical results are given on
Fig. 13 ; on this figure are only taken the averages of at
least 20 fibres in each class.

One can see that the pull-out length increases as the fibre
radius becomes larger. But the fatigued specimen exhibits
overall higher pull-out length. Hence, the fatigue cycling
leads to a significant increase of the pull-out length
which can be only explained by a decrease of the ISS.

Fig. 14 shows, as a function of 1/r, the ISS calculated by
using the left hand part of Equ. 26 (by taking also a fibre
strenth of 1500 MPa and m = 4). As we can see, the ISS
changes are in good agreement with the right hand part of
Equ. 26.

3
‘g —O— non fatigued
= —@— fatigued
o 24
c
@
g 3
s 14
a
=
m -
=

0 — 77—

6 7 B8 9 10 11
Fibre radius ( um)
Fig. 13 : SiC/MAS-L.
Pull-out length versus fibre radius.
10

Interfacial shear stress (MPa)

2 O non fatigued
| ® fatigued
0 Ll LJ L] L l L] L L L l L L L Ll
0,05 0,10 0,15 0,20

Inverse of fibre radius ( um)

Fig. 14 : Interfacial shear stress versus 1/r.

Some parameters in the term B (Equ. 25) are not clearly
quantified and therefore it is difficult to conclude about
the absolute values of the obtained ISS. Nevertheless the
straight lines on Fig. 14 exhibit seemingly the same
ordinate at the origin and therefore the lower slope for the
fatigued case indicates a decrease of the amplitude of the
roughness. This result is in very good agreement with the
idea of an interfacial wear due to the see-saw sliding
during fatigue. Of course more work must be done in
order to analyze more accurately the real wear
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phenomenon and to describe better the law of ISS
decrease, which is only expected on Fig. 7.

CONCLUSION

Fatigue test in tension-tension at room temperature on
2D woven SiC-SiC composites revealed several main
features :

i) The apparent fatigue limit is situated well beyond the
proportional limit observed during tensile test.

i) For fatigue tests conducted with a maximum imposed
stress between the proportional and fatigue limit, the
tangent moduli at the end-of-loading and at the start-of-
unloading decrease gradually. After a given number of
cycles, the difference between them stabilizes indicating
stabilization of damage and test runs out without failure.

iii) For test performed beyond the fatigue limit, the
stiffnesses evolve in a similar fashion as before, but
failure occurs before the stabilization stage.

A micromechanical model describing the mechanisms
which are at the origin of fatigue effect in the case of 1D
composite is proposed. It is based on the continuously
decrease of the interfacial shear stress, resulting from
interfacial wear due to the see-saw slidings near the
matrix cracks. As interfacial shear stress decreases, the
fraction of broken fibres increases up to a critical
instability value which determines the failure of the
specimen.

The interfacial shear stress decreases from a given initial
value to a non-zero limiting value. Depending on the
damage introduced by the first loading, two situation can
be considered : if this limiting value is reached before
instability condition is fulfilled, the accumulation of
broken fibres stops and the mechanical properties become
stabilized ; if the critical fraction of broken fibres is
reached before this stabilization takes place, the specimen
fails.

The analysis presented here gives some analytical
expressions of the lifetime diagram and of the tangent
moduli of the stress-strain loops.

For 2D composites and other complex reinforcement
architectures, some additional fatigue effects are expected
to occur in the transverse regions of the material,
modifying the rule of stiffness reduction as a function of
number of cycles.

Finally the analysis of ISS measured by indentation
method and evaluated from fibre pull-out length, shows
clearly that fatigue cyling induces a decrease of the ISS,
probably in connection with a decrease of the roughness
of the asperities at the sliding interfacial surfaces.
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Mechanical Behavior of CMCs : Crack Growth Resistance and Creep Aspects

M. GOMINA
J.L. CHERMANT

LERMAT, URA CNRS N°1317, ISMRA
6 Bd du Maréchal Juin
14050 CAEN Cedex

1. SUMMARY

This paper deals with rupture and
creep behavior of CMCs. The influence
of the specimen geometry and size on
the R-curve behavior for two types of
SiC/C/SiC composite materials were
investigated. The experimental results
obtained using in-situ matrix crack
lengths indicate that the shape of
the resistance curve depends essen-
tially on the predominant toughning
mechanism (extensive matrix micro-
cracking or fiber-matrix debonding)
whereas the frontal process zone size
is the same for both types of mate-
rials. KR-Aa curves of SENB and small

CT specimens rise as a consequence of
the ligament which cannot contain the

fully developped frontal process
zone. Using large CT specimens, a
minimum ligament slze necessary to

contain the frontal process zone and
thus a KR—Aa behavior free of struc-

ture size 1is observed.

Creep results obtained using three
point bending tests are also presen-
ted for these materials and for SiC-
MLAS materials,

2. INTRODUCTION

Continuous ceramic fiber-reinforced
ceramic matrix composites (CMCs) are
a category of structural materials
which is favourably considered regar-
ding the sustained efforts devoted to
it. The reasons for that are their
potential capabilities and the re-
sults more than encouraging obtained
during these 1last few years. The
potentialities are those of ceramic

France

materials, 1l.e. low density and che-
mical 1inertness associated with a
unique capablility in the retention of
strength at high temperature, plus
the possibility to provide multi-
directional reinforcement. Two steps
are to be distinguished regarding the
progress in the mastery of these
materials : the elaboration and the
mechanical characterization. The main
results in the control of the elabo-
ration processes indicate that effi-
cilent CMCs are obtained when the
fiber-matrix bonding is weak enough.
This is obtained when partial debon-
ding occurs on cooling the materials
from the elaboration temperature (for
interphases subject to residual ten-
sion), or through the use of an in-
terphase material (1,2). In such
materials, the fracture energy is
increased over the sum of the surface
energies of the constituants by mean
of interacting toughning mechanisms.
The most important of them are: (1)
the development of a non-linear pro-
cess zone at the tip of the macrosco-
pic crack (where matrix cracking and
fiber-matrix debonding prevail) ;
(i1) the shielding of the growing
macrocrack tip by the intact flibers
bridging the cracks walls in the
wake; (1ii) sliding and pull-out of
the broken fibers from the matrix
(governed by the frictional characte-
ristics of the debonded interface).
The reasons of the outstanding pro-
gress in the characterization of CMCs
are twofold. On the one hand, it
results from the various and recent
experimental methods developped to
assess the microstructural parameters
which govern these mechanisms (3-6)
and from the analytical approa-

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites’, April, 1993.
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ches proposed for modelling their
effects (7-10). On the second hand,
the progress 1n the mechanical cha-
racterization of CMCs follows from
the extension of linear elastic frac-
ture mechanics (LEFM) concepts to
assess non-linear fracture toughness
parameters, namely the R-curve beha-
vior (11-15). Meanwhile, only few
investigations deal with the effects
of the specimen size and geometry on
the fracture toughness of CMCs  (16),
although these enquiries had been
encountered for heterogeneous mate-
rials such as concrete, mortar and
rock (17,18). For CMCs the dependence
of fracture toughness parameters on
specimen size follows from the limi-
ted dimensions of laboratory test
pieces comparatively to the extent
of the process zone (frontal process
zone and bridging zone). The specimen
geometry and the loading configura-
tion affect the fracture parameters
since they determine the effective
mode of crack surface displacement.

Very few works concern the creep
behavior of CMCs, although creep
results are very Iimportant as it
informs on life-time and strain-time
evolution for and arbitrary loading.
One can only quote the investigations
on 2D SiCs/C/SiC (19), 1D SiC—SisN4

(20), 1D or 2D SiC-1723° (21), 2D
A1203-SIC (22) and 1D SiC-MLAS (23).

The purpose of the present study was
to examine the effects of the speci-
men size and geometry on the R-Curve
behavior for two types of SiC/C/SiC
composite materials different by the
fiber-matrix bonding. To accomplish
this, in-situ matrix crack lengths
were used for SENB and CT specimens
with different relative notch
lengths (24). Comparative investiga-
tion on the creep behavior of
SiC/C/SiC and SiC-MLAS composites are
also presented.

3. MATERIALS AND METHODS
3.1. Materials

The materials under study are two
different types of 2D SiC/C/SiC com-
posites elaborated by the Société
Européenne de Propulsion, Etablisse-

ment de Bordeaux. The reinforcement
consists in a stack of equilibrated
bidirectional woven cloths of Nicalon
fibers (NLM 202 c?ramic grade type of
ultimate strain g =1%; Young’s modu-

lus EfﬁZOO GPa; 40 Vol. %). Prior to

the deposit of the matrix, this fi-
brous architecture was coated with a
thin layer of pyrocarbon {the inter-
phase material,= 0.1 um thick).

Both the pyrocarbon and the B-SiC
ceramic matrix f(of wultimate strain
and Young’s modulus €' =~ 0.035 % and
E = 350GPa, respectively) were obtai-

ned using an 1isothermal-isobaric
chemical vapor infiltration process
(25). The remaining porosity is 10 to

15 Vol. % and the final density of.

the materials is d = 2.5 g/cm3. Mor-
phological and physical properties of
these materials have been extensively
reported (26-29). The difference
between the two types of the compo-
sites (termed type A and type B} lies
in the texture of the interphase
(30). Although the interphase mate-
rial and the matrix are the same for
both types, in type B materials the
surface of the fibers had been pre-
treated prior to the deposit of the
pyrocarbon. Hence type B materials
show a more efficient 1load transfer
capability from the fibers on the
matrix, the ultimate strain is higher
than 0.40 % whereas type A materials
possess an ultimate strain value
e = 0.20 %. For both types of mate-

rials the longitudinal Young’s modu-
lus is Ec = 230 GPa. Typical uniaxial

tensile loading curves are shown in
Fig. 1.
The SiC-MLAS nmaterials elaborated

by Aérospatiale, Etablissement de
Bordeaux, consist in a unidirection-
nal arrangement of SiC Nicalon fibers
(32 vol. %) embedded in a MLAS matrix
obtained by a sol-gel route. Physical
properties of these matgrials include
a density of 2.47 g/cm”, a Young’s
modulus of 127 GPa and a 4 point
bending strength of 800 MPa.
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Fig. 1 : Behavior of the two types of
materials under uniaxial tensile
loading. '

3.2. Specimens and mechanical tests

'The dimensions of the three point
bending tegt specimens Jwere
100x10x3.5 mm~ and 100x10x2.9 mm~ for
types A and B materials, respectively
(span L = 90 mm and width W = 10 mm).
The bending tests were displacement
controlled with a cross-head speed
Vo = 10 pum/min.

Two sizes of geometrically similar
compact tension specimens in accor-
dance with the specifications of ASTM
Standarts E399-74 were tested (W .= 20
and 40 mm, B=3 mm) and the displace-
ment of the loading point was measu-
red using a linear variable differen-
tial transducer connected between the
loading axes. For both types of spe-
cimens,- one large surface was finely
polished using different grades of
diamond paste and the notch plane was
machined in the edge-wise direction.
The relative notch depth was changed
from 0.1 to 0.4 for the SENB speci-
mens and from 0.2 to 0.5 for the CT
specimens. All the tests were run on
an electromechanical testing machine
(Schenck RMC) equiped with a 100 KN
load cell.

Creep tests were performed In three-
point bending (20x5x2 mm3). under
vacuum (~ 10~ torr) in a Sesame
opening furnace in the 1173-1673K
temperature range. The furnace is

machine. Push rods were in tungsten

8-3

with knives in TiC (@ = 5 mm). Dis-

placement was measured on the exter-
nal part of the device using several
linear variable differential transdu-
cers (with an accuracy better than 1
pm). All tests were performed at
constant stress in the 25-450 MPa
domain.

3.3. Crack length measurements
3.3.1. In-situ matrix crack length
measurement on the polished
surface

In-situ crack length measurements
were performed by monotoring the
matrix crack tip position on the
polished surface of the specimen
during the test (31). The experimen-
tal setup consists in an optical
microscope connected to a stage mo-
ving in a vertical plane parallel to
the surface of the specimen. A camera
was used for photographs; a video
camera, a monltor and a magnetoscope
could also be connected to the basic
set for records.

3.3.2.Post-mortem crack length measu-
rement on the surfaces of
rupture

For each type of specimen and for
each type of materials, identical
specimens (same relative notch
length, ao/W) were loaded at dif-

ferent levels Pi and then unloaded,

and loaded again until the reloading
loop meets the preceding wunloading
loop. Then a hot seallng wax was
pourred in the notch root in the aim
to mark the crack walls. This opera-
tion was repeted a few times. The
crack growth increment Aa1 is defined

as the mean value measured on the
front of the wax. The 1local com-
pliance value, Ci(and the permanent

displacement Ahx) associated to Piand
Aal, was measured as the tangent line

to the reloading loop passing through
the unloading point (32). Because of
the non-elastic fracture behavior,
the local compliance (i is different
from the compliance Ci when no resi-
dual displacement is present.
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3.4. Data reduction

The crack growth resistance curves
were worked out either in the form of
the potential energy dissipation per
unit area of fractured surface, R, or
in the form of the stress intensity-
derived toughness parameter, Kn' The

modified potential energy release
rate R is presented as the sum of a
pseudo-linear elastic term GR1 and a
component GR2 including dissipation
energies at the crack tip and in the
wake regions (12,15) :

_ P°dc
GR1 = = &= (1)
_ P dAh
GR2 = ¢ 5= (2)
R = GR1 + GR2 (3)

The analytical expression used for KR

is the general one for isotropic
elastic specimens : .

KR = oY¥a (4)

For SENB specimens o is the maximum
tensile stress applied in the beam
corresponding to the current crack
length a, and Y is a factor expressed
as a function of the relative notch
depth a = ao/w :

Y =1.99 - 2.47a + 12.97a%-
23.17a> + 24.8a" (5)

For CT specimens, the analytical
expression used for KR is :
K = —Pl—/z Y (a/W) (6)
BW

where Y is the polynomial proposed by
Srawley (33) :

Y = ((2+a) 7 (1-0)’?) (0.886+4, 64a-

13.32¢% + 14.72¢° - 5.60%) (7)

4. RESULTS

4.1.loading curves and in-situ matrix
crack lengths

4.1.1. SENB specimens

Figure 2a shows a monotonic 1loading
curve, the assoclated in-situ matrix
crack lengths and the crack lengths
measured on the surfaces of rupture
of identical specimens pre-stressed
at different load levels as function
of the displacement, for type A mate-
rials. A subcritical crack is obser-
ved on the surface of the specimen
whereas no wax front is noted until
the maximum load value is reached.
From Pmax onwards, the in-situ matrix
crack length is identical to the one
obtained using the wax. Type B mate-
rials behave totally different : two
or more subcritical cracks develop
from the notch root which are further
connected by microcracks parallel to
the loading axis. The macroscopic
crack reflects the successive frac-
tures of fiber bundles and 1is not
fully controlled (Fig. 2b). So, both
preceding methods for macroscopic
crack length measurement fail. But as
all the compliance lines (as defined
above) meet at the origin O (0,0), we
shall consider that type B materials
behave linear elastic. Then for the
SENB specimens of the type B mate-
rials, the crack length a is taken to
be the equivalent crack which gives
the same reloading compliance. The
iterative expression derived from a
Y(a/W) polynomial proposed by Wilson

(34) 1is wused to calculate crack
growth increments (31, 35,36).
* *»
' w_an-l Cn T “n-t
ba= a -a = > = (8)
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Fig. 2 : (a) Correlation of the mono-
tonic 1loading curve (---) to the
in-situ matrix crack lengths (¢) and
the crack lengths obtained using a
wax (o) for SENB specimens of type A
materials; b) loading-unloading curve
for SENB specimen of type B mate-
rials.

4.1.2. Compact Tension specimens

The monotonic loading curves of fi-
gures 3a and 3b are relative to a
small size specimen (W = 20 mm) and a
large specimen (W = 40mm) of type A
materials, respectively. The correla-
tions of these loading curves with
the macroscopic matrix crack growth
show that damaging initiates 1in the
earlier stage of the loading sequen-
ce, within the zone of apparent 1i-
near elastic behavior.

SIC-SIC  CT  25¢24«3mmS  qp/W=0.3
1200 14
/’—'-—-_-.
1000 1 /)’ 112
L4
8001 ——— —s 710 —
> / i8 E
£ s00¢ o £
/ ~
o ’ 16 o
4001 // <
/,, {4
2001 » |
0 e ) . A 0 :
0 100 200 300 400
h (um)
SIC=SIC CT 50448¢3 mm3
3000 30
ag/W=0.3
2500 {28
2000 20
—~ £
Z 1500 15 5
a
1000 |} 110 8
500 |} 18
0
% 800
h (um)
Fig. 3 : Monotonic loading curves

(-) and associated in-situ matrix
crack lengths for small (a) and large
(b) specimens of type A materials.

4.2. Modelling the matrix crack

»*
Usual compliance C, and 1local va-
lues, C (defined above), are- presen-
ted in figure 4 as function of the
matrix crack growth, -Aa, for large
compact tension specimens of type A
materials. As the crack grows, the
size of the bridging zone extends and
for a given grack length value, the
difference C (a) - C(a) is linked to
the importance of the bridging of the
matrix crack by the fibers (37). Fig.
5 presents a schematic of the matrix
crack in a wunidirectional composite
material (35). The usual compliance

*
C 1is related to the portion a of

the matrix crack where the crack
walls are traction free a = (a)+(b)
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(Fig. S) and its increment 1is given
by expression (8). The portion where
the matrix is fractured but the fi-
bers remain intact or are broken but
can undergo sliding in the matrix
seath is the bridged region
En = (¢) + (d) (Fig. 5) which extent

is evaluated by (38) :

»

a=(W-a) %E = (W - a) E—;E (9)

o
where (W - a) is the remaining liga-
ment ; h and Ah are the total and
residual displacements, respectively.

The matrix crack length is then :

Sn =a +a = (10)
» »
W-a_ _ C-C ¢’ -c
2n nin +(w_a) n *n
C n C
n n

SiC=SiC CT 50s48¢3 mm3

4
~ 4| acombd
= 3¢
~N
E
T et
o
*
S it
0
0 . 40
Fig. 4 : Illustration of the impor

tance of the bridging effect by the
differences betyeen the local com-
pliance C and C for large CT speci-
mens of type A materials.

G.NAVARRE-1989

a b

I I l l I l \ Lyl

ETTTTThi= s

Fig. 5 : Schematic of a propagating
crack in a unidirectional composite
material : (ao) is the notch; (b)

crack mouths are traction free; (c) .

crack months are bridged by broken
fibers; (d) matrix crack 1is bridged
by intact fibers; (e) intact remai-
ning ligament and frontal process
zone.

For both types of specimens of type A
materials, the crack lengths galned
from expression (10) are shown to
provide a fair description of the
in-situ matrix crack lengths (Fig. 6a
and 6b).

10 g 5
. .
sl
— O wax
£s ® TADA et al.
o O model
4
SiC-SiC
) 100%1043.5 mm>
T : ag/W=0.4 A
0 20 40 80 80 100

C* (+1E-7 m/N)
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Fig. 6 : Intercomparison of experi-

mental crack lengths for type A mate-
rials and results obtained from mo-
dels : (a) experimental values are
obtained using a wax; (b) experimen-
tal values are in-situ matrix crack
lengths.

4.3. Crack growth resistance curves

4.3.1. SENB specimens

The non-linear fracture parameters R,
GR1 and the GRZ2 are shown in Fig. 7a
as function of the matrix crack
length for type A materials. Starting
from a low value (= 200 J/m° ), the
resistance curve R Increases slowly
first in the domain of subcritical
crack growth and then rises as the
macroscopic crack extends toward the
opposite side of the specimen. The
quasi-elastic component GR1 remains

very low with a plateau value of 630
J/m” during quasi-static crack pro-
pagation. In figure 7a the linear

»
elastic energy release rate GR is

shown to be a falr estimation of the
resistance R. The effects of the
specimen thickness B and the relative
notch length ao/w on the resistance

curve are shown 1in figure 7b. The
influences of the crack bridging and
the remaining ligament size on the
resistance values appear clearly when
intercomparing these curves.

8-7 -
SIC-SIC  SENB  100+1063.5 mm>  ap/W=0.4
10
4 GR1
® GR2
8t OR ég
O GR* &?
o~ 6.. &
NE Ebo
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2 4l
24
A 0
[VVVVVVVVVVY'Y
0 }
0 2 4 6 8 10
a (mm)
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104 od
O B=2.9 mm, op/W=0.4 o,
. 8% 0 B=3.1 mm, a5/W=0.1 O o
NE ® B=3.5 mm, ap/W=0.4 o o.
> 6 0o e
X
e Ll
21 B
0
0 10
Fig. 7: (a) Non-linear fracture para-

meters R, GR1, GR2 and linear elastic

»
energy release rate GR as function
of the matrix crack 1length, for a
SENB specimen of type A material; (b)
influence of the specimen thickness
and of the relative notch length on
the resistance curve.

Figure 8 shows the incremental work
of fracture as a function of the
effective crack length for a specimen
of type B materials. The linear-
elastic energy release rate_reaches a
saturation value of 15 kJ/m~ after a
subcritical crack growth of 2 mm. The
KR—curve rises from an initiation

value K;n ~ 8 to 13 MPavm .up to a

plateau-like value of 40 MPavm for
both monotonic loading and loading-
unloading conditions (Fig. 9).
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Fig. 8 : Incremental work of fracture

as function of the effectlive crack
length for a SENB specimen of type B
materials. The dash 1line represents
the loading curve.
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Fig. 9 : KR-a curve for a SENB spe-
cimen of type B materials.
4.3.2. CT specimens
The 1linear elastic energy release

rate G; and the energy release rate

when non-linear fracture mechanisms
exist, R, are shown in figure 10a for
type A materials. Both parameters
increase continuously with the matrix
crack length as we pointed it out for
SENB specimens. At the opposite, the
R curve of the 1large specimens of
type A materials clearly exhibit a
maximum value when the relative notch
depth ao/w is less than 0.5 (Fig.

10b) but the quasi-elastic component
GR1 still remains at a 1low level.
This behavior of the resistance curve
is also observed for the elastic

*
energy release rate GR of small spe-

cimens of type B materials whatever
the notch depth (Fig. 11a). The maxi-
mum values reached depend strongly on
the relative notch 1length. At the

»
contrary, the GR curve of a large

specimen with a relative notch depth
ao/w = 0.2 exhibits a steady state

level of 23 kJ/m2 by a crack exten-
sion Aa = 12mm, (Fig. 11b). The
KR-curves of the small specimens of

type A materlals s?art at the same
initiation value KRn = 4.5 MPa vVm and

increase with a parabolic shape,
whatever the 1initial notch depth
(Fig. 12a).
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»
Fig. 10 : R and GR as function of

the matrix crack length for (a) small
and (b) large CT specimens of type A
materials.
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Fig. 11 : Linear elastic energy re-

lease rate for type B materials :(a)
small size CT specimens; (b) large CT
specimen.

The resistance curves associated to
the 1large specimens with relative
notch length ao/w = 0.5 behave simi-

larly b?t start from an initiation
value KRn = 3.5 MPavm (Fig. 12b). The

reduction of the relative notch
length (ao/w = 0.3 to 0.4) results in

a totally different behavior of the
KR-curve, but the initiation value is

unchanged.
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Fig. 12 : KR—a curves for type A
materials: (a) small and (b) large CT
specimens.

For small specimens of type B mate-
rials, the KR curves behave similar

to those of indentical specimens of
type A materials but t?e initiation
value is much higher (KRn =7 to 8.5

MPavm ) as a consequence of a less

weak fiber-matrix bonding (Fig. 13a).
An increase in the size of the speci-
men results in a KR—Aa curve which

increases up to a plateau value of 67
MPavm and then rises (Fig. 13b).
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Fig. 13 : KR-Aa curves for type B

materials (a) small and (b) large CT
specimen.

4.4. Creep results

The analysis of the steady-state
creep rate, €, as a function of the
applied stress, o, indicates that in
both cases several mechanisms arise
depending on stress and temperature
(Fig. 14) (19,39,40) '

In the case of SiC/C/SiC, thanks to
AIN marks (41), and then to an accu-
rate localisation of the neutral
axls, a deconvolution method has been
proposed. From bending tests the
curves of creep rate as a function of
stress in tension and in compression
have then been deduced. The obtained
threshold stress values at 1473 and
1573K are of the same order of magni-
tude than that obtained experimen-
tally during short time tests in

LIBRARY

tension (respectively 80 and 60 MPa).
The stress exponent lies between 1.4
and 2 for low stress values respec-
tively at 1473 and 1573K, and 5.6 and
3.2 for 1473 and 1573K at high
stresses.

' SiC¢-SiC

% 2D,BV

o)

1673k
1573K
s 1473K
10° |
1423k
1373k
10°} . .
20 50 100 200
R
' Sin-MLAS
;"v. | 10,8V
5 10° [ 1473k
1 -
1373k
10° -
510° [
10‘9 i N 4
10 50

Fig.14 : Change in the steady-state
creep rate, €, as a function of the
applied stress, ¢, for 2D SiC-SiC and
1D SiC-MLAS tested in three point
bending at different temperatures,
under vacuum. :

In the transitory and stationnary
stages there exists a damaging zone
with decohesion and microcracking.
Its evolution has been modelled from
the stress relaxation associated to
the transitory stage, confirming the
existence of the stationnary stage.

The origin of the change 1in stress
levels on the fibers and the inter-
faces during the transitory stage is
due to the fiber creep from 1373K and
to the fiber recrystallisation over
1473K.
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During the transitory and stationnary
stages the damaging zone exists over
a threshold stress value of which the
change has been correlated to the
measurements of interfacial shear
stress, T by push-in method (39).

Taking into account the value of the
damaging zone preceding the beginning
of the tertiary stage and in introdu-
cing a parameter of continuum damaged
mechanics, D, it has been possible to
describe the tertiary stage and then
the lifetime of this CMC from a dama-
ging parameter, D, (from the
Kachanov’s analysis).

In the case of SiC-MLAS materials,
the transitory stage has been model-
led by a Zener cell (spring parallel
to a Maxwell element) which takes
into consideration the elastic beha-
vior of the fibers and the visco-
elastic behavior of the matrix (42).

As one can see on figure 14 1in the
stationnary state, three domains
appear with lower values of n than
for SiC/C/SiC. To each domain of
stress exponent a certain damaging
feature was observed in the tensile
zone of the specimens (43,44) :

- low temperatures and low stresses :
n=0.3-0.4, with a damaging by
decohesion and matrix microcracking
parallely to the fibers,

- low temperatures and high stresses:
n 1.4, with a damaging by decohe-
sion and matrix microcracking pa-

rallely and perpendicularly to the
fibers,
- high temperatures : n = 1.0, no

damaging by microcracking is obser-
ved during the stationnary stage ;
the deformation of the composite is
governed by the viscous flow of the
vitroceramic matrix and the creep
of the SiC fiber.

To explain the mechanisms responsible

for the deformation for the two do-
mains at low temperatures (n=0.3-0.4
and =« 1.4) the hypothesis of a weak

fiber/matrix interfacial cohesion is
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proposed : it comes down to a supple-
mentary deformation which is to add
to that obtained during the transi-
tory stage. Then one considers that
parallel microcracking is 1linked to
stress concentration arising at the
interface.

5. DISCUSSION
S5.1. Matrix crack, Bridging zone size

The combination of the in-situ matrix
crack measurement using an optical
microscope with the dye penetrant
technique provides reliable natural
crack length values in fibrous compo-
site materials. Earlier investiga-
tions used directly optical crack
length values measured on the surface
of the specimen, (12,45), but with
our SiC/C/SiC materlials with c?(ci it

was worth to verify that the surface
crack lengths were identical to the
values measured on the surfaces of
rupture. Moreover, this method Iis
much more easy to implement than the
one which consists in a drilling-hole
in the specimen (46).

matrix
cracks

The interest in utilizing
cracks rather than effective
for the calculation of resistance
curves is manifest when recalling
that these materials are destined for
high temperature applications. Then
matrix fracture signifies the onset
of permanent damage, the loss of
protection provided by the matrix
against corrosion and oxidation of
the fibers.

The importance of the bridging =zone
size, represented by the difference
between the matrix crack 1length and
the value calculated using expression
(8), is shown in figure 15 as func-
tion of the crack extension for a
large CT specimen of type A mate-
rials. A steady state value of the
bridging zone size 1is not observed
even after a crack growth increment
of 20 mm. Depending on the saw-cut
notch length, the bridging zone size
increases to 7.3 mm for ao/w = 0.3 or

0.4 and 6.2 mm for ao/w = 0.5, and
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then decreases. These maximum values
correspond to crack growth increments

Aa = 14, 10 and 8 mm respectively,
that means a total crack length
a = 26 mm (from a = 12 and 16 mm)
and a = 28 mm (from o, 20 mm). The

decrease can be explained by the
progressive fracture of the fibers
located near the notch tip due to

bending as the crack enters in the
compressive zone of the remaining
ligament.
% SIC-SIC CT 50e48¢3 mm?3
~~
® ag/W=0.3
E Oug/W-CH
- M ap/W=0.5
L 10+t
® -0O-
Q
[=
o]
N
o 5t
=
o
2
-
m

0 10 20 30

Matrix crack size (mm)

Fig. 15 : Variation of the bridging
zone size as a function of the matrix
crack size for large specimens of
type A materials.

5.2. Resistance curves and frontal
process zone size

*
The resistance curves R-Aa, GR -Aa
and KR-Aa for type B materials have

been calculated assuming a linear
elastic behavior because the reloa-
ding compliances met at the origin

point. This behavior is confered by a
relatively strong fiber-matrix bon-
ding which induces an intense micro-
cracking of the brittle matrix as a
consequence of a good load transfer
from the fibers on the matrix (Fig.
16a). As the fiber-matrix debonding
is not favoured, very short pull-out
lengths are observed on the surfaces
of rupture and the fracture 1in the
brittle matrix around the fibers is
not fully brittle (Fig. 16b). More-
over, the application of the _Irwin’s
relationship KR = (E'G;)“2 when

using the,steady state values of the
K -8a and G _-Aa curves (67 MPavm and

23 kJ/m®, respectively) gives E’ =195
GPa which 1is consistent with the
longitudinal Young’s modulus Ec = 230

GPa. This testifies the linear elas-
tic behavior of type B materials
which is highly damage tolerant (47).

Fig. 16 :
of the brittle SiC matrix; (b) short
pull-out lengths and weavy fractures
on the surfaces of rupture of type B
materials.

the

From a notch depth 5, = 8 mm,

13b

rising by a crack growth Aa = 16 mm.
This corresponds to the interaction
of the frontal process zone with the
compression zone of the 1ligament or
with the opposite side of the speci-
men. The maximum size of the frontal
process zone along the direction
of crack propagation is then W =
(a0+Aa) = 16 mm, which is consistent

KR—Aa curve of figure starts

with the remaining ligament size when
the bridging zone size starts decrea-

(a) Intense microcracking .
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sing for type A materials. Hence, the
continuous increase in the resistance
curves of the SENB specimens of type
A materlals and the small CT speci-
mens of both types of materials means
that the ligaments (H—ao] were too

narrow for the frontal
to develop fully (9).

process zone

The effect of the frontal
zone size relatively to the ligament
width on the behavior of the resis-
tance curve is illustrated in figure
17 where the KH—curves of the two

process

sizes of CT specimens of type A mate-
rials are compared. Different domains
are apparent, depending on the speci-
men size :

SIC-SIC CT ap/W=0.3

150
O 50+48¢3 mm3
® 2542443 mm3 =
~ ”,
E o
7 P
c ’Ij’
= o
o :
x 1]
: A
! I
15 20 25 30
Aa(mm)
SIC-SIC CT ap/W=0.4
150
o 50-48-3|nn§
4,
I ® 2542483 mm /,D
\E 1004 i ‘9
5] ! 4
o : A
= | + TI 5
~ ! {Iijdj—crxr
501 !
< - ot
. § .
09 - - +
0 5 10 15 20
Aa (mm)
Fig. 17 : Comparison of the KR—Aa
resistance curves for a small and

large CT specimen notched at ao/w=0.3
(a) and ao/w = 0.4 (b) The diffe-

rent domains of behavior
ted :

are depic-
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- in domain I (Aa < 4mm) the KR

values are identical for both
sizes of specimen; this corres-
ponds to the creation of a fron-
tal process zone,

- domain II is observed only for
large specimens. It is characte-
rized by a full development of
the frontal process zone size
which propagates continuously
within the 1ligament. Meanwhile,
the matrix crack is bridged by
the fibers and the size of this
bridging zone has not reached a
steady-state value. In domains I
and II the Kn curves behave like

va, as far as the frontal process
zone is totally contained within
the remaining ligament,

- domain III is characterized by a
parabolic  behavior of the
KR-curve. For the small specimens

this behavior is related to the
wedge of the frontal process zone

before it reaches a steady state
size (insufficient size of the
remaining ligament) while the

matrix crack is bridged by the
fibers and damage continues gro-
wing. Large specimens behave
similarly as the frontal process
zone stumbles over the compres-
sion zone of the ligament or the
opposite side of the specimen.
Figures 18 show an example of the
surface of rupture of a CT speci-
men of type A materials.

Fig. 18 out

Long pull
observed on the surfaces of
of a CT specimen of type A materials.

lengths
rupture
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Again, the change in the behavior of
the Kn—curves from domain II to

domain III corresponds to a remaining
ligament size of 16 mm. Meanwhile,
this value has to be confirmed using
larger specimens, i.e. W > 40 mm. In
fact, for the same materials and
using the data reduction formula (6),
the results obtained by Conchin et
al. (36) give an estimate of the
frontal process zone size of 4 mm,
which is low compared to the values
discussed above. The discrepancy
should be attributed to the methods
used for crack lengths measurement
(effective crack length versus matrix
crack lengh). Thus, for the compari-
son of resistance curves, it is
important to use not only the same
data reduction formula, but also the
the same method for crack length
measurement.

SiC-MLAS, 1373K

5.3. Creep behavior

Comparison of SiC/C/SiC and SiC-MLAS
indicates that at equivalent tempera-
ture, SiC/C/SiC materials are more
creep resistant than SiC-MLAS, but it
confirms that their domain of uses is
higher.

In any case, the predominant mecha-
nisms are matrix microcracking, deco-
hesion and interfacial microcracking,
fiber creep and for glass or vitroce-
ramic matrix viscous flow.

Although these two materials are made

from the same SiC fibers (NicalonR
NLM 202), the fracture and damaging
features are in fact very different
(Fig.19) : fiber pull-out decreases
with temperature in the 1173-1473K
domain for SiC/C/SiC, while it in-
creases in the same domain for SiC-
MLAS. That evidences clearly the
predominant role of interfaces and
the importance of their degradation.

SiC/C/siC, 1373K
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SiC/C/SicC, 1473K

Fig.19 Scanning electron micro-
graphs of SiC-MLAS and SiC/C/SiC
after creep tests at different tempe-
ratures.

6. CONCLUSION

In this paper we advocate the utili-
zation of in-situ matrix crack length
as far as possible, rather than an
effective crack length, for the in-
vestigation of crack growth resis-
tance of CMCs. The application of
this method to SENB and CT specimens
of bidirectional SiC/C/SiC materials
shows that :

(1) SENB specimens may be suited
for in-situ matrix crack length
measurement, depending on the
toughning mechanism specific to
the type of materials, i.e the
fiber-matrix bonding,

(ii) crack growth resistance curves
obtained using SENB or CT spe-
cimens of small size (W = 20

mm) are strongly dependent on
the specimen size because the
full extend of the frontal
process zone (= 16 mm) is lar-
ger than the ligament size,
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(iii) for both types of materials,
crack growth resistance curves

non-dependent on specimen size
are obtained when wusing large
CT specimens (W = 40 mm),

(iv) intercomparison of the resis-
tance curves of the two types
of materials indicates that a

weak fiber-matrix bonding is
not a necessary condition for
enhancing the fracture tough-
ness. Tougher materials have
been produced by promoting
intense matrix microcracking
(type B materials) against
fiber-matrix debonding and
pull-out of broken fibers (type
A materials).

(v) attention must be paid when
comparing resistance curves
from different bibliographical
sources : the crack length
measurement method 1is 1impor-
tant.

(vi) these CMC have a high domain of
creep resistance where several
mechanisms act and the aging of
the fibers and of the interfaces
must be taken into consideration
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SUMMARY

A survey is presented of research aimed at an
understanding of the relation between microstructure,
interface properties and macromechanical behaviour of
a range of silicate (glass ceramic) and nitride matrix

‘omposites.

For silicate CMCs, hot-pressing cycle (P/T) in relation
to matrix chemistry and fibre type is critical in avoiding
mechanical and chemical damage of fibres with
consequent reduction in ultimate CMC strength.

Interfacial debond and shear stresses, measured via a
fibre ’push-down’ indentation technique exhibit a wide
variation, dependent on CMC processing time,
temperature and matrix chemistry and thermal expansion.
*Graceful’ failure, typified by 3 stage stress-strain
curves, may be obtained for debond energies I' and shear
stresses 7 up to ~20 Jm? and ~50 MPa, respectively.

Interface-oxidation-induced property degradation occurs
at intermediate temperatures (400-800°C) but is
suppressed at higher temperatures by passive oxidation
of SiC fibre ends which prevents further carbon interface
removal by channelled reaction.

Higher temperature SiC (Textron CVD) monofilament
based CMCs with Si;N, (SRBSN) matrices have been
fabricated using tape-cast matrix preforms. Partially
sacrificial C-coatings on the monofilaments provide low
I’ and 7 interfaces and result in ideal composite response
with separation between matrix cracking stress and
ultimate stress, followed by filament pull-out. Although
interface oxidation is a limiting problem for creep and
stress rupture, these properties are superior to turbine
superalloys.

1. INTRODUCTION

Of the many potential applications of ceramic materials
in aerospace, the aero-engine field exemplifies the most
demanding properties in relation to temperature, stress
and environment, driven by the need for enhanced
performance and efficiency. Improvements in materials
and aerothermal technology over the past 50 years have
resulted in increased thrust to weight ratios from 3:1 to

10:1 and take-off thrusts from 1000lbs to 50,000lbs.
This trend would indicate respective values of 20:1 and

80,000Ibs within the next decade, together with an aim
of increased thermal efficiency via compression ratios up
to 40/1 coupled with turbine entry temperatures
approaching that for stoichiometric combustion
(~2000K for kerosine). The attainment of such
performance figures requires ceramic/metal substitution
with the benefits of higher specific stiffness and strength
at elevated temperatures.

After more than 20 years, in a number of national
turbine-oriented programmes, few ceramic components
have attained more than demonstrator-engine status. It
is now generally recognised that for ’high-risk’
aerospace applications the use of probabilistic failure
criteria, intrinsic to brittle monolithic ceramics, is not
acceptable without significant enhancement of fracture
toughness (Kc).

The concept of 'damage-tolerance’ via stress-transfer to
high modulus aligned fibres following matrix
microcracking in a service overload transient has been
repeatedly demonstrated in CMCs. The classical 3 stage
stress-strain response of long-fibre CMCs has also been
modelled theoretically, consisting of a linear elastic
range followed by a reduced modulus during progressive
matrix cracking, reaching an ultimate stress at which
fibre failure initiates and a final reduced-stress range
associated with energy absorption during fibre pull-out.
However, there are major problems in the application of
CMCs concerning the difficulty and cost of fabrication,
availability of small diameter (~ 10um) fibres with high
temperature stability during fabrication or service and
the synthesis of chemically-compatible and
environmentally stable fibre/matrix interface layers
which have a suitable debond and shear property within
a range of high-temperature matrices. For one or more
of these reasons it may be argued that existing CMCs
have very limited application potential as aerospace
materials, especially at temperatures above 1000°C.
However, during the advance of new fibre syntheses,
interface development and fabrication processes they will
continue to be useful experimental models for generic
CMC behaviour.

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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Most current CMCs based on polymer-precursor SiC-
based fibres (Nicalon and Tyranno type) have a

fortuitous combination of composition (Si-C-O) and non-

crystalline structure which produces a controlled reaction
with silicate matrices during fabrication, resulting in
carbon-rich interfaces with appropriate debond/shear
property. Based on the earlier work of Prewo et al [1],
aluminosilicate glass composites such as Li,O-AlLO,-
SiO,(LAS) have been used as matrices, in model
composites, which form low thermal expansion phases
on crystallisation (e.g. spodumene). More recently CaO-
Al)0;-Si0, (CAS) matrix composites have been produced
commercially (Coming, USA) and used in many basic
studies of mechanical behaviour. However, relatively
few research programmes have concentrated on the
systematic variation in interface, matrix and processing
parameters in comparing a wider range of microstructure
with theoretical prediction. This has been the theme of
a number of projects at Warwick which are reviewed in
this paper. The research concerns a range of glass and
glass-ceramic (silicate) matrix CMCs with differing
chemistry and processing parameters together with
higher-temperature CMCs composed of CVD SiC
monofilaments within silicon nitride or sialon matrices.

2. GLASS AND GLASS-CERAMIC MATRIX
COMPOSITES

2.1 Processing and Ultimate Strength
The ultimate theoretical strength (o) of a unidirectional
CMC has to be less than that given by the unrealistic
assumption of equal load-sharing by all fibres in the
cross-section;
0, = V; S, where V; = fibre volume fraction (1)
and S = mean fibre strength
More realistic theories involve the statistics for fibre
strength (specified by the Weibull modulus m); the
treatments of Rosen [2] and, more recently, Thouless et
al [3] yield similar values for ¢, but are based on
differing assumptions about stress-distribution within
fibres in relation to their failure origin. The Thouless et
al analysis requires a knowledge of fibre/matrix interface
shear stress 7 and matrix microcrack spacing D in
addition to m, fibre radius R and strength S;

1_(1_;_2)111-01
0,=V; S exp |- 5 2)
11-(1-)m
m+1[1-( RS)]

Using measured values for Nicalon fibres in various
glass (borosilicate) and glass ceramic matrices these
’lower-bound’ values for ¢, may be compared with
experimental values from 3 point bend specimens (typical
size S0mm X 3mm depth). In making this comparison
it is clear that whereas the higher temperature fabricated
glass ceramic matrix composites (GCMCs) provide

reasonable agreement with equation 2, with lower
temperature glass matrices o,, may approach the upper
limit (Fig.1). A simplistic explanation (although not
widely discussed in the literature) is that of thermal
degradation of fibre strength and Weibull modulus which
is known to occur in the isolated fibre state. Another
possibility is that of surface mechanical damage induced
by premature crystallisation and absence of totally
viscous-flow-densification during hot-pressing. These
observations have prompted a more detailed study and
refinement of composition and processing variables in
relation to fibre surface condition, covering a series of
GMCs and GCMCs.

Critical features of the pressure/temperature cycle during
hot pressing were a delayed pressure application until
beyond the glass softening temperature and a critical
choice of pressing isotherm in relation to crystallisation
kinetics for GCMCs. Some of these features are
summarised in Fig.2 which compares P and T profiles,
with the *C-curve’ for initiation of crystallisation. There.
is some control of the latter, and of glass softening
range by selection of off-stoichiometric silicate
compositions; the most convenient choice is near a
eutectic join between primary phase (e.g. low thermal
expansion aluminosilicates CAS-anorthite or MAS-
cordierite) and binary silicate (wollastonite, CaSiO, or
enstatite, MgSi0;). This also facilitates control of
matrix thermal expansion o relative to that of the fibre
[4], for example cordierite (@ ~ 2.6 x 10 in phase-
mixture with enstatite (@ 8 x 10 may span the range
from negative to positive values with respect to SiC
(Nicalon o ~ 3.1 x 10%).

In addition to P/T cycle and matrix composition, choice
of fibre is important in minimising surface ’chemical’
damage; carbon precoated Nicalon 607 inhibits
interfacial cross-diffusion associated with the formation
of C-rich layers by in-situ reaction and retains the
pristine fibre surface topography and strength.

The remarkable elevation in GCMC bend strength
associated with these combinéd processing/chemistry
changes is illustrated in Fig.1. The MAS matrix
composites have an unsurpassed strength near to the
upper-bound in parallel with the borosilicate GMCs. A
more limited range of processing variables have been
applied to the CAS-matrix compositions but their
strength is above that for near-stoichiometric CAS-
matrix composites produced commercially (Corning,
USA).

In comparing absolute values of ultimate strength with
theory there are inevitable difficulties in using bend test
data and the lack of precise data for fibre strength and
Weibull modulus ’in-situ’ after processing. However it
is clear that there is little mechanical, thermal or
chemical degradation in fibre properties with optimised
processing since the lower bound strengths (assuming a
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Composite ultimate
strength ( MPa ).
2000 VsS.
T Pyrex /NL-607. ©
] MAS /NL -607. B
1600 - MAS /NL-201. e
: CAS Coming. A
1200 A
800 -
400
0 L T L | L I ¥. I * ] L I & 1 ¥ I Y T i 1 L2 1 L T L L) G
0 10 20 30 40 50 60 70

Volume Fraction of Fibres ( Ve).

A sample of ultimate bend fracture stresses (o,) for GMCs and GCMCs illustrating the improvement in g,
for MAS compositions relative to borosilicate matrix composites with optimised processing. The reference
lines represent typical g, - V, relations for tensile fracture according to theory [3,5].

Fig.1
Temperature.
Pressure.
Te.
........ -- Temperature
- Profile.
T-T-T Curve.
,-"‘ ________ A.\_ - Pressure
£ Profile.
i 1
Time.

Fig.2

Typical pressure/temperature cycle for GCMC
hot-pressing to optimise matrix densification
and avoid fibre damage. Pressure application
is delayed until glass softening and is followed
by rapid densification in the interval before
substantial matrix crystallisation (shown via the
T-T-T curve in relation to liquidus temperature
Te).

Stress (MPa). .
1200- Ultimate Bend Strength
E= 154414 GPa. Oyps= 1083112 MPa.
1000
800 { oppy= 635425 MPa.

Acoustic Emission Profile.

400 1
200 1
0
0 0.2 04 0.6 08 - 1 1.2 14
Deflection (mm)
Fig.3 3 point bend stress/deflection plot for a high

strength Nicalon 607/MAS matrix composite.
Acoustic emission from the composite is
recorded during the test to indicate the
initiation of matrix cracking.
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Weibull modulus of 3) in Fig.1 use pristine fibre values
of ~ 2.7 GPa. This data also supports the recent
refinement to theory which assumes that broken fibres
may support load by matrix stress-transfer at positions
remote from the fracture origin. Curtin [5] has shown
that such analysis may increase o, by ~30% for m ~3-
4. 1t is also necessary to correct experimental data for
variations in interfacial shear property (7), although for
existing theories (equation 2) g, is a relatively insensitive
(slowly decreasing) function of 7.

2.2 Interface Microstructure, Micromechanics and
Matrix Microcracking
In addition to ultimate strength, values of matrix
cracking stress and interfacial debond/shear stresses are
critical parameters which dictate composite design
criteria, for example, the notch sensitivity of CMCs [6].
In general high ratios of ultimate strength (o)) to
microcracking stress (o) are required and the latter is
associated with low values for interfacial shear stress (7)
in systems with low interface debond energy (I').
However, for environmentally sensitive interfaces, such
as carbon in oxidising conditions, it is preferable to
maintain a moderate g, to prevent atmospheric exposure.

An attempt has been made to use GMCs and GCMCs to
experimentally model microcracking response in relation
to variations in interface microstructure and
micromechanical measurements of debond and shear
property. Microcracking stresses may be estimated from
the thresholds for significant acoustic emission from
bend specimens, which is considered more reliable that
the detection of non-linearity in stress-strain. Fig.3 is an
example of acoustic signal in comparison with a 3pt.
bend stress/deflection relation from the high-strength
MAS matrix composite. To measure 7 and I' the
technique pioneered by Marshall and Oliver [7] using
indentation ’'push-down’ of exposed fibre ends on
transverse polished surfaces has been used. A novel
indent system, operating within a scanning electron
microscope (SEM), has been developed [8] which has a
higher load capability than conventional 'nano indentors’
(20N compared to 0.IN). A smaller radius diamond
indentor also enables greater fibre sliding distances (u),
measured to a positional resolution of <10 nm using a
capacitive gauge attached to the end of a computer-
controlled piezo ’inchworm’ translator. Load (F) is
continuously monitored to a precision of <1mN using a
hard’ piezo load-cell directly interfaced with the
diamond mounting. Within the SEM a simultaneous
monitoring of image enables an exact indentor
positioning and a correlation of interface debond and
sliding events with discontinuities in load/displacement
curves. Software has been developed to facilitate the
subtraction of displacements due to indent-plasticity and
to plot the F? vs u relation [8] from which I' and 7 are
calculated using intercept and gradient, respectively.

The indentation response is dependent on interface

ERO

microstructure and, in turn, on processing parameters
and matrix and fibre chemistry [9]. Typical extremes in
behaviour are exemplified (Fig.4) by a Nicalon 607/LAS
composite (low o matrix), which exhibits continuous
debond/shear, and the Nicalon/MAS composite in which
the fibres have been CVD precoated with a double layer
(C + SiC). The CVD conditions have created some
reaction with the fibre which results in a high debond
energy and rapid shear-crack propagation.

0.67
Bi-layer coated
o fibres / MAS
.47
Load 0
N) 0.34
0.2
0.1
0 1 2 3 4 5 6
Tip Displacement ( pm )
Fig 4. Force-displacement curves from fibre ‘push-

down’ tests, using SEM-based microindentation
[4,8]. The curves show extremes of behaviour
from a Nicalon/LAS composite with low debond
energy and shear stress (I' = 2Im?), 7 = 14
MPa) to a Nicalon/MAS composite with bi-layer
CVD interface which has a high debond energy
(I' = 60 Jm®) and shear stress (1 ~60 MPa).

Values of 2I" and 7 are listed in Table 1 for a range of
GCMCs and interface types from which a few general
conclusions may be obtained:-

(i)  Interfaces produced by natural processing reaction
or by carbon precoating followed by processing reaction
exhibit a range of debond and shear parameter, the
values of which are influenced by time and temperature
of hot-pressing as well as matrix chemistry and thermal
expansion.

(ii)  The gradation in matrix microcracking stress (g,
follows that in 7 but the precise correlation with theory
is inhibited by the uncertainty in o, defined by the
acoustic emission threshold.

Using appropriate values for V; (~40%), fibre and
matrix moduli, fibre radius (r = 7-8um for Nicalon) and
matrix fracture energy (I",), combined with experimental
values of 7, only moderate agreement with experimental
0, values is obtained from the expression [10];
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Table 1. Interfacial debond energies I’ and shear stresses T for various glass and glass-ceramic

matrix composites together with experimental and theoretical matrix microcracking stresses.

Composite. 2 /Jm* | © /MPa | o/ 10°C”| o,/MPa Teoretical O/ MPu
inc. res.stress w/0 res_stress
CAS/Nicalon as pressed 96+1.2 25+3 390 £ 30 450 370
CAS/Nicalon, 700°C 134178 87+ 53 45 250+ 30
CAS/Nicalon, 1200°C 118+18 253 420+ 30
MAS/Nicalon - 607
As pressed 124+54 48 + 15 55 640 690 530
Borosilicate/Nicalon 607
950°C. 20min. 17.8+8.6 | 111+ 108 1000
32
Borosilicate/Nicalon 607
1100°C, 20min. 20+7 519 600 510 510
LAS / Nicalon - 607 22108 14510 1.5 —_— 230 350
BMAS/Tyriong 12+16 | 2547 S 450 490
as pressed
2.7
BMAS/Tyranno
1200°C, 100hrs. 1.8+08 285 —_—
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r E2 (1-V) E,
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(where p = longitudinal residual stress in matrix)

(ii1)  Typical composite behaviour (a 3-stage stress-
strain relation) is observed for 2I' and 7 values up to
~20 Jm? and ~ 50 MPa, respectively. The
theoretically-predicted debond condition I' (interface)/T
(fibre) <'% is apparently not obeyed, assuming typical
I' (fibre) values <10 Jm? Alternatively, measured
values for I' (interface) are too large.

(iv) The influence of thermal expamsion mismatch
between fibre and matrix on I' and 7 is visible in
comparing LAS and CAS matrices which give rise to
similar interface microstructures but a reversal (from-ve
to + ve) in the o values relative to the fibre. For
borosilicate matrices, which have similar o values to the
fibre, the high I' and 7 values are dominated by the
limited interface reaction thickmess at the lower
fabrication temperature.

(v)  The insensitivity of I', 7 and o, to high
temperature (1000-1200°C) oxidising heat-treatment
contrasts with that at lower temperatures (400-800°C);
these differences are explained in the following section.

2.3 Thermal and Environmental Stability

The influence of heat treatment in oxidising (air)
environment on interface properties and on
macromechanical response has been studied principally
for MAS and CAS compositions. The observed
behaviour is generic for composites with C-enriched
interfaces; a retention in strength with little change in
interface behaviour above ~ 1000°C and a reduced
strength with enhanced statistical spread in strength and
interface property in the 400-800° interval.

The data, summarised in Table I, may be explained by
the active oxidation (CO or CO, loss) of C-rich
interfaces at intermediate temperatures by ’'channelled’,
longitudinal, gas transport along fibre interfaces from
exposed fibre ends. There is a limited fibre surface
oxidative degradation and minimal fibre-matrix
'bridging’, giving reduced fibre strength and
considerable variation in 7. Above 1000°C passive
oxidation of SiC (SiO, formation) inhibits continued
'channelled’ reaction from fibre ends. Further oxygen
ingress is limited, in the absence of matrix cracking, to
diffusion through the glass-ceramic [11, 12]. Matrix
diffusion is surprisingly slow in well-crystallised glass

ceramics and, for example, in the CAS composition
interface oxidation is limited to a few fibre diameters
(10-30um) from the free surface. In this surface layer
fibre/matrix interfaces are totally 'bridged’ by SiO, and
exhibit immeasurably-high debond and shear levels
consistent with zero interface crack deflection. An
image of near-surface bridged interfaces in comparison
with "bulk; fibres is illustrated in Fig.5.

An important observation is the retention of composite
(and hence fibre) strength in the protected state within
silicate matrices even following long heat-treatment
(> 100 hours) up to 1200°C. This is accompanied by a
measurable change in order (or microcrystallite size) in
Nicalon fibres and demonstrates that the key problem of
strength-loss is related to changes in surface
microstructure, probably oxidation-induced.

2.4 Time-Dependent Deformation

There is a limited literature on creep deformation or
stress-rupture of long fibre CMCs although some
attempts have been made to model composite creep
rates, assuming efficient load transfer between matrix
and fibre [13, 14]. Preliminary data has been obtained
for bend and tensile creep of GMCs and GCMCs at
stress levels below o, within two temperature regimes;
that where both fibre and matrix undergo measurable
creep in the isolated state (above ~ 1000°C for
Nicalon) and that where fibres exhibit only elastic
deformation.

There is approximate agreement with theoretical
prediction:-

(i) Creep rates (€) are largely fibre-controlled and
hence much smaller than matrix rates

(i)  Nicalon/borosilicate glass composites are limited
(by glass softening) to temperatures (400-600°C) where
fibres are elastic and hence undergo transient creep; the
rate of approach to zero creep (Fig.6) is related to
matrix creep rate and hence temperature, which agrees
with theory [13];

é=aeél- (V,/o) el

and E;, E_ are Young moduli of fibre and matrix, V, =
fibre fraction and n = matrix stress exponent

(iiil) GCMCs above ~ 1000°C exhibit classical
primary + steady state creep at a composite

rate & dictated by load-sharing between fibre and
matrix [14];
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foKU.2. %1, 30

Al I Al
& X-ray line scans across the fibre/ &

matrix interfaces.
«—— —

S
Si (N Si

Sectional SEM image and X-ray analysis line scans illustrating interface oxidation (carbon removal followed
by 8i0, ‘bridging’) only within 1-2 fibre diameters from the free surface after 100 hours at 1200°C. Fibres
below this level are protected by slow oxygen diffusion rates through the CAS glass-ceramic matrix.

14

1 !GC matrix
127 1107571

[}
I
I

CREEP RATES - 100MPa

Asymptotic strain for the elastic fibre model

Z—>=n

B

o e rr—r—v—-r—r-r-r-rrr-r-r—r—-rr-r-r—r—rrr—r—r—rrr—r—rrrrrrr———rr

0 0.5 1 1.5 2 25 3 35 4 4.5 5

TIME s x10°

Creep curves modelled for U.D. Nicalon GMCs and GCMCs corresponding to differing temperature regimes:
(a) and (b) typify transient creep (elastic fibres) for borosilicate matrix composites at 450°C and 480°C,
respectively. Creep curve (c) combines transient and steady-state creep at a higher temperature (1150°C)
where fibres and matrix undergo creep (fibre creep rates ~ 1% of matrix rates for Nicalon/MAS, CAS.
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where fibre and matrix creep rates (&, etc) for
stresses (oy, etc) are measured in isolation and give stress
exponents n and m, respectively.

A more precise quantitative comparison of theoretical
and experimental creep curves will require data for

& Jo,., relevant to specific compositions and
microstructures of matrices. For temperatures above
~1100°C the stability of both fibre and matrix
microstructure, with respect to crystal growth, may
introduce a long-term transient creep. There is evidence
that oxidative interface reactions in the critical 400-
800°C interval may be responsible for reduced stress-
rupture lifetimes, due to loss of fibre strength.

3. HIGH TEMPERATURE NITRIDE-MATRIX
COMPOSITES

3.1 Processing Constraints and Microstructure

In the quest for higher temperature performance there is
a recognition that currently-available polymer-precursor
fibres are intrinsically unstable above 1100-1200°C.
Whereas the ultimate solution may rest with oriented
oxide monofilaments, there have been a number of CMC
studies using CVD SiC monofilaments (Textron SCS)
which have a modest strength retention and
microstructural stability to ~1400°C. They may be
incorporated within reaction-bonded silicon nitride
(RBSN) at such fabrication temperatures [15] but matrix
porosity results in a susceptibility to oxidation of pre-
coated carbon-rich interfaces (typically using SCS6 grade
filaments). A novel approach to matrix densification, at
Warwick, utilises the SRBSN route of intermediate
temperature nitriding/partial sintering, using a Si/Si,N,
powder mix containing a liquid-sintering aid, followed
by a brief liquid sintering under pressure at ~1700°C
[16,17]. Single layer filament + powder preforms are
made by simultaneous filament winding and tape-casting
which produces a regular microstructure on subsequent
layer-stacking, nitriding and hot-pressing (Fig.7).

The CVD monofilaments appear to tolerate short
excursions to the final sintering temperature with little
change in the fine columnar SiC crystal size but with the
appearance of microporosity (possibly due to free Si or
C reaction/evaporation). A key to composite
performance is the survival of part of the carbon
precoating; the reaction 3C + Si;N, = 38iC + 2N, may
be shown (using the MTDATA thermodynamic
programme - NPL, UK) to proceed in favour of SiC
above a critical temperature of ~1400°C at 1
atmosphere N, partial pressure. Continued reaction is

limited by diffusion through the SiC reaction layer which
is clearly visible in sectional micrographs (Fig.7) which
illustrate the retention of >4um of the, initially, 6um
carbon coating. The matrix is a typical liquid-phase
sintered (SRBSN) microstructure of micron-sized $Si;N,
or (3’ Sialon crystals in a glassy residue of the sintering
medium (MgO, Al,O, and Y,0, additives were used in
varied combination [17]).

Interface microstructure is unstable for long heat-
treatments in oxidising atmospheres (100-1000 hours in
the 1000-1400°C interval) due to channelled reaction
from fibre ends. Channel closure due to passive
SiC/Si,N, oxidation is less effective in these
microstructures which have very large interface widths
(~5 pm compared with ~50 nm in GCMCs).

3.2 Micro and Macromechanical Behaviour
Interfacial mechanical data, obtained from filament
'push-through’ tests yield shear stresses, 7, of 2-4MPa,
with little change from the relatively low debond shea;
stress (Fig.8). Debonding and shear occurs at the inner
carbon interface of the fibre coating and not at the outer
reaction interface (Fig.9). The low debond and shear
values may result from thermally-induced separation
over part of the interface due to the higher expansion
coefficient of the fibre. There is little change in 7 with
oxidising heat-treatments up to ~ 100 hours at 1200°C,
during which only partial carbon removal occurs. For
longer times 7 is reduced to negligible levels, with total
filament debonding during specimen polishing.

Bend and tensile testing of unidirectional materials
demonstrates a typical composite response of load-
carrying ability after matrix cracking. Stress-strain
curves (Fig.10) exhibit substantial non-linearity
following the first ’burst’ of acoustic emission but
extensive multiple matrix microcracking is not common
in view of the large fibre radii, low 7 and low volume
fraction (~25 %); a theoretical estimate of crack spacing
is in the 10mm range, orders of magnitude greater than
for the fine SiC fibres which also have higher 7 values
in GCMC matrices. Extensive filament pull-out is
observed, especially in tensile tests (Fig.11), with
estimates of work-of-fracture from pull-out and fibre
relaxation totalling 23kJm?.  Estimates of residual
filament fracture stress after 1700°C fabrication
indicates a 50% strength retention (~ 1800 MPa).
Values of flexure strength of 750 MPa and first cracking
stress of 640 MPa are the highest recorded for this class
of CMC containing SiC monofilaments. These values
fall to 560 and 540 MPa, respectively at 1200°C with
little change in fracture mode but with reduced ’pull-out’
contribution to the work of fracture.

Specimens subjected to long-term high temperature
oxidation exhibit linear behaviour to the maximum bend
stress and a 40-50% reduction in the latter for 1000°C
and 1400°C pretreatments. Acoustic emission occurs
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Sectional SEM images of a SiC monofilament/Si,N, matrix composite showing filament distribution
(a), partially-reacted interface layer (b) and filament microstructure after high-temperature (1700°C)

fabrication.

debonding event  Vickers indentor contact
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Force-displacement plot from an SEM-based
indentation ‘push-through’ test to measure
interface debond and shear stresses for SiC
monofilament/SRBSN matrix composites. The
peak force represents the initial debond,
followed by frictional sliding of the filament at
nearly constant force.

Fig.9

SEM image recorded after indentation ‘push
through’ of a SiC monofilament, illustrating
preferred debond and shear at the inner C/SiC
interface.
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Acoustic emmission

; Acoustic emmission 400 Stres 5 Count rate/ )
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800 4 arbitrary units | 3000 p
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Fig.10 Stress-deflection and stress-elongation curves for 3 point bend (a) and tension (b) tests on a SiC
monofilament/SRBSN matrix U.D. composite. Acoustic emission traces are used to detect matrix cracking
for comparison with non-linearities in stress-strain plots.

Stress/MPa
50 100 200 300 500
| | | | 1
6— 10®
HPSN (MgO) 107
T 1300°C 10
Cre,f:pI
rate s’
= —10®
SiC/SRBSN
/‘ 1300°C
imm WD39
-9
-9.— HIP Si3N, —10
(Y,04,8i03)
1300°C

I I |
18 2.0 22 2.4 2.6

log(stress)

Fig.11 Tensile fracture surface from a SiC Fig.12 Bend-creep data for a SiC monofilament/SRBSN
monofilament/SRBSN matrix U.D. composite matrix U.D. composite compared with two
showing extensive filament pull-out and matrix grades of monolithic silicon nitride ceramic.
cracking.



TECHNICAL LIBRARY

prior to peak stress in oxidised specimens, which may be
related to fibre/matrix shear with reduced debond stress.
Work of fracture is reduced in parallel with observation
of smaller pull-out lengths and reduced filament strength,
probably due to atmospheric interaction (it is known that
uncoated monofilaments suffer a 50% strength reduction

[18]).

3.3 High Temperature Creep and Stress-Rupture
Bend-creep has been studied at 1300°C for stresses
between 150 and 300 MPa (i.e. below the matrix
cracking stress in the linear part of the stress-strain plot
for constant-imposed strain rate test). For all stress
levels the creep curves may be resolved into transient
and steady state components consistent with a partial load
transfer to * the monofilaments which have been
calculated, from literature data [19], to creep in the
isolated state at a slower rate than the composite. All
creep curves have the form modelled in Fig.6, consistent
with a temperature for measurable simultaneous creep of

th matrix and fibre. Unlike GCMCs the disparity in
matrix and fibre creep rates is not large; in Fig.12 a set
of 1300°C creep data for two types of matrix Si;N, in
the monolithic state is compared with that for the
composite which has a matrix microstructure more
closely related to the HPSN (upper shaded area). The
HIP Si;N, is an example of a creep-resistant ceramic
with an intergranular residue in the crystalline state.
Although there is a considerable scatter in creep stress-
exponents from bath-to-batch of the pressed composite
(Fig.12) they are generally higher than unity, typical of
the matrix ceramic containing glassy residues which act
as creep-cavity nuclei.

Stress-rupture tests were conducted between 200 MPa
and 400 MPa at 1300°C, using 500 MPa as a zero-time
failure stress based on monotonic tests between 1200 and
1400°C. Unlike refined monolithic matrix ceramics,
which may exhibit stress thresholds below which no
failure occurs within 1000 hours [20], the composite
appears to show an almost stress-independent failure
limit at ~1000 hours. This is symptomatic of a time-
dependent interface oxidation coupled with fibre strength
degradation. The data has been plotted for comparative
purposes in the form of a ’'Larsen-Miller’ diagram
(Fig.13) which combines time (t) and temperature (T) on
a single axis via a parameter P = T log (C + t). The
constant C is empirically adjusted to enable data from
different temperatures to fall on the same line. The data
for various stages in evolution of ’superalloy’ turbine
materials is compared with that for the CMC which
shows a significant increment in Larsen-Miller parameter
P, at least for low stress levels.

4. CONCLUSIONS

The selection of pressure/temperature cycle in relation to
matrix chemistry and initial fibre condition is critical in
avoiding mechanical and chemical damage to fibre
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surfaces during fabrication of CMCs. With optimised
conditions GCMCs with ultimate bend strengths in
excess of 1 GPa are obtainable. High ultimate strength
is important in relation to an ability to maintain
moderate ratios of ¢ /g, for varying o,,. The value of o,
in GCMCs is most conveniently controlled via interfacial
shear stress 7 which varies, typically, from 10-50 MPa
and is a function of time and temperature of fabrication
as well as chemistry and thermal expansion of matrix
relative to fibre. Measured values of fibre-matrix
debond energy are sometimes higher than the theoretical
limits predicted for ideal composite response.

Interface oxidation is a critical problem at intermediate-
temperatures (400-800°C) due to channelled reaction
from fibre ends. This mechanism is suppressed above
~1000°C by channel-blocking with the SiO, oxidation
product of SiC. A silicate-coating or preoxidation
treatment of exposed fibre ends may resolve the
intermediate temperature problem but a stress limit
remains that for microcrack exposure of interfaces.

Textron CVD SiC monofilament-reinforced Sialon and
Silicon Nitride matrices have been explored as higher
temperature CMCs. A novel preform-preparation
method using matrix tape-casting has been used in
conjunction with SRBSN matrix chemistry/processing.
Composite response and moderate fracture energy may
be achieved utilising a partially-sacrificial thick C-rich
interface which has a very low 7 value (2-4 MPa). The
oxidation problem of C-rich interfaces is retained at
higher temperatures than for GCMCs due to the
difficulty in channel-blocking of thick interfaces.
Despite the oxidation problem creep and stress-rupture
properties exhibit useful increments over turbine
superalloys.
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Stress-rupture data for a SiC monofilament/SRBSN matrix composite compared with that for a range of turbine
superalloys and a typical monolithic silicon nitride (data from [21]). The Larsen-Miller parameter (P = T log
[c+t]) is used to compare the time/temperature influence on a single axis.
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CMC are new materials with specific features regarding
damage and rupture. A good CMC performs as non britlle,
damageable material, with nearly no stress concentration
sensitivity. Such behaviour is the base of their structural
capacities. But past design experience has to be adapted 1o
take advantage of this.

Several characterisation levels are necessary to achieve a
material data base relevant for parts design. Standard devia-
tion knowledge and tests coupons similarity with actual
parts has to be checked carefully, as fiber volume fraction
or residual porosity have an impact on test results. For long
time uses, CMC performances are affected by fatigue and
ageing. Mechanical or thermal fatigue, without oxydation
or corrrosion, is not detrimental to those composites. They
can sustain millions of cycles at high stress levels. Chemical
ettects are of far greater importance, and may modify stron-
gly strength and elongation to rupture. Life time predictions
depend upon an accurate knowledge of environmental
conditions, then a good set of representative tests.

Powerful mechanical and thermal code are used for optimi-
sed design analysis. At high load or elongation levels, non
linear stress strain relationship has to be modelled. Stiffness
matrix changes can be determined by simple tests, but ten-
sion shear interaction needs more sophisticated experiments.
Statistical approaches for safety factors are under develop-
ment and may be of interest for future methodologies.

Nevertheless, singularities, of shape or thickness have to be
dealt with specifically, and first in the load transfer areas.
Results of analysis are compared with tests performed on
technological sample, simplified in order to measure rele-
vant data. Such failure criteria for complex load cases are
still to be worked on, taking into account in plane and out of
plane stresses and strains, and shear which may be strongly
improved under compression.

Scientists have always been passionately fond of extremes
and the high temperature field does not make an exception
to the rule. This field is particularly difficult to approach
and therefore interesting for it presents the characteristic of
complicating both the theoretical aspects, like aerodynamic
or combustion, and more pragmatic considerations, such as
the materials and structures that must keep on ensuring their
functions in conditions that are becoming more and more
severe while presenting constantly improved performances.

It is obvious that in these conditions, refractory metal mate-
rials are handicapped. For instance superalloys present too
low operating temperatures, ranging from 900 K to 1250 K,
and require an active cooling that reduces performance.
Ultra-refractories, such as niobium or thenium, are handicap-
ped by deceptive mass or rigidity balances and high costs.

As for technical ceramics, which are well adapted to these
conditions, their brittleness and defect sensitivity is often
prohibitive for applications of structural type.

Ceramic matrix composites (CMC) are making up a new
material family that presents a significant potential for ther-
mostructure design. They show a good specific strength and
stiffness up to high temperatures and these characteristics
are associated to non-fragile behaviours which do corres-
pond to the designer practical requirements.

This document, after a short description of the CMC most
used by SEP designers, presents a thought on part design
and dimensioning with these materials. An approach of the
currently used general methodology is presented, followed
by various comments specific to the use of these materials.
Finally, we give some examples of singular behaviors,
which are currently poorly controlled by simple modeling
and require advanced rupture criteria.

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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1. C/SIC AND SIC/SIC CM.C. DESCRIPTION

These two material families are currently the most used for
designing themostructural-oriented parts or sub-systems in
an oxidizing environment.

C/Sic are made up of a carbon fiber reinforcement, a pyro-
carbon interphase and a silicon carbide matrix.

SiC/SiC are made up of a silicon carbide fiber reinforce-
ment, a pyrocarbon interphase and a silicon carbide matrix.

Fiber reinforcements can be either bidirectional - consisting
of a mere fabric stacking (2 D) or made up of layers that are
bound together to form a multi-layer (2.5 D) - or three-
directional in the case of carbon reinforcement by using the
needling technique (3 D NOVOLTEX or SKINEX).

The interphase and then the matrix are deposited by chemi-
cal vapour infiltration (CVI) of a carbon or silicon carbide
(SiC) precursor.

A Tensile strength 2D Sic-siG

(MPa)

200- Test at 300 K Test at 1250 K

Test at 1675 K
1501

100

50- 120

Direction 1 and 2

Elongation (%)

T T T T T T =

10 20 30 40 50
FIGURE 1: SIC/SIC 2D STRAIN/STRESS CURVE

| Tensile strength
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300- 2.5D C-SiC
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FIGURE 2: C/SIC2.5D STRAIN/STRESS CURVE

Tensile strength
300{ (MPa)
| 3D C-SiC SKINEX
2001
100+
. Elongation (%)
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FIGURE 3 : C/SIC 3D SKINEX STRAIN/STRESS CURVE .

Figures 1, 2 and 3 remind the mean behaviour laws
(stress/strain) obtained for some examples that are the most
representative of these materials. They are representative of
average unaged material behavior for standard fiber ratio
and density.

These curves show well the specific behaviour of these
materials, that can be qualified as “elastic-damageable”.

They are elastic because the discharge curves, that are
quasi-linear, pass again close to the original deformation. A
residual deformation, due to the fact that cracks are not
completely closed, can be noted but remains limited and
without great influence on design.

FIGURE 4 : STRESSED SIC/SIC MICRO-CRACKS SYSTEM



TECHNICAL LIBRARY

Such materials are damageable because, when placed under
stress, the matrix cracks as its own elongation near 0.05% is
much lower than that of the fibers which is higher than 1 %.
Figure 4 shows a micro-cracks network for a bending stres-
sed SiC/SiC sample. Cracks propagation and effect are cur-
rently under studies and modelings improving our unders-
tanding of mechanical behavior are proposed.

Owing to this micro-cracking mechanism, these materials
profit by a notch propagation behaviour that is remarkable
for a ceramic.
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FIGURE 5 : CMC CRACK PROPAGATION RESISTANCE

Figure 5 that presents comparative test results with sintered
ceramic, shows an improvement of 2 decades for the CMC
benefit. This result is consecutive to the energy dissipation
through the micro-crack network. This mechanism is the
main foundation of the CMC behaviour and makes them
usable for structural applications.

The strength potential at room temperature appears relative-
ly low. On the other hand, the low evolutions with tempera-
ture lead to remarkable results at high temperature for una-
ged material. Average rupture values are higher than :

- 200 MPa for a 2D Sic/Sic up to 1450K

- 300MPa for a 2.50 C/SiC upto 1750K

- 230 MPa for a 3D C/Sic up to 1750K.

Figure 6 can be used to compare these strength perfor-
mances with that of some usual metallic materials.

It can be noted that, from 900 K, upwards some specific
features (reduced to density for iso-mass comparison) are
comparable. At 1250 K, the mechanical advantage becomes
obvious, due to the CMC low mean density.
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However, this type of data, although very promising and
obtained on industrialised material, is far from being suffi-
cient to achieve a part or structure that can be competitive.

To use this material potential correctly, it is necessary to
build up a significant know-how in design and dimensio-
ning. This document takes stock of the knowledge and mas-
tery acquired in this field.

INCO |HAYNES C;i'g Si‘:‘gic
o e ul;lo uplo
A0K 120K 4760 | 1450k

DENSITY - kg/m3 8200 | 8980 | 2100 | 2300

ULTIMATE TENSILE 1150 240 210 | 140
STRENGTH - MPa
(minimum at 3 standard
deviation)

YOUNG'S MODULUS 165 150 65 | 220
GPa
(initial or elastic value)

SPECIFICRUPTURE | 140 27 | 100 | 61
STRENGTH
MPa/kg/m?

SPECIFIC STIFFENESS| 20 17 3| o
GPaKgim3

FIGURE 6 : CMC VERSUS METALLIC MECHANICAL
CHARACTERISTICS

2. CMC PART PROJECT

MANUFACTURING
and
CONTROL

FUNCTIONAL
REQUIREMENTS

DESIGN CONCEPT

FIGURE 7
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A lot of informations are required to choose a design
concept for a CMC part project and it would be long to be
exhaustive. Only the most important elements, indicated on
figure 7, that need to be known to define a CMC part
concept will be discussed.

The two following points, the understanding of the functio-
nal need and the knowledge of the manufacturing limits, are
particularly important for these materials and have a strong
influence on the results.

2.1. Functional requirements

This is one of the most important point of CMC part design
since most potential users (rocket propulsion, military tur-
bojet, thermal protection) have a “metal” culture that greatly
influences the preliminary projects and often dictates design
choices.

Thereby the design latitudes then offered to introduce a new
material are reduced :
- difficulties to make the most of this material and the
material real potential is under-used,
- the overall interest can be masked or underestimated.
For example by omitting the positive effects induced by a
lighter rotating machine or a reduced cooling, etc... or the
negative effects which can follow a radiation increase.
Such interactions must be considered very soon in order
to correctly judge the snowball etfect,
- interfaces with the structure can prove to be inadequate,
for instance when the expansion coefficients and the ther-
mal behaviours during the thermal transients of metal
supports or structures and CMC parts are comparatively
different.

Itis essential to know the functional needs of the parts or struc-
tures o be made of CMC very soon in the project in order to
facilitate their implantation and make the most of them.

The preliminary project must be the result of a close coope-
ration between the user and the CMC designer. An approa-
ch including a common engineering working-group is one
of the most profitable.

2.2. Manufacturing possibilities

It is necessary to design a part than can be easily manufac-
tured, even if its performance characteristics have to be
slightly altered.

The remarks and advices made in this chapter are closely
related to the CVI densification process. They result from
the experience accumulated by SEP in this field.

Shape simplicity

As for most long fiber composites, the general part shape
must remain as simple as possible in order to achieve a fiber
reinforcement with correct fiber orientation.

Complex structures with seamed or co-needled textures
(stiffeners on a shell for exemple) can be performed. They

TAERO
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remain expensive due to required handle manufacturing and
level of control.

Nondelaminating texture

It is very difficult to ensure the reliability and reproducibili-
ty of 2D texture reinforcements. They are very sensitive to
delamination and associated quality control costs are signi-
ficant. Layer stacking should therefore be avoided if the
product has to be industrialized and multi-layer 2.5 D or 3D
reinforcement are to be recommended.

Thickness variation

Thickness variations are difficult to obtain with a “near net
shape” pre-form approach. It is preferable to design parts
with constant thickness. If needed, surface machining is
correctly controlled, but requires the use of diamond tools
and is cost generator. Machining should be limited to func-
tional areas.

High thickness

Thick shells give rise to infiltration problems with a density
that is lower in the core than on the surface. This will have to
be taken into account in characterizations and calculations,
increasing program duration and overall costs. Thick shells
should better be avoided from the economical stand-point.

2.3. Other project drivers

Many other elements should also be taken into account to
design a CMC part. The following general remarks throw a
light on the acquired experience.

Technological aspect

This point deals more particularly with bonding and assem-
bly mastery. Experience tells that the behaviour of metal
screw bonds is generally correct and that CMC are resistant
to local overstress.

Bonds obtained by brazing or CVD metal deposit are also
possible according to temperatures.

At low temperatures adhesives bonding is possible.
However, an area whose temperature is constantly less than
300K is exceptional on a thermostructure.

Cost and delivery aspect

CVI manufacturing process is naturally long because the
deposit kinetics are slow. Nevertheless, the process real
times are in fact very short with respect to the total manu-
facturing duration. Manufacturing times, for parts that are
mostly prototypes, are now mainly dependant from an
industrial organization which is still to be improved.

We also have identified materials inducing a lot of manu-
facturing operations, and of course long times, and those
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with short manufacturing time. Costs and delivery times,
that are still high for some new and complex parts, could be
reduced :

- by rationalizing the types of CMC used

- by simplifying the parts to be manufactured

- by a production to be industrialized

Failure mode effect and criticity analysis
(FMECA)

CMC characteristics do not suddenly decline as temperature
rises. Their life duration diminishes but phenomena are very
gradual so far as the aggression remain limited. This type of
behaviour allows a temporary operation in degraded mode,
like over heating, without disastrous outcomes. CMC are
resistant to operating variations and fault tolerant.

3. CMC PART DESIGN

CMC system or part design is a new discipline with few
solid bases but our expertise and mastery have now reached
new levels where some methodologies can be settled.

As for any problematics, the same alternative between an
analytical approach and an experimental approach is found
in CMC design.

ANALYTICAL

MATERIAL  VERIFICATION
DATAMND — gy

ANALYSIS TEST

EXPERIMENTAL
PROTOTYPE __ TEST
MANUFACTURING ~ RESULTS

FIGURE 8

The experimental approach is based on an iterative process
between prototypes manufacturing and large scale tests, It
quickly provides an answer to a complex problem but pre-
sents major drawbacks in case of failure: the iteration cost
and times are rapidly becoming prohibitive with respect to
the high cost of prototype parts and the associated desi-
gning/manufacturing times.

The analytical approach is based on the understanding of
the phenomena and mechanisms that come into play to lead
10 a theoretical justification of part dimensioning. Tests are
only required for verifications. This approach requires more
time at the beginning but gives much more satistactory
results, transposable to other projects.

After a first fifteen years CMC development phase with
mainly a global approach, we now tumn to an analytical
approach, of course structured by the first results.

12-5

This analytical approach requires the mastery of three
mains elements, namely material characterization, analysis
and rupture criteria knowledge.

MATERIAL
DATA

RUPTURE CRITERIA

FIGURE 9

3.1. Material characterization

With every material, it is important to resort to the right
level of knowledge of the materials according to the project
progress and nature. According to this, a SEP classification
(A/B/C/D/E) of the different characterization level was
developed in order to clarify the data in this field. These
levels are summarised figure 10 and described hereunder.

A
LABORATORY
B

DESIGN VALUE
"UNAGED / AVERAGE®

STANDARD DEVIATION

SPECIFIC TO APPLICATION
'ENVIRONMENTAL AGEING
‘LIFE DURATION

E
POST TEST EXPERTISE

FIGURE 10

MATERIAL
CHARACTERISATION

A - Laboratory

This characterization level, the lowest one, is only an estima-
tion of a future material main features, on the basis of a few
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test pieces and without quality control. It allow to check the
coherence of a potential material with project requirement.

B - Material dimensioning

This characterization level gives access to the “mean” ther-
mal and mechanical features of a material as fabricated
(unaged). Only average values are known. The process is
clearly defined, checked and industrial.

It can allow for temperature or density effects for example.
This is important for materials densitied by CVI.

C - Manufacturing dispersion

CMC dispersion is significant. It has to be allowed for by
considering dispersion in a manufacturing batch and bet-
ween different batches. This aspect particularly interfaces
with the attempts of ultimate strength modelling.

D - Specific to application

Design must be pertormed by taking into account the
mechanical characteristic losses or the thermal characteris-
tic changes due to ageing during use.

This type of characterization requires the designer to be
familiar with the material or structure degradation modes in
order to define representative ageing (ests.

This is particularly important for long-lasting uses (1000 h
for example for military turbojets) where “real time” testing
is impossible and therefore requires a hardening that has to
be made pertinent.

Aggressive environments are very diverse ranging from
acoustic fatigue to chemical degradation or erosion. For ins-
tance CMC present a good behavior to hydrogen embrittle-
ment or chemical product ageing like acid, oil and deriva-
ted....Each case is specific but two types of ageing can be
discussed in general words.

Oxidizing species ageing

SiC/SiC and C/SiC CMC are sensitive to oxidizing environ-
ments, Degradation is consecutive to crack opening under
stresses. These cracks allow oxygen or other oxydizing spe-
cies to come in contact with the “pyrocarbon” interphase or
the carbon fibers, which leads with time to its destruction
and part ruin.

These mechanisms Kinetics depend on the temperature, the
oxygen partial pressure and the strain level due to cracks
width. They are studied and modeling are proposed.

Finishing treatments exists to slow down oxidation in long-
lasting applications. They are conceived to fill up cracks
when opening and increase life duration by several orders
of magnitude.

Nevertheless, their efficiency is not unlimited and the perfor-
mance degradation versus time has to be known for designing.

L

IBRARY

Fatigue ageing

CMC are hardly sensitive to fatigue and can withstand mil- \I
lions of cycles without significant decrease in their failure
level. Fatigue limit is not clearly define but is higher than
2/3 of the initial ultimate tensile strength. Figure 11 gives as
example tests results for a SiC/SiC material.

A Tensile strength

(MPa) »10 5
125 o 1.10 > 10 cycles
"0.15%
100
2D SiC-SiC

Elongation (%)
I > ‘

0.1

125
FIGURE 11 SIC/SIC FATIGUE RESULTS

This generic behaviour remains the same with high tempe-
ratures as long as other degradation such as oxidation do not
intervene to mask it. Inert gaz thermal tests are in that res-
pect the most relevant. Such fatigue behavior gives CMC
great interest for cyclic application where metal materials

have to face huge decrease of mechanical strength (only 1/3 .
of initial ultimate rupture strength after one million cycle).

E - Expertise after use

This level of CMC behaviour knowledge is the most impor-
tant, for it makes possible to define the real degradations in
use. This identification of the real problems is fundamental
for design and manufacturing.

We can mention for example the phenomena of SiC matrix
self-protection at high temperatures through the formation
of silicon dioxide, which reduces oxidation effects.

Correct use of material characterisation data is mandatory
for a safe design. For the firing of a prototype combustion
chamber with 20 s duration, level B can be sufficient since
firing degradations are negligible and the quality of each
part can be checked before the fire test. For a pre-series pro-
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duction of a part which must ensure 1000 h of operation,
level C and D are compulsory.

These characterizations are long and expensive, but are unavoi-

dable to build a part development. Two remarks can be made :
- the need for pertinent degradation models, that limit
investigations, is essential,
- the basic material must be accurately defined, and the
number of variants reduced to perform these characteriza-
tions and accumulate data. These considerations require
for example the choice of a single process to manufacture
the SiC matrix, the limitation to certain types of C or SiC
fibers, and the selection of some texture families (multi-
layer 2.5D or needling for 3D).

In addition it is necessary to repeat that samples definition
must be representative of part material. It is why some stan-
dard thicknesses of 3mm for 2D and 5 mm for 3D material
are not retained when projects involve material thicknesses
of 1 or 2 mm. Sample manufacturing process must also be
in good accordance with part one, specific cares on densities
is mandatory.

3.2. Analysis

According to the project progress, the used means are difterent.

PRELIMINARY PROJECT

* IN HOUSE EXPERTISE

* STRENGTH OF MATERIALS

* SIMPLIFIED FINITE ELEMENT
CODE (2D LINEAR)

PROJECT

FINITE ELEMENT CODE ON

SUPER COMPUTER

* NON LINEAR MATERIAL
BEHAVIOUR

* THERMAL TRANSIENT

‘2DOR3D

FIGURE 12 : PRELIMINARY PROJECT AND PROJECT TOOLS

At the preliminary project stage, the analytical formulas of
materials strength, mechanical finite element linear 2D
codes and transient 1D thermal codes for exemple are gene-
rally sufficient.

At project stage, non linear mechanical 2D and 3D codes
and transient 2D or 3D thermal codes with radiation are
generally used to perform thermal and mechanical analysis.

These powerful codes, and access to super-computor, are
necessary in the fields where design margins are low. The
CMC characteristics, although correct at high temperatures,
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remain low in the absolute (100 to 200 MPa). The calcula-
tion uncertainties of simplified models (thermal and mecha-
nical load accumulation for example) cannot be covered by
an important safety factor. This could lead to a redhibitory
overdimensioning for the project (volume/mass).

The different types of calculations performed as part of
CMC dimensioning are quite classical, but some particulari-
ties are remarkable and noted hereafter.

Thermal calculation

In most cases, one must resort to transient 2D or 3D thermal
calculations while taking radiation into account. As we have
to manage very hot parts, thermal exchange level by radia-
tion due to high CMC emissivity near 0.8 is often higher
than convective or conductive exchange. It can lead to
introduce thermal insulation device.

Transient thermal analysis is required because dimensio-
ning cases often occur during thermal transitory phases
where differential expansions between the part and the sup-
port or on the part itself are maximum.

Luckily, CMC present a low thermal expansion coefficient,
which often limits interfaces problems, and confer them a
particularly high thermal stress resistance, This is interes-
ting for applications like nozzle guide vanes for instance.

An important difficulty rests in the good assessment of ther-
mal boundary conditions. The knowledge of the convective
coefficient and of gas flow adiabatic temperature is often
relatively empirical.

It is worth noticing that CMC materials are not ablative
materials and erosion phenomena that can occur for example
at the throat of combustion chambers remain minor.

Mechanical and thermomechanical calculations.

Finite element code are based on HOOKE laws to modelize
stress/strain behavior of material. Such models developed
for continuous and homogeneous material are used and
validated at macroscopic level for CMC parts analysis
involving a porous and composite material.

Local analysis axis system must be as respectful as possible
of material fiber reinforcement orientation.

The damageable elastic behaviour of CMC’s requires to
perform iterative calculations (automated procedure) to
assign each direction of the appropriate Young’s secant
modulus, linked to the strain in the same direction.

Current models are aimed at defining the effect of damage
(strain) on shear modulus and Poisson’s coefficient. Other
works are performed to clear coupling relations between
levels of damage in each direction and their influence on
rigidity matrix coefficient.

The modelling approaches of such behaviours are promi-
sing but can not yet be applied for real analysis.
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The material non linearity is generally an advantage becau-
se the locally overstrained areas will benefit by a pseudo-
plasticity phenomenon.,

Vibratory calculation.

These calculations are particularly long and sensitive to
boundary conditions. The applied acoustic stresses are to a
large extent approximated and part boundary condition
modeling like attachment stiffness and degree of freedom is
very critical.,

In addition, the CMC damping coefficients are still badly
determined. They are nevertheless much better than for
metal materials as a consequence of the energy dissipaticn
in the cracks and in the fiber/matrix interface. Values ran-
ging from 6 to 12 % were measured.

A static pressure equivalent is in most cases assessed to
avoid vibratory calculations with a dynamic response which
are feasible but hardly processable for justification.

In general, CMC structures are stiffer than comparable,
from a mechanical point of vue, metal structures. The follo-
wing general remarks can be done for the CMC version
versus an “equivalent” metal version :

- it is thicker and presents therefore a higher inertia

- it is lighter and “moving” masse is reduced.

For SiC/SiC material parts, that present a Young’s modulus
higher than common metallic material the natural frequen-
cies will be greatly risen compared to the metal version. For
C/SiC the situation will remains in general favourable in
spite of a moderate Young’s modulus.

Mechanical stress -G- O©G=PxR/T

M=mtxRxTxD

\ ’3E
x —
50

Mass budget - M -

Natural frequency - F - =L X T

2w ~ R?

Material
Density D
Modulus E

FIGURE 13 : GEOMETRY AND FORMULAS
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atisok] 20 | 250 [sKINEX

DENSITY - kg/m3 8980 2300 | 2100 | 2100
YOUNG'S MODULUS | 150 220 65 3
GPa

ULTIMATE TENSILE 240 140 210 160
STRENGTH - MPa

(minimum at 3 standard

deviation)

THICKNESS reference | +71% | +15% | +50%
MASS reference | -56% | -73% | -65%
FIRST NATURAL reference | +310% | +55% | +50%
FREQUENCY

FIGURE 14 : COMPARATIVE RESULTS

This situation is illustrated by figures 13 and 14 showing
the design and analysis of first natural breathing frequency
for a cylinder whose design driver is internal pressure.

3.3 Rupture criteria and safety factors

To complete design, it is necessary to define the failure cri-
teria that allow the characterization and calculation results
to be exploited, and then compare the margin with the
required safety factors,

The failure criteria retained with current characterizations
are based on the material fibrous nature, and generally limi-
ted to one direction. Some rupture criteria for bi-axis local
load are available but for specific case. They will be discus-
sed in chapter 4.

Simple rupture criteria used commonly are described
hereafter :
-Tension : the analysis give the stresses in the fiber direc-
tion. This value is compared to the material potential
determined on a tension test piece.
-Compression : the failure criteria is badly controlled. The
material generally behaves well and the limits obtained
with a standart sample are compared with the values in
the fiber direction.
-Interlaminar shear : the calculation results are compared with
the mean value obtained with a double notch test sample.
-Translaminar shear : a comparison with a IOSIPESCU
sample result is made.

Safety coefficients can be imposed by the mduhement spe-

cification.
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It is always higly important to discuss thoroughly with the
costumer the origin of the values. Indeed, they often result
from an experience acquired with another type of material,
that has different behaviours and therefore different design
margin requirements.

Considering the high CMC dispersion, a safety coefficient
introduced in a statistical form in order to obtain a failure
level, is a very constructive approach.

This method requires the following procedure:
- specify the mechanical, thermal or vibratory stresses in
statistical form (mean value and standard deviation).
- determine the influence coefficients of loading on the
stresses, from the reference calculation (partial derivative)
- perform a serie of calculation with random stresses to
determine the stress mean value and standard deviation.

From these statistical results on stresses, the failure rate is
calculated by comparison with the material potential mean
value and typical deviation. Figure 15 sumarizes this logic.

f
Probability

Material
characteristic

Analysed
stress

N\

Stress
Failure ratio

FIGURE 15 : STATISTICAL SAFETY FACTOR

If the material used is characterized at level D or E, and
these results used for analysis, you just have then to use the
above failure criteria and check safety factors.

Nevertheless, in many cases, the elementary characteristics
(level B) are the only ones known to start the project, for
example because of the choice of a particular texture suited
for the part.

The following methodology, summarized on figure 16, is then
recommended to detennine the maximum stress allowable for
the envelope analysis, and design correctly the part :
- level B characteristics : draw up a characteristic file for
dimensioning (mean mechanical behaviour laws, thermal
values), and detine the average failure values.
- standard deviation : these materials present a noticeable
dispersion on failure limits. A 10 % standard deviation,
representative of the C/SiC and SiC/SiC population, can
be considered by default. Design limits should be taken
at -3* standard deviation,
- ageing : characteristic decrease in case of long-lasting
stresses in an aggressive environment (oxidation) must be
considered. It must be assessed for each case.
- safety factor : if not given by specifications, a minimum
value of 1,4 is to be applied on stresses.
- failure criteria : use the simple 1D criteria applied on
each fiber direction.

ABBOTTAEROSS
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AVERAGE RUPTURE s@
STANDARD DEVIATION

SAFETY FACTORS

ALLOWABLE STRESS

FIGURE 16 : DESIGN METHODOLOGY

4. SINGULAR AREAS AND COMPLEX
RUPTURE CRITERIA

An adapted characterization and the mastery of calculation
allow correct design of a CMC part current areas. A methodo-
logy exists for materials whose characterization is incomplete.

CMC PARTS ANALYSIS

INGULAR AREA

REGULAR AREA

. CONTINUOUS SECTION| [ ~INTERFACE/LOAD
INTRODUCTION
- SIMPLE STRESS ZONE
LOW STRESS ZONE EAHLE e e
: - THICKNESS CHANGE

STANDARD SAMPLE
CHARACTERISATION
FOR SIMPLE RUPTURE
CRITERIA

TECHNOLOGICAL
SAMPLE FOR
COMPLEX RUPTURE
CRITERIA

FIGURE 17 : REGULAR AND SINGULAR AREA

However, experience showed that parts generally include
two types of areas with a different behaviour :
- regular areas where stress fields and geometries are
simple. In these areas, the comparison between calcula-
tion and material standard characteristics is relatively
easy and correct.
- singular areas: these are in particular shape accidents
(angle, comer, thickness change..) or loads introduction
areas (interface or bond).
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In such singular area, stress fields are very complex and
highly sensitive to calculation limit conditions. The stan-
dard characteristics resulting from test piece specifically
defined for pure stressing are not adapted.

The realistic design of these areas can only be correctly
done today by so-called technological samples, with a more
experimental methodology.This chapter describes a techno-
logical sample, its objectives and the methodology of use.
Some examples are then described.

4.1 Technological sample

The objective of a technological sample is to be as represen-
tative as possible of the real case in order to determine perti-
nent failure criteria for the case under consideration.

This representativity must of course regard the material and
process which must be the same. It is then essential that the
geometry and the mechanical (or thermal) load allow a
stress field equivalent to the real case to be obtained. The
comparison is made on the stress fields, and it is indeed, the
invariant that has to be considered.

The question is in fact to define a low cost simplified part
allowing margins to be quantified by a complex rupture cri-
terion definition and behaviors to be specified by failure
mode knowledge (FMECA).

PART SINGULAR TECHNOLOGICAL

AREA SAMPLE
- LOCAL GEOMETRY - SIMPLIFIED GEOMETRY
- MATERIAL - SAME MATERIAL
- LOCAL LOADS - SIMPLIFIED LOAD CASE

COMPARISON
OF STRESS MAPS

RUPTURE
MODE KNOWLEDGE

Y

COMPLEX RUPTURE CRITERIA AND F.M.E.C.A.

FIGURE 18 : TECHNOLOGICAL SAMPLE’

This method presents also the advantage of disregarding the
biases brought by the material model an the calculation
code, as those are used in similar conditions.

Such methodology can be applied to bi-axis rupture criteria
Or more complex case.

4.2 Longitudinal shear under compression stress

This kind of load case is encountered for example on parts
such as blade attachments or combustion chamber throat

where the compression stress procedes from the radial ther-
mal gradient in the throat.

Compression ~s—w

Shear

FIGURE 19 : BLADE ATTACHMENT

Circumferential
traction zone (cold

Circumferential and radial
compressive zone (hot)

I Shear stressed zone

FIGURE 20 COMBUSTION CHAMBER THROAT

Frame Floating caliper Rubber thin sheet

Frame

Double notched Clearance
sample

FIGURE 21 : TEST SAMPLE

Technological tests were carried out on the basis of a
double notch test sample equipped with a compression
device (figure 21). The mean used, floating caliper and thin
rubber sheet interface, is far from being irreproachable and
the stress field is not totally pure. However, the results are
interesting and the tendancies clear. It also has to be noted
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that the real cases will also be modelized with the introduc-
tion of an unavoidable distortion.

Interlaminar shear

3 strength ratio

2 —

1 —

Orthogonal compression (MPa)
0 T T
25 50
. FIGURE 22 : TEST-RESULTS

The curve in figure 22 indicates the results for the 2D C/SiC
material. The interlaminar shear strength doubles for a com-
pression stress of about 50 MPa. One has to reason upon
these elements to define a failure criterion adequate for this
specific bi-axis load.

4.3 Overstresses in rotational symetric flange

Compressive tool CMC tube

AR B

Flange

Support

FIGURE 23 : ROTATIONAL SYMETRIC FLANGE DESIGN
AND TEST DEVICE

Figure 23 presents the case of an rotational symetric flange
with a torsion phenomenon applicable to different parts
such as combustion chamber tubes or divergents (such
“poor” geometry can be imposed by considerations that dif-
fer from pure mechanical requirement).

Regular design driver of such a flange is interlaminar shear
stress. But the ring torsion causes the flexion of the tube
thin part and very locally generates an important peak meri-
dian tensile stress even with optimised finite element size.
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Non linear analysed stress fields in meridian traction and

interlaminar shear are presented on figure 24 and 25.

Stress (MPa)

FIGURE 24 : FLANGE MERIDIAN TRACTION STRESS

Stress (MPa)
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FIGURE 25 : FLANGE INTERLAMINAR SHEAR STRESS

MERIDIAN|INTERLAMINAR
TENSILE SHEAR

MATERIAL 70 80
STRENGTH - MPa

ANALYSED 120 85

PEAK STESSSES

MPa

PERCENTAGE +70% +6%

FIGURE 26 : MATERIAL AND TEST RESULT

The failure test shows that the rupture occurs by shearing in
the flange for a maximun local value that is 6% higher than
the material capacities in very good accordance with mate-
rial standard rupture value.
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AXIAL SECTION

GENERAL VIEW

FIGURE 27 : BOLTED ZONE SAMPLE AND TEST DEVICE

Stress (MPa)

1130
= 80

60

~

Stress direction

FIGURE 28 : LINEAR BOLT AXIS TENSILE STRESS

At rupture, the maximum meridian tensile stress reaches a
value that is 70 % higher than the mean failure value of a
standard traction sample. Sample examination do not allow
to detect any meridional cracks.

This technological sample allow to conclude that the simple
criterion in stresses on the most tensioned fiber is in this
case very conservative, the local peakstressed zone is not
relevant for FMECA and shear is the good design driver.

4.4 Overstresses in bolted zone

The test piece described in figure 27 is representative of a
massive part attachment with machined grooves. The stress
field of figure 28 obtained with 3D linear calculation for
preliminary design indicates an axial tensile stress concen-
tration area in the connecting radius under the fastening
screw head.Axial traction tests of this technological sample
showed that the rupture :

- did occur from the overstressed areas,

- for a maximum tensile value twice higher than the mate-

rial capacities.
Such informations allow to estimate real margin. In that
case, the use of linear analysis and consideration of the
simple criterion would have been too conservative leading
to an over-design.

More sophisticated non linear analysis of this sample will
allow to define a relevant rupture criteria for such a couple
geometry/load.

This exemple show also that CMC are able to whistand
important stress concentration.

5 CONCLUSION

The know how in CMC design is beginning to be formalized.
This allows better appreciation of the real potential and appli-
cation possibilities of the materials that are still very new.,

The experience acquired in refractory metal structure and
part design and the methadologies developed are used for
guidance in structuring these activities, but are not entirely
transposable.

The degradation modes and the sensitive parameters differ from
those already known and identified for metals or ceramics.
Thanks to a better control of these aspects, it is now possible to
improve the analysis and the characterization relevance.

Today, a structured approach much more specific to these
materials appears following the first global experiments
performed and providing a greater determinism and better
design control,
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1. SUMMARY

Ceramic matrix composites (CMC) have widely
demonstrated their feasibility and performance
although no series production has been
achieved. Today's status is characterized by long
production times, high material qualities with
high reproducability and experience in the first
structural components. Some  unsolved
problems are the joining and attachment of
CMC parts, the lack of adequate nondestructive
testing methods and the insufficient oxidative
stability for long term applications. This paper
deals with general valid design aspects as a
consequence of the CMC  materials
characteristics and the demand for structural
components of high reliability.

2. INTRODUCTION

In uncooled conventional structures the
application range is limited to approximately
1000°C by the thermal stability of metallic
alloys. Monolithic ceramics are well known for
their high service temperature capability,
however their low fracture toughness and
thermal shock resistance restrict their
applicability as a load bearing material within
large parts. Reinforcing ceramics by continuous
fibres seems to be the only suitable way to

create lightweight structural materials for the
highest temperature applications.

One of the main restrictions of a commercial use
of CMC are their costs - not just the costs of the
raw materials but the inherently high production
costs due to long processing times. Presently
available CMC materials are produced by the
isothermal chemical vapour infiltration (CVI)
technique, which leads to superior properties,
but it is a very time consuming (several months)
and therefore very expensive process. As a
consequence, alternative techniques are now
under development like the gradient CVI, the
Si-polymer pyrolysis and the silicon infiltration
of C/C. With manufacturing times of only days
to weeks from the design to the finished
component these processes may allow the
opening of the market for a broader range of
industrial applications of CMC.

Another aspect of the need for shorter
processing times is the lack of experience with
these new materials. As their application will be
mostly in fail safe constructions, their reliability
must be high and their performance must be
well known. This presupposes a high learning
rate and shorter loops during the materials
development to get an adequate knowledge to

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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design or to predict the life of a CMC
component in service.

To enhance the performance of ceramic matrix
composites some large scale governmental
material programms have been initiated.
Between 1979 and 1989 the US Department of
Defense and other agencies funded a research
programme on CMC with a total of about $250
million [1]. As most important topics the
improvement of reinforcements, the fibre/matrix

interface, cost-effective processing, testing
methodology and oxidation stability were
investigated.

Japan's MITI is currently sponsoring an eight-
year programme of basic materials development
which started in 1989. One essential goal is to
raise operating temperatures of carbon/carbon
from 1700°C to 2000°C. The tensile strength
and stiffness will be increased to 700MPa and
200GPa, respectively, after heating for 20 hours
in air at 2000°C and 200 hours at 1800°C [2].

Topics of this long-term R&D programme are
the development of suitable protective coatings,
‘an increase of resin char yield and the
improvement of chemical vapour infiltration
process and pitch based carbon fibres.

In Europe, the French company SEP is leading
in the CMC development by the CVI process
which results in excellent material properties. A
family of C/C, C/SiC and SiC/SiC materials can
be produced in different furnaces and some
demonstration parts have already been realised
[3]. In Germany, the work focuses on the
development of faster and therefore less
expensive processes. Nevertheless, despite all
these international efforts the status today is far
away from series production of CMC
components.

Generally, composite materials are critically
dependent on the interface between the fibre
and the matrix. Therefore, the reinforcing fibres,
the matrix systtem and the manufacturing
process greatly influence the properties of the
material. This is even more true for ceramic
matrix composites where the fibre/matrix
bondings directly determine the microstructure
and the  material  properties.  Their
microstructure is characterised by an inherent
porosity, a complex chemical composition and

ABRARY

more or less low bonding forces. Although
different processes lead to CMC materials with
different compositions and properties, some
general rules and consequences for the design
with CMC can be deduced from today's data
and will be described in the remainder of the

paper.

3. FIBRE REINFORCEMENT AND
THERMAL STABILITY

The reinforcing fibres and the fibre/matrix
bonding have a dominant influence on the
fracture behaviour and the mechanical
properties of CMC. To obtain energy
dissipating effects at the interface in order to
avoid catastrophic failure, low adhesion
between fibre and matrix must be achieved. This
is a detrimental requirement for polyme’
composites where strong bondings, reached by
special fibre treatments lead to high properties.
Therefore, no direct correlation can be expected
between fibre strength and the mechanical
properties of CMC.

The main future markets for CMC materials are
applications in high temperature structures as
substitutes for metals or monolithic ceramics.
The temperature capability has to exceed at
least 1000°C, for very short exposures more

than 2000°C. In most technically relevant
applications the service conditions are oxidative
and the exposure times should be as long as
possible. For space applications like TPS and
hot structures life times of some ten hours are

required while for gas turbines and major.

terrestrial applications the goal are hundreds to
thousands of hours under hot service conditions.

The recent development of CMC is mainly
based on carbon and silicon carbide fibres. The
thermal stability of carbon fibres is dependent
on the mode of graphitization. Tests with HT,
IM and HM carbon fibre bundles showed
different decreases in mass and strength after
exposure in nitrogen (Fig. 1). As a result,
influence of temperature is more pronounced
than that of the exposure time. Generally, all
carbon fibres are very sensitive to oxygen and
degrade very fast in air above ca. 450°C with a
subsequent reduction in mechanical properties.
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Mass loss %

Fibre bundle strength MPa

200 400 600 800 1000 1200 1400 1600
Temperature of treatment °C
Figure 1: Mass Loss and Strength Degradation
of Carbon Fibres with Modes
after Exposure in Nitrogen

Two main polymer-derived ceramic fibres are
commercially available: Tyranno fibres from
Ube Industries and Nicalon by Nippon Carbon
(Table 1). These fibres are based on silicon
carbide, fabricated by pyrolysis of organo-
metallic precursors to yield a continuous,
weavable fibre of about 7um diameter.
However, the processing leaves a residue of free
active elements like carbon and oxygen which
degrade the fibres at ca. 1100-1200°C (Fig. 2).

at SiC—Fiber (Tyranno)

N " . N s L —
@ 289 400 62 eed 1028 1229 1400 1690

Temperature °C

Figure 2: Thermogravimetric Analysis of
Tyranno Fibre
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In different countries there are major efforts to
produce more stochiometric and therefore more
stable fibres, but at the moment, they are on a
laboratory scale. At present all commercially
available, weavable SiC type fibres are very
expensive and manufactured in Japan.

In order to achieve the desired pseudo-ductility
and to increase the oxidation resistance,
coatings of multilayer systems are under
development. The lack of bonding provides
lower fibre/matrix shear strength and allows
crack deflection and fibre pull out effects. The
coatings can be applied by different processes
like the CVD or sol-gel deposition. The
influence of fibre coating can be considerable on
strength level and fracture toughness, as shown
in Table 2 for C/SiC resp. SiC/SiC materials,
manufactured by the Si-polymer route [4].
Nevertheless, fibre coating is not a sufficient
method to increase the oxidation resistance of
CMC, especially for carbon fibres. The
procedure itself is costly and is restricted to
smaller amounts of textile preforms.

Generally, today's application range of C/SiC
and SiC/SiC materials is restricted by the
thermal and oxidative resistance of their
reinforcing fibres.

4. PROCESSING OF CERAMIC MATRIX
COMPOSITES

There exists a number of different processes for
manufacturing ceramic matrix composites. A
general overview is given in Table 3. All
processes can be divided into two types, the
chemical and the liquid phase route. Among all
these possibilities only chemical vapour
infiltration and polymer pyrolysis have reached a
level of technical feasibility. Generally, three
different processes are used to manufacture
CMC components:

e CVI (isothermal or with gradients)

e liquid infiltration of silicon polymers and
subsequent pyrolysis

e liquid silicon infiltration of porous C/C and
subsequent chemical reaction to SiC

As processing has a great influence on design
concepts, the current state-of-the-art of these
processes is now described.



[ECHNICAL LIB

13-4

4.1. Chemical Vapour Infiltration

Presently available CMC materials, particularly
C/SiC and SiC/SiC are generally produced by
the CVI technique. Large furnaces with
diameters of up to 2.5 meters have been
installed at SEP to manufacture particularly
CMC components for the hot structures of
Hermes. These facilities allow a scaling-up to
volume production, but the already discussed
long furnace holding times prevent the
isothermal CVI process from entering broader
industrial fields. This process, initially developed
for the manufacture of carbon/carbon, is well
documented in the literature {3, 6].

A fibrous preform is placed inside the furnace
and must be held during the early stages of
infiltration in a graphite mold to define the
correct fibre volume content of the finished
component. A common precursor used to form
SiC matrices is methyltrichlorosilan, the normal
process temperatures lie at 1000 - 1200°C. The
preform is infiltrated with steady gas flow rates,
but concentration gradients between the surface
and interior tend to block off the surface by
deposited matrix, preventing further deposition
within the preform. The sealed surface can be
machined and re-infiltrated, but handling of
poorly infiltrated preforms can be difficult. The
materials properties are very high and the
geometry of components can be complex.

A thermal gradient/forced flow process was
originally developed by Oak Ridge National
Laboratory [7] and is being applied by the
German firm MAN in pilot facilities [8, 9].
Specially prepared preforms allow pressure and
temperature gradients over the components to

Vent

__| Fibrous
preform

Direction of
infiltration

Holder

Cooling zone

Gasinlet

Figure 3: Schematic lay-out of a
Gradient CVI reactor [9]

be realised (Fig. 3). The reduction of the total
infiltration time to about two weeks, the
restriction to symmetrical and simple shapes (eg
flat plates, tubes) while maintaining the high
strength values of the isothermal CVI are the
main characteristics of this process.

4.2. Pyrolysis of Si-Polymers

This liquid phase route is based on the pyrolysis
of ceramic precursors (eg silane or siloxane).
Large scale components can be fabricated in
technologies, similar to the fabrication of fibre
reinforced plastics [4, 10] (Fig. 4). Prepregs are
made of Si-polymer, filler material and
continuous fibres and laminated to the desired
shape. The parts are cross-linked and densified
in an autoclave and subsequently pyrolysed in
inert atmosphere. Due to the decomposition o
the precursor several reinfiltration steps are
necessary to close the open porosity. The
properties are lower compared to CVI but the
main advantages of this process lie in the
processability of highly integrated, complex
shaped structural components.

(fiers) ((ceramic powdep (polymer)

[ slip—]
infiltration —I
wincliing
| : i
prelpreg tube

laminate |
[

T
cross-llinking

pyrolysis

l

I
plain
parts
Figure 4: Scheme of the polymer infiltration -
pyrolysis technique [10]

4.3. Liquid Silicon Infiltration

The liquid silicon infiltration of porous
carbon/carbon  with  subsequent chemical
reaction is an alternative technology to produce
CMC structures with lower costs and shorter
manufacturing times. The resulting C/C-SiC
material shows an internal protection of the load




TECHNICAL LIBRARY

carrying carbon fibres and different structural
components have already been realised
[11,12,13].

The process allows a component production
period of about two weeks and is based on two
principal steps: shaping in the CFRP stage and
ceramization of the matrix (Fig. 5 and 6). As
precursors, one-part thermoset systems are used
to fabricate laminates with 2D- or 3D-rein-
forcements. By resin transfer moulding (RTM)
as well as autoclave technology flat plates, tubes
and structural components are manufactured.
Generally, the autoclave process is preferred for
large spherical shaped components with 2D-
fibre reinforcement, whereas more integrated
structures with 3D-fibre skeletons are
manufactured by RTM.

Fiber structure

Additives

|

CFRP - Manufacturing

Resin Transfer Moulding / Autoclave technique

Conversion to Ceramics
1) Pyrolysis :900° C, Inert gas
2) Siliconizing: 1600° C, Vacuum

Figure 5: Schematic Illustration of the
Liquid Infiltration Process

During pyrolysis (900°C) the matrix adopts a
crack pattern as a result of the precursor
shrinkage and induced forces by the stiffer
fibres. After this thermal treatment the
composites show a crack pattern with
translaminar channels resulting in an open
porosity of about 20%.

During the subsequent siliconizing process
(1550°C) one takes advantage of the low
viscosity of silicon and its high reactivity with
carbon. Within the channels the liquid silicon
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infiltrates the C/C-composite very quickly
driven by capillary forces and the subsequent
exothermal reaction with matrix carbon leads to
the cracks being filled by SiC. The key points of
the manufactured C/C-SiC are the protection of
load carrying carbon/carbon areas by silicon
carbide to increase the oxidation resistance
while maintaining the high damage tolerance of
carbon/carbon.

16004 CFRP  Polymerization Inert
'C/C Pyrolysis
14004 C/SIiC  Siliconizing

here N, 20 bar
Inert atmosphere N, 1 bar
Vacuum

Temperature °C

0 20 40 60 80 100 120 140 160 180 200 220

Furnance holding times  h

Figure 6: Temperature Profile and Furnace
Time of the Liquid Infiltration Process

The state-of-the-art process allows a high
flexibility in design and manufacturing of
materials with moderate strength levels. The key
points for higher strength lie in an appropriate
fibre/matrix interface.

As no tooling after shaping is necessary the
whole process is realised in a near-net-shape
technique resulting in integral structures.
Figures 7 to 10 show the sequences in
manufacturing by RTM a multi spar component
of 270x270x35mm> as an intake flap of a
hypersonic propulsion system. No joints and no
interruption of load carrying fibres are
characteristics of this design concept.
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Figure 7: Arrangement of Inserts for
the Preform Set-Up

Figure 9: RTM Arrangement of a Two-Chamber Mold with Inserted
Fibre Preform (left) and Molten Precursor (right)

Figure 10: CFRP Component (270x270x35mm?3) Manufactured in a
Near-Net-Shape Technique
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5. DATA BASE
EXPERIMENTS
The use of CMC materials in future space
transportation systems presupposes extensive
evaluation in ground test facilities with wide
ranges of Mach number and gas flow. Thus
large investments are needed to simulate the
flight envelope, mainly the reentry trajectory,
with material samples and full-scale components
required over a large domain. These very
expensive tests are usually carried out in plasma
wind tunnels to simulate the high heat fluxes
occuring in reentry conditions.

BY REAL FLIGHT

Furthermore, functional tests with combined
thermal and mechanical loads have to prove the
reliability of structural parts before their
implementation in vehicles' primary structures.

n Europe, several different test facilities are
available, eg the solar furnace in Spain
(Almeria), plasma wind tunnels in Germany
(Stuttgart, Cologne) and high enthalpy facilities
in France (Bordeaux).

The development of experimental aircraft as
technology demonstrators is a common way to
get reliable flight test data. The Bell X-15 which
flew nearly 200 times before it was cancelled in
1968, or the Lockheed SR-71, actually under
discussion as a carrier for half-scale NASP
engine cowling and exhaust nozzle, are
examples from the pre-Shuttle time. Today,
research vehicles and flight test programmes are
projected for NASP (X-30) as well as for the
‘Iapanesc HOPE (OREX) to gain experience of

other technologies with new reusable heat
protection systems.

Presently, there are only two vehicles with CMC
hot structures, the US Shuttle and the Russian
Buran. While the Shuttle has accumulated up to
now launch and flight experience from 55
missions over a 12 years flight period, the
generally similar Buran has flown once in a
three-hour automated test flight in 1988.

Over the life of the Shuttle programme,
experience showed that for about 60-70% of the
time an orbiter will be out of service for some
reason. Cost estimations of one Shuttle flight
amounts to between 200-500$ million with
marginal costs of about 40$ million per
launching.

13-7

Summarizing these facts it has to be expected
that an experimental winged vehicle to evaluate
advanced CMC thermal protection systems will
be extremely expensive and will not be able to
satisfy all the demand for flight opportunities.
To get high reliability in CMC design and
characteristics the best way would be a step-by-
step learning process by successive reentry
testing. A solution would be the use of capsules
for low cost flight opportunities with reentry
capability [14]. Although for example the heat
fluxes are considerably higher compared to
winged spacecrafts (about a factor ten) the
conservative design approach of partially
replacing the ablative heatshield by CMC
shingles allows a fast increase of knowledge
about the materials behaviour under severe
conditions. Enhancing reliability, lower launch
costs and no scaling down of experiments are
some main advantages of CMC testing in
capsules. '

6. DESIGN CONSEQUENCES

Generally, the substitution of metals by CMC in
primary structures requires a new design
philosophy. Basic investigations in manu-
facturing, testing and integration are necessary
for optimization in several iterative loops.
Therefore, a high availability of CMC materials
must be guaranteed.

Series production or an even broader
application of CMC presumes low-cost
processes with short manufacturing times to
allow a rapid implementation of design changes.
The most time consuming steps of current CMC
fabrication are the furnace holding times, due to
either low deposition times when infiltrating by
chemical vapour (CVI) or several re-infiltration
and pyrolysis steps for the polymer route of
C/SiC fabrication.

In regard to microstructure, composition and
characteristics ceramic matrix composites differ
from all other structural materials and represent
a separate class of material. Although there are
considerable differences between the individual
materials and processes, some generally valid
statements about an appropriate component
design can be done.
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6.1. Properties and Design Stress Level

The mechanical and thermal properties of
ceramic matrix composites, manufactured with
processes as described in section 4, are
published in literature and summarized in Table
4. All values refer to C/SiC resp. SiC/SiC with
bidirectional reinforcements and fibre contents
of more than 40%. Both CVI processes,
isothermal and with gradients, lead to high
mechanical properties with ultimate tensile
strength levels of ca. 350MPa at room temper-
ature and under static loads. The corresponding
values for ceramic composites fabricated by the
polymer route are considerably lower. For these
processes higher strength levels can be achieved
by lower fibre matrix bondings, realised for
example by additional fibre coating or by
thermal fibre pretreatments. In the case of Si-
polymers several re-infiltration cycles with the
liquid precursor and subsequent pyrolysis
increase the tensile strength considerably (see
Table 2).

Ultimate failure stress
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Figure 11: Stress/Strain Diagrams of Mono-
lithic and Bi-Directional Reinforced C/SiC

In comparison to monolithic ceramics with their
brittle failure behaviour damage tolerant CMC
materials show at the same stress level failure
strains an order of magnitude higher (Fig. 11) as
a result of irreversible energy absorbing
mechanisms like matrix cracking, fibre
debonding and pull out. Principally, the total
stress/strain curve can be divided into a first
zone of linear-elastic behaviour with no essential
decrease in stiffness, although some matrix
cracks occur from the very beginning, and a
second zone with distinct decrease of composite
stiffness characterised by pronounced matrix
cracking. The transition point cannot clearly be
defined for CMC materials, but the
corresponding stress level is much lower than
the ultimate failure stress of the material.

If the transition point is accepted as th’
maximum allowable stress level, the best CMC
materials with static strength levels of about
350MPa would have a maximum design stress
of 100-150MPa, corresponding to 0.2-0.3%
strain. Furthermore this design stress has to be
reduced by adequate safety factors. Sum-
marising, the usable stress levels of CMC are
much lower than the characteristics in Table 4.

6.2. Limits in Time and Temperature

The lifetime ‘of CMC structures is limited by the
thermal stability of the fibres. Currently
available CMC materials are short time
materials and allow applications at high
temperatures in the range of minutes to some

hours, depending on environmental and load‘

conditions. SiC/SiC materials are limited by
recrystallisation effects of the ceramic fibres,
which starts far below the ultimate application
temperature of ca. 1200°C. C/SiC materials
show a certain amount of oxidation resistance,
but oxidation can rapidly occur by oxygen
diffusion via inherent matrix porosities and
microcracks or from exosed fibre ends. At
present no oxidation protection systems are
available in the near future which allow long
term applications in the range of some tens or
hundreds of hours. Combinations of fibre
protection, internal protection and surface
coating are promising approaches but such
highly sophisticated protection systems will be
extremely expensive and are restricted to some
few applications. In all other cases one has to
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accept the limited lifetime of C/SiC structures.
As a consequence, new design concepts must
allow a fast and reliable replacement of expired
or damaged structures. This requires high
temperature joining techniques with advanced
materials and joining procedures. On the other
hand, highly integrated, complex structures
would minimize the number of joints, therefore
suitable manufacturing process with near-net
shape technology must be available for new
design concepts.

6.3. Low Cost Material for Model Structures
CMC materials, manufactured by chemical
vapour infiltration, show very high and
reproducible propertics. However, costs and
delivery time are also very high and due to
ategic reasons
guaranteed. To force the implementation of
these materials into new markets and to solve
basic problems like high temperature joining and
attachment of structures, model structures with
lower but representative performance must be
available. These model structures should be
manufactured within short times and at low
costs. As a result CMC materials and structures
are available in short development loops and
will increase knowledge and experience in
designing with this new class of materials.

7. CONCLUSIONS
In comparison to monolithic ceramics CMC
have the potential of higher damage tolerance.
nergy absorbing mechanisms like matrix
cracking, crack deflection and fibre pull out can
locally decrease stress peaks, resulting in
ultimate strains up to 1%. At present the
process of chemical vapour infiltration and the
liquid phase routes are at different levels of
development, thus leading to CMC with
different properties.

Due to limits in oxidation and temperature
stability of available fibres, the application of
CMC at present is restricted to three domains:

o For application temperatures below 800-
1000°C large, thin walled components may
be fabricated, which cannot be realised in
monolithic ceramics. Generally, the lower

their availability is not -
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the stress level and temperature, the higher -
the application time.

o In temperature ranges above 1000°C CMC
materials are primarily candidates for
extreme lightweight structures of limited
lifetime.

¢ Due to their high properties under abrasive
and corrosive conditions CMC can partially
replace monolithic ceramics and super alloys
in components, where the material strength
level is no critical feature.

The future achievement of CMC depends
critically on the development of fibres with
increased thermal resistance and of cost efficient
fabrication processes. Beyond that the
improvement of oxidation protection as well as
the development of adequate joining techniques
are of high interest. With continuing
development, CMC are expected to be used in
space (thermal protection systems, hot
structures), acronautical (combustion chambers,.
engine flaps) or terrestrial HT applications (heat
exchangers, tooling devices, brake disks).
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TABLES
HT HM Nicalon
Unit (T300) (M40) UHM Plitch (NL-200) Tyranno SI,N,
Manufacturer Torayca Torayca Tonen Idemitsu Nippon- UBE Tonen
Carbon
C:95% C: 100% Pitch Pitch SiC: 65% | Si: 48% Si: 60%
C:95% Si0: 23% | C:28% N: 37%
Composition H:5% | C:12% | 0:18% | 0:3%
TI:.4%
Price
roving/fabric DM/kg 80/200 250/800 5000/- 1000/2500 | 1200/2000
Number of fil. 1000-12000 | 1000-12000 3000 3000 500 400-1600 6000
Diameter um 7.0 6.5 10 10 15 11 10
Tenslle strength MPa 3500 2700 3300 3600 2500-3000 2800 2500
Young’s modulus | GPa 230 400 700 250 180-200 206 300
Elongation % 1.5 0.6 0.5 1.5 1.4 1.5-2.0 ~1.0
Density p g/em? 1.75 1.80 2,15 2.0 2.55 23-2.4 2.5
Spec. electr. —e - -6
resistance p Qm 20-10 8.10 10.10 10 10
Coefficient of - _ - | _n5.10-¢ | — -0 -8 -8
thermal exp. a K 0.5.10 05.10 1.5.10 3.1-10 3.1.10
Spec. heat ¢ J{(kgK) 0.71 0.71 1.14.107 | 0.79. 107
Heat transfer
coefficient 1 kJ/(mhK 41.88
Dielectric ; 9
constant &g
Temp. of app. R N
... air/inert °Cc 400/1700 500/2000 | 500/2000 /1200 1000/1300 /1200

Table 1: Selection of Carbon and Ceramic Fibres for CMC Materials
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cMC
C/sicC Sic/sicC
Properties 3/92
Infiltration Cycles 1 1 3 1 3
Fibre Coating - PyC PyC - PyC PyC
Porosity % 20-25 | 20-25 10-15 | 20-25 | 20-25 10-15
Density g/cm*|1,6-1.7(1.6-1.7[1.9-2.0|1.9-2.0]1.9-2.0|2.3-2.4
Tensile Strength MPa |100-120(180-260}250-300| 30-40 |[140-160|180-200
Elongation p 3 0.2 [0.4-0.6|0.4-0.6| 0.1 0.4 0.2
Young's Modulus GPa | 60-80 | 60-80 | 70-80 80 80 90
Interlaminar Shear Strength|{ MPa 4 2 12 6 20
Bending Strength MPa }100-120| 80-100|190-210(150-160|160-190]280-300
Bending Strength 1000°C MPa - - - 150-160|160-190(280-300
Bending Strength 1100°C MPa - - - 150-160
Lamination: 0/90° UD-Prepregs Fibre Content: 45-55 %
Table 2: Properties of CMC Materials Manufactured by the Si-Polymer Route
IMPREGNATION OF FIBRE STRUCTURES (PREFORM)
U )
Chemical Vapour
Infiltration (CVI) Liquid phase infiltration
Variations:
= Isothermal [} /]
- Temp, gradient
- Pressure gradient Without in situ-reaction With in situ reaction
- Forced convection
- Pulse process ] il L U i
Matrix- Slurry Sol-Gel Polymer Metals, Alloys
melting '
) U [ 4 4
Reaction
Drying Dehydration Pyrolysis Reaction with gas-
(Ceramizatio with fibre atmosphere
n) structure N,, 0,,CO,
Lanxide
) U
Sintering Sintering
Hot-pressing |

Table 3: Manufacturing Processes for CMC Materials [5]




[ECHNICAL LIBRARY

13-12
CVI-Route Polymer Route (*) Monolith.
Ceramic
Properties - Units Isothermal p.T-Gradient Si-Polymer Si-
Infiltration
C/SiC SiC/SiC C/SiC SiC/SiC C/SiC SiC/SiC C/C-SiC §SiC
Tensile strength MPa 350 150-200 270-330 300-350 100-120 30-40 90-110
Elongation at % 0.9 0.3-0.5 0.6-0.9 0.5-0.8 0.2 0.1 0.23
break
Young’s modulus |GPa 90-100 170-230 90-100 180-220 60-80 8¢ 60-70 405
Compression MPa 580-700 300-580 450-570 440 300 2900
strength
Flexure strength  |MPa 500-700 280-400 450-500 500-600 100-120 150-160 160-200 350-400
Shear strength MPa 35 25-40 45-55 65-75 4 6 55-60
Open Porosity % 10 10 10-15 10-15 20-25 20-25 3-7
Fibre content Vol.% 45 40 42-47 40-50 45-55 45-55 55-65
Density g/em3 2.1 2.5 2.1-2.2 2.3-2.5 1.6-1.7 1.9-2.0 1.8-1.95 3.1
CTE It :11061/K 3m 3m 2@ 4@ 3 3 12 & 4.1
L: 5 M 1.7-3.4 5@ 4 @ 5 2.5 4-6 @
Thermal :|W/mK {14.3-20.6®| 15-19 ® 14 20 10-15 @ 105
conductivity L : 6.5-5.9 ) | 5,7-9.5 ® 6 10 6-8 @
Specific heat J/kgK 620-1400 | 620-1200 600 1150-1850 660
Manufacturer SEP [3] MAN (8] Dornier [4] DLR Sintec (15)

Il = parallel, 1 = perpendicular to fibre direction, ()= RT-1000°C, )= 100-1000°C, ) = RT-1500°C, ) =200-1700°C.
(*) Values without additional fibre coating and after one infiltration cycle

Table 4: Typical Mechanical Properties of 2D-CMC in Comparison to Monolithic SSiC as
Published in Literature
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Integrated Approach in Modelling, Testing and Design of Gradient-CVI Derived
CMC Components

D. Sygulla, A. Miihlratzer and P. Agatonovic
MAN Technologie AG
8000 Miinchen 50, Bauschingerstrae 20
Germany

SUMMARY

Ceramic composite materials with continuous fibres in
a SIC matrix, manufactured by CVI, have shown
benefits for structural applications due to high fracture
toughness and damage tolerance under operational
conditions. However, the production time associated
with the hitherto applied CVI technique entails
development cycles of hardly acceptable long duration.
Therefore, there is growing interest for the CVI
iechnique to manufacture reliable CMC parts, focusing
special attention on a more efficient production
technology. In this paper a current attempt to develop
and qualify a new CVI process, the so-called gradient-
CV1, is described and discussed. This process offers
increased productivity appropriate for industrial
production and excellent material properties.

LIST OF SYMBOLS

CMC Ceramic Matrix Composites

CVI  Chemical Vapour Infiltration

GAST Gas Cooled Solar Tower

C/SiC  Carbon-fibres/Silicon-carbide matrix
SiC/SiC Silicon-carbide fibres/Silicon-carbide matrix
2D 2-dimensional

D 3-dimensional

Young's modulus of CMC

Eg Young's modulus of fibres

Epm Young's modulus of matrix

Ep Mean cyclic Young's modulus

Young's modulus of cracked composite
Volume fraction of fibres

‘Im Fracture energy of matrix

R Fiber diameter

v Poisson's ratio

Y] Strain in matrix

T Shear stress

A Matrix crack distance

oM Matrix normal stress

Cs Matrix crack saturation stress
Op Rupture stress

K, Critical fracture toughness
Glas fibre reinforced plastics
Carbon fibre reinforced plastics

1. INTRODUCTION

The need for structural materials that allow reliable
operation under high temperatures has posed a real
challenge for the current technological development
especially for future supersonic transport. The
mechanical and physical properties of ceramics, such
as, high temperature strength, low weight and low
thermal expansion, offer an advantage over other
materials for the use in lightweight structures operating
under high temperature conditions. However, the
conventional monolithic ceramic materials manifest a
wide scatter in strength properties and they are known
to be extremely sensitive to stress concentration and to
the presence of very small flaws. This shortcoming of
the monolithic ceramic materials can be overcome with
CMC materials.

The application of ceramic as a structure material, was
initiated at MAN Technologie many years ago in the
development and testing of the ceramic heat exchanger
for a solar power station (GAST). A further step was
the development program of components for the
"adiabatic” diesel engine, where MAN Technologie has
gained experience with the use of ceramic matrix
composite materials. The engine was mocked-up with a
piston insert of SiC/SiC, a cylinder head plate, ceramic
flame-sprayed valves and a cylinder liner in the
exhaust channel, consisting of monolithic AlgTiOy, [1,
2]. In a series of different component and engine tests,
the ceramic composite materials with continuous fibres
in a SIC matrix, manufactured by CVI, have shown
benefits in structural applications, [3]. High fracture
toughness and damage tolerance under dynamic load
conditions at appreciable stress levels were clearly
demonstrated. However, it became evident that the
long production time associated with the hitherto
applied CVI technique entails development cycles of
hardly acceptable duration. From simple geometrical
design changes to testing required turn-around times of
up to 1 year. Therefore, industry has focused special
attention on the CVI technique to manufacture reliable
CMC parts since an efficient production technology is
a mandatory prerequisite for a broadened utilisation of
CMCs. The so-called gradient-CVI offers increased

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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productivity appropriate for an industrial production
and excellent capabilities to produce high performance
materials. A current attempt to develop and qualify this
new CVI process is described and discussed in this
paper. The process, using temperature and pressure
gradients throughout a fibrous preform, was originally
introduced for the manufacture of carbon/carbon
composites, [4] and was successfully transferred to the
SiC matrix infiltration at the Oak Ridge Laboratory in
the USA, [5]. This paper describes, as far as is known,
a first approach to the industrial scaling-up of the
gradient CVI-process for the manufacturing of SiC
matrix composites.

Another important condition, in terms of cost-
effectiveness of CMC components, is the appreciation
of an integrated design concept as CMCs are typical
engineered materials, i.e., the design of a component
has to adequately combine operational demands,
manufacturing needs and limits, and the inherent
anisotropy of the properties of the composite material.

2. SELECTION OF MANUFACTURE AND
DESIGN CONCEPT

Extension in the use of CMC materials requires not

only solutions to a number of technical problems, but

also changes in the outlook of designers which are

accustomed to concepts more appropriate for

conventional materials.

Traditionally, most designs are based on previous
experience and similar designs, with some
modifications introduced to fulfill particular
requirements. According to this, many designs tend to
evolve gradually as a series of modifications of the
same basic plan. The designer is trying to make his
best judgement concerning the expected behaviour of a
new structure on the basis of information and
measurements from previously realised designs. Taking
this approach in case of the CMC materials can lead to
serious problems. When designing a structure to be
made of metal, for example, the designer specified the
stress level below elastic limits to be safe. Local strain
increase above the elastic limit yields to plastic
deformation, but will seldom cause fracture, because
the metallic material can adapt to some strain increase
and failure can appear only after a thousands of
repeated cycles at the same level. In bulk ceramics no
significant plastic deformation can occur without
failure. The conventional monolithic ceramic materials
manifest a wide scatter in strength properties and since
they do not yield, they are not capable to redistribute
high local stresses as typically other design materials
will do. Due to this brittleness, bulk ceramic is very
sensitive to stress concentrations and looses total
strength even if a very small flaw is present. Therefore,
designing with ceramics is very different from
designing with metals, which are much more tolerant
of local stress peaks, flaws etc. This shortcoming of the

monolithic ceramic materials can be overcome with the
ceramic composite materials by combining the
advantages of both the monolithic ceramics and
diminishing their weaknesses. It is clear that both CMC
ingredients, fibre and matrix, correspond to bulk
ceramics. But their composite behaviour changes
strongly, making CMC-materials attractive. Thus, both
experience in metallic as well as in bulk ceramic
materials is less relevant and may not be directly
applied to CMC parts.

On the other hand, glass fibre composite parts
deformation and fracture mechanisms are completely
different to CMC materials, t0o. For CFRP and GFRP
materials the function of the relatively weak matrix is
to bond the fibres together, providing the strength, that
is lacking in the matrix. Again the corresponding
behaviour and the design experience is less relevant for
the CMC application with the britle SiC matrix.
However, virtually any form of fibre lay-up that is
possible with plastic composite, including three-
dimensional fibre architecture, is also possible with
CMC. Based on this, the preform manufacture
experience can be very valuable for CMC applications,
but the same forms should never be applied prior
verification.

Based on above findings it is clear that nearly no
background from valid experience with other kind of
material is available. Moreover, direct transfer of these
expetiences may be very erroneous and can lead to
inefficient and unreliable designs of CMC structures.

In essence, CMC structures should really be considered
as structures rather than as materials. Accordingly, it is
essential to have an integrated design process based on
the synthesis of the material, structure and manufacture
processes and/or requirements and capable of balancing
the relevant manufacturing and design variables within
of the solution. Thus, the design of a component has to
adequately combine operational demands,
manufacturing needs and limits, and the inherent
anisotropy concerning the properties of the composite
material,

The concept of the integrated design of the CMC
structures is the essential part of the MAN-approach.
Based on this, the following research priorities for
development work were selected:

¢ Efficient parts manufacture, compatible with a
commercial/ industrial environment, guaranteeing
low cost and low time to perform all operations
that comprise component production. Time like
money, material, man power etc. is a resource
defining the profitability, i.e., simple acceleration
of the manufacturing process can lead to a
significant increase in the profitability and overall
efficiency. To this end, development and
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qualification of a new gradient-CVI process, with
an increased productivity appropriate for an
industrial production, is the main subject of the
developmental work, explained in more detail in
the next chapters.

Quality and the ability to inspect the product are
most important to the success of CMC materials.
The high sensitivity of both ceramic constituents to
any kind of defects requires the establishment of
appropriate NDI methods fully capable of assuring
acceptable quality and the conformance with the
reliability requirements. The parts must be
designed so that the quality control actions can be
reliably performed on all components and over the
whole volume.

Quality control means conformance with the
requirements when manufacturing a batch of parts
with the spatial geometry. Under these conditions,
the importance of treating CMC as structures
rather than as materials gets full attention. One
must be sure that important properties, examined
and validated, using typical one dimensional
laboratory specimens, are also achieved on the
components.

The above requirements of quality assurance lead
inevitably in the case of ceramic applications, to
structure elements of uniform shape, which, after
careful NDI control and preparation of interface
surfaces, may be assembled in structures of
different geometries. At the same time, the
gradient-CVI process favours regularly shaped
parts. Therefore, MAN Technologie's design
concept relies on the utilisation of standardised
parts, such as stiffened plates, profile beams and
spars and tubular elements, to yield their short
manufacturing cycles at a cost advantage. This
"Building Box" principle requires reasonable
joining methods for complex parts. Different
approaches are under development depending on
the load conditions of the particular operation.
However, because of the severity of the joining of
the CMC parts problem, extensive fastening should
be avoided. In this respect, therefore, careful
optimisation of the design is necessary.

High reliability of the final product means, in
addition to high performance and reliability in
service, the possibility to repair or replace a
damaged component with an acceptable effort.
Also, in this respect, the use of parts assembled in
the structure allows individual proof, repair and
replacement of damaged components and is,
therefore, advantageous. The corresponding
maintenance system, fully proved in the case of
metallic structures, is for the purpose of CMC
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structures even more promising. However, the
weak point is the design of reliable joints.

o Using accurate machining (grinding) of all
interface surfaces can prevent high residual and
assembly stresses to appear under fastening/joining
operations. Although the extensive and expensive
machining has to be avoided, the distortions under
basic manufacture conditions cannot be avoided
and their removal by machining is desirable and
possible. It is clear that in the case of integrated
structures the removal of residual stresses may not
be possible.

3. MANUFACTURING PROCESS

The manufacture of CMC components on the basis of
the gradient-CVI process comprises three major
working steps, which are

® Preparation of stabilised fibrous preforms near to
net shape

e Infiltration of the fibre coating material and of the
SiC matrix in one process

® Machining as appropriate

These working steps are described in the following in
more detail.

3.1 Preform preparation

Whenever possible commercially available 2D-woven
fabrics are used, for economic reasons, to build up the
fibrous preform. Usually the fabrics are laid-up by
hand into appropriate moulds. During this procedure a
resin which can be a purely organic one or a silicon
bearing polymer, is put between the fabric layers in a
quantity which provides sufficient strength to set and
keep the shape but avoids the impairment of the
subsequent vapour infiltration process. Prior to the CVI
step, the shaped preform is mounted in a flanged
holding tool and then the adhesive resin is cured and
pyrolyzed under inert gas. Thus, a stabilised, self-
supporting preform ready for CVI is obtained.

3.2 Matrix infiltration by the gradient-CVI process
The holding flange with the preform is mounted into
the CVI furnace in a way that the flange and the wall
of the fibrous preform separate the famace chamber
into two parts which are, in terms of an infiltration gas
flow, upstream and downstream. A sketch of a
gradient-CVI reactor principle is shown in Figure 1.
When the gas flow is let in the CVI furnace, a pressure
gradient results at the porous preform walls. Its
amplitude depends on the gas flux, the wall thickness
and the fibre architecture of the preform. During the
infiltration run, the pressure gradient increases with the
proceeding matrix growth.
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Figure 1: Sketch of a gradient CVI reactor

The SiC premior gas is methyltrichloro-silane
(CH3SiCl3) in excess hydrogen as carrier gas.

A temperature gradient which is inverse to the pressure
gradient is applied to control the local distribution of
the matrix deposition within the preform. At the
beginning of the infiltration process, the down-stream
side of the preform body is typically heated to 1450 °K
for the SiC matrix process whereas the up-stream side
is held at a lower temperature at which SiC deposition
does not yet occur. This means that the densification of
the fibrous structure by SiC matrix growth proceeds
from the rear to the front side against the gas flow
direction and thus allows a permanently open access
for the feed gas throughout the densification process,
until the growth front reaches the up-stream surface.
The progress of the growth front is driven by the
increase of the thermal conductivity where the pores
are filled with SiC matrix.

In comparison to the isothermal/isobaric CVI process,
the gradient-CVI exhibits two essential differences:

¢ amarkedly higher gas flow
¢ araised deposition temperature.

Both of these features involve a remarkably higher
deposition rate which would cause soon clogging of the
surface near pores and exclude complete densification
when applied in the isothermal/isobaric process. This
higher useful deposition rate reduces the time required
for densification of a certain thickness by at least one
order of magnitude.

A pilot plant for the gradient-CVI process is shown in
Figure 2. This equipment provides a working capacity
of 220 liters and allows, as it is fully automatized,
continuous infiltration runs without personal control.
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Figure 2: Fully automised pilot plant for gradient CVI

3.3 Final machining and joining

Manufacture of CMC parts is mainly based on near-
net-shape processing. However, as already stated, the
final machining, especially on all contact surfaces at
connecting joints, cannot be avoided. The final
machining of CMC parts is performed by diamond
grinding and drilling, including also, if necessary,
cutting by a high power laser. The high hardness of the
material makes the machining operation difficult and
very expensive. On the other hand, there are no
degradation effects through the machining and the
strength of the parts is not reduced by cutting of the
fibres. Moreover, by the adequate form, smoothing,
avoidance of the residual stresses, preloading, etc., the
strength of a structure can be significantly improved.

Joining is done with metallic fasteners, made of
refractory metals if the service temperature is beyond
the maximum temperature level for usual metallic
fasteners. The high compressive and shear strengths of
the CVI-derived ceramic composites make this kind of
joining a very reliable one. Furthermore, it provides the
important advantage of an easy dismounting for
inspection, and repair in case of local damage.

A further metallic joining method which has already
been tested is brazing with reactive brazes. However,
probably due to the typical residual porosity of CVI
derived CMCs, the reliability of brazed joints is not yet
satisfactory so that additional development work is
necessary. Furthermore, this is the joining method with
the strictest temperature limitation.

Where only low mechanical loads occur, joints with
ceramic cements, preferably with SiC powder filler, are
applicable. In this case it is necessary to machine the
joining surfaces accurately to ensure a uniform tight
contact. The cement volume should be kept at a
minimum and the support by fixations is favourable.
Good experiences were gained with silicon organic
polymers (polycarbosilames and - silazanes) as bin-
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ders in the ceramic cement. Upon their pyrolysis under
inert gas they form an amorphous SiC residual which
fits to the SiC matrix composite material.

A very promising development route, which provides
inherently joined elements, i.e., over interlaced fibres,
relies on the utilisation of 2D- and 3D-woven shaped
fibrous structures. The current development is oriented
towards higher fibre volume contents, comparable to
those obtained with stacked 2D-fabrics and
multidirectional in-plane fibre orientation.

3.4 Feasible forms

As already mentioned, the gradient-CVI process
favours regularly shaped parts. Examples of feasible
geometric are even and curved plates, cylinders,
angular tubes, boxes and U-section beams. These parts
can be provided with engineering elements such as
flanges, corrugated sections, thickness variations, and
integrated ribs of some millimeters in height.

Furthermore, with the gradient-CVI method it is
possible to realize wall thicknesses which are beyond
the capability of the conventional CVI process, e.g.,
plates with 25 mm thickness have successfully been
infiltrated by gradient-CVIL

Examples of manufactured basic parts are shown in
Figure 3 and Figure 4 demonstrating, at the same time,
the principle of how such parts are assembled to a
complex component.

Figure 3: Basic parts, manufactured with gradient-CVI
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Figure 4: Assembly of gradient-CVI parts to a
complex component

4. DESIGN PROCEDURE

CMC materials exhibit very different and more
complex response to applied loads compared to other
materials and provide remarkable mechanical
characteristics in comparison with bulk ceramics.
Different analyses has been performed to relate the
strength properties under tensile conditions, especially
first matrix cracking, to microstructural behaviour, as
fibre sliding in the matrix, fibre bridging and pull-out
in the crack wake and the fibre rupture. The
achievement of the adequate strength properties of the
CMC structures depends on the knowledge of the role
played by each of these features during deformation
and development of the failure. Therefore, the
improved modelling of the behaviour, which is based
on micro-structural features, can provide significant
contribution to the understanding of the behaviour and
prepare preliminary information necessary for the
adequate structure design.

The analytical modelling of the mechanical behaviour
is performed not only for the purposes of ceramic
adequate integrated design, but also for the
optimisation of basic material,

4.1 Analytical modelling of the behaviour

The first kind of problems relate to the determination
of the "elastic" modulus. The elastic modulus of a
single, uni-directional ply composite, in the direction
of the fibre, can be given by the law of mixtures:

Ecmc=V'Ep+(1-V)yEy. (1)

However, a general feature of the stress-strain curve of
a tension test is that the initial linear elastic region is
followed by a non-linear stress increase up to a
maximum where the failure occurs. Generally the onset
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of non-linear deflection coincides with the first
formation of matrix cracks.

Due to matrix cracking the composite's strength and
modulus progressively reduce down to minimum
values, corresponding to the situation where the
applied load is carried by the fibres alone, bridging the
cracks:

EcoMm = V'Eg )

Furthermore, for woven 0/90 systems, stretching or
compressing the fibres tends to reorient the later thus
inducing little non-linear effects. Therefore, the non-
linear effects are present in the system, as a
combination of different effects. It should be noted that
at failure the stress is relatively low, but the strain is
high compared to that for monolithic ceramics. It is in
such materials that large strains-to-failure can be
achieved. However, this increased straining requires
some sliding of the matrix over the fibres, so that stress
increase after matrix cracking is non-linear. The
ultimate load carrying capacity is determined by fibre
failure and pullout.

The first cracking of the matrix in the CMC system is
the consequence of the lower strain capability of the
matrix compared to the fibre. For crack onset in the
matrix two conditions are necessary: the strain in the
composite must reach the fracture strain of the matrix
and supply the energy required for the fracture process.
Based on this, the strain necessary for the matrix crack
onset is given by, [6]:

ey= (20T, Yo, A VP E1E
M R VM E 2‘E
‘M CMC

This relationship is the basis of the so-called ACK
analysis (Aveston-Cooper-Kelly). Based on this
relationship some consistency between flexure and
tension test results can be expected. However, in case
of the internal stresses due to the fibre-matrix
mismatch, the fracture strain relationship must be
modified by superposing/subtracting the relevant part
of strain.

It can be seen from (3), that the crack initiation strain is
positively influenced by the fibre volume fraction and
the reduction in fibre diameter. This is also valid for
woven fabrics considering that the fibre volume
fraction is varying from 0 to 100 % of the nominal
value with 50 % as the mean.

If the fibres have sufficient strength to remain intact
after a crack extends completely through the matrix,

TTAEROSF

then the formation of multiple, regulary spaced matrix
cracks will precede failure of the composite. In fact,
the crack spacing is the consequence of the interaction
of the slip zones necessary for the full load transfer
between the fibres and the matrix and, therefore, can be
also determined based on the fibre strength, dimensions
and the shear strength of the interfaces.

The cracks develop successively up to the overlapping
of the effects of the neighbouring cracks or up to
saturation density:

a=REMEEEy (- V) @

The corresponding stress is called saturation stress,
(og). The crack spacing is directly dependent on the
fibre fraction, and this means that the matrix is
weakened both by matrix fraction reduction and
increase in number of cracks, so that increase in fibre
volume fraction is, for practical purposes, limited.

For 1D reinforced composites which exhibit multiple
cracking, a method to describe formation of the first
matrix crack has been also developed based on fracture
mechanics approach, [7]. Separation of the surfaces of
a matrix crack is restrained by fibre reinforcement.
This "closure" effect prevents further crack growth.
Therefore in the analysis, a matrix crack is formed in
two hypothetical steps:

e the bonds across the crack plane are cut and the
stress causing the crack to open is applied
(Figure 5 a)

e at the end of each fibre that lies within a distance d
of the crack tip a reverse traction is introduced

which allows the fibres to be rejoined .
(Figure 5 b).
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Figure 5a and 5b: Closure effect of matrix and fibers
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According to this approach the crack initiation is
controlled by the fracture toughness parameter of the
matrix (K¢) and friction forces at interface between the

fibre and matrix (T):

[12-(1 -v2).K 2 TBgVZ(1- V)-(1 + m2] 13
Om= EmR

where

__EpV
N=Eu -y

Again it can be seen that a high fibre volume fraction
and a small diameter insure that a sufficient number of
fibres bridge the matrix crack, preventing their
propagation. Another advantage of the small fibre
diameter is that the fibre length required for full fibre-
matrix load transfer (critical length) is also small.

Concerning the interface between the fibre and matrix
effect, which is characterised by the shear strength, (T),
the relationships are more complex than both above
equations indicate. If the fibre-matrix interfacial
bonding is strong, the stress concentration on fibres at
the crack tip, during matrix crack propagation, will
generally be high enough to fracture the fibres.
Because of this CMC should contain fibres that are
weakly bonded to the matrix, so that matrix cracks only
can propagate around the fibres and not through them,
thus allowing the bridging of the crack and limiting
crack extension.

Cyclic loading leads to further significant differences
in the behaviour and, is consequently, in overall
performance of the CMC materials, in contrast to other

. materials. The stiffness of the material change

depending on the loading and unloading prestrain in
the tensile direction and loading in compression after
crack closing, (Figure 6). At the tensile side the loop
develops with a mean width (Ae) that corresponds to
the sliding effects between the fibres and the matrix.
Based on this, the interfacial strength t© can be
measured. At the same time, the mean tensile slope
(Eq) of the cycle continously reduce with the increase
of the initial prestrain. On the other hand, the
compression modulus generally equals the initial slope
of the CMC before matrix cracking. Non-consideration
of the stress-strain relationship variation is a handicap
to reliable designing with these materials leading to the
inaccurate evaluation of the stress distribution in the
components under operational loading and the inproper
use of the material. The tensile-compression stiffness
asymetry, which is dependent on the load level, is also
responsible for the inadequacies of bending load
measurements for the purposes of the material
characterisation.
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Figure 6: Scheme of cyclic behaviour of CMCs

4.2 FE-Modelling

The major drawback of the analytical models is that
they are limited to the idealised conditions, as for
example, unidirectional fibre strengthening, matrix
isotropy, etc. Even the evaluation of the “elastic"
modulus, based on (1), is only valid for matrix without
any porosity effects. Therefore, the kind of modelling
which is based on microscopic observations in the
composite and its direct implementation in the model
may be very useful. For these purposes, the FEM
model, besides being a method used for the prediction
of the behaviour of structural systems, can also be used
to model the different phases, ingredients, and effects
at microscopic level and to predict the overall
macroscopic behaviour of the CMC system.

To verify the benefits of the combined FEM-
microscopic approach, the in-phase ply stacking,
observed on CMC micrographs, has been modelled and
investigated, as shown in Figure 7. For the purpose of
the analysis the failure of the fibre bundles and matrix
is assumed, based on rupture strain. In this first
analysis, no consideration of the sliding at interfaces
between the fibre and matrix has been introduced.

During calculation the conditions are varied in order to
gain knowledge about the behaviour of different
"material configurations". The results show that the
best agreement with the experimental results is found
after introduction of the "voids" in the matrix material.
The effect of voids was bigger than expected (Figure
8). The stiffness of the system, by eliminating the part
of matrix material reduces, and the stress distribution
changes considerably. The stress change is a product of
both high concentration at pores and loading by fibres.
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Figure 7: Microscopic cross section of C/SiC, a) and
the approriate FEM model, b)

The previous analysis shows that voids induce more
cracking and are also responsible for non-linear
macroscopic behaviour. In typical CMC material with
2D-woven fabrics, the volume fraction of the pores
within of the matrix is nearly the same as the fibre
fraction in the loading direction under tensile loading
conditions. Therefore the effect of pores should be

significant.
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Figure 8: Comparison of test results to computed
results with different CMC models

On the other hand, comparison of some results for
different CMC materials have shown that 2D-materials
may be nearly accurate represented by the 1D-version
of the same materials if the stress-strain curve is scaled
down according to the fibre fraction change in one
direction (mostly 50 % for 2D-CMC) (shown
shematically in Figure 9 according to [8]). Based on
this, one can assume that the behaviour of 2D-CMC is
mainly controlled by the fibre lay-up in the direction of
the loading. Even in the case of woven 2D-fabrics, the
differences were so small, leading to the conclusion
that the contribution of the fibre curvature may be also

negligible.
100
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Figure 9: Tensile stress-strain curves for 0° and 0°/90°
SiC/LAS at room temperature

Generally, previous results show that further modelling
effort is necessary and very desirable, both for the
fundamental understanding of the behaviour and for the
optimisation of the CMC basic structure. The
corresponding investigation must concentrate on the
sensitivity analysis of CMCs to the variation in
parameters and features of the basic components
included in the composition of the material.

Although the analysis shows that the FE method is a
very important tool that can efficiently aid the
investigation of the microstructural aspects, the
presented results are preliminary, and have to be
verified by further examination. The results were
presented here to show the influence of porosity, which
is usually neglected in different models, at first also in
the simplest one, of the so-called "law of mixture" (1)
for the evaluation of "elastic” modulus.

4.3 Material characterisation

For the practical application in addition to the tensile
rupture strain capability other characteristic of the
materials may also be very important, as for example,
general performance under stress condition (stress
concentration, bi-axial stress conditions, shear
strength), fatigue behaviour, creep and environment
effects.
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For all high temperature materials the maximum
utilisation temperature is also very important. This is
for CMC on SiC/SiC basis limited to 1200 °C, where
for the C/SiC materials the application up to 1600 °C is
possible. In the last case, however, the oxidation
protection of the sensitive C-fibre is necessary. For C/C
materials the temperature limit is much higher, but the
problem of oxidation protection is even more serious.

Development of matrix cracks strongly influences the
deformation behaviour of CMC material under fatigue
conditions. However, after intensive matrix cracking
during the first cycle, further crack growth is nearly
fully prevented by the fibre closure effect, so that life
time up to millions of cycles can be achieved with the
material, inspite of the matrix cracking.

Important design material characteristics of typical
CMC materials manufactured by gradient CVI method
. based on test results will be presented and discussed.

5. PRESENTATION OF RESULTS AND

DISCUSSION
5.1 Specimen tests

The material data of the CMCs obtained with the
gradient-CVI process, i.e. SiC/SiC and C/SiC are

compiled in Table 1.

Properties SiC/SiC C/SiC
Fiber volume | vol % 40-50 42-47
fraction
Porosity vol % 10-15 10-15
Density ofem3 | Z3-235 21-22
Tensile strength MPa 300-400 270-330
(0°/90°) (0°/90°)
Rupture strain % 0.5-0.8 0.6-0.9
Flexure strength Mpa | 500-600 450-500
Compression MPa 650 450-570
strength |
1 MPa | 850-950 600-700
Shear strengthl| MPa 65-75 45-55
L MPa | 130-160 110-140
Low Cycle cycles | 5.3-105 at | 8.6-10% at
Fatigue (LCF) +310 MPa | 160 MPa
Young's Modulus | GPa | 180-220 90-100
Coeff. of therm. | 1076 4 3
expansion || 1/K
i 10-6 4 5
1/K
Thermal W/mK 20 14
conductivity ||
1 W/mK 10 6
Heat Capacity JkgK 600 620

Table 1: Material properties of SiC/SiC and C/SiC,
manufacturd by gradient CVI method
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For tensile tests, flate plate specimens were used with
the size of 10 mm x 120 mm x 3 mm. The strain
tolerant behaviour, known for continuous fibre
reinforced material, is clearly demonstrated by the
stress-strain curve from a tensile test shown in Figure
10. The results confirm the quasi-plastic material
behaviour, typical for this type of CMC, which depends
on matrix cracking and load transfer to the fibres. With
a density of 2.45 g/cm3 the material possesses a high
specific strength and it exhibits a considerable strain to
rupture. The adequate interlaminar shear strength and
the high compressive strength render joining by bolts
possible as described above.

400
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Figure 10: Stress-strain curve of a SiC/SiC tensile test

Different material lay-up compositions were investi-
gated in tensile tests to clarify the influence of the
laying-up angle of the woven carbon fibre fabrics on
the rupture strength and rupture strain, see Figure 11.

Even in the case of an orientation in [+45°/-45°], to
the applied tensile load (that means no fibre was
oriented in load direction) the rupture strength and the
rupture strain was considerably high. The amount of
quasi plastic deformation is nevertheless very good.

The fibre volume fraction in load direction is increased
with the [0°/90°, 30°/-60°, 60°/-30°],-material
compared to the [+45°/-45°],, but is lower in relation
to the [0°/90°],-oriented material. The results with the
orientation in [0°/90°, +45°/-45°], are inbetween the
latter curves. The material offers a wide band of
possibilities for the design of components as the
strength and stiffness can be adapted to the
requirements of the design by choosing the appropriate
material layering.

The results of the notched tensile tests (plate with hole,
Kt = 2.43) show that the material is not sensible to
stress concentrations, compare Figure 12 to Figure 11.
This is the most powerful advantage of CMC in
comparison to conventional, monolithic ceramic.
Together with the previous mentioned "quasi plastic
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deformation”, which are both untypical for monolithic
ceramic, the material can be used for design purposes
in aerospace applications.
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Figure 11: Tensile test results of C/SiC with different
ply orientations

2D-C/SIC Tensile test
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12: Tensile test results of notched C/SiC
specimen with different ply orientations

Figure

A further material property of C/SiC and SiC/SiC, well
known from monolithic ceramic, is that they maintain
the strength even at high temperature levels up to
1300°C. Figure 13 presents a comparison of tensile test
results at 1000°C and at 1300 °C in vacuum with
0°/90° C/SiC material. After the 1000°C temperature
test the remaining part of the specimen was again
tested at room temperature. There is little reduction of
the strength after high temperature test although the
sample was already loaded up to 273 MPa. The high
temperature results prove the remaining high strength
of C/SiC. The 1300°C-curve is slightely above the the
1000°C-curve, which is probably caused by
temperature effects between matrix and fibre.

300 | +rsraas PP I PPN It 1 aasas
250 -
o
T o
o
c
b=
[ =
5 150
(=3
w
100
50
0 Fivinsrrr e e e ey .
0.0 0. 0.2 03 04 0s 08
Dehnung %
Figure 13: Comparison of tensile test results at

different temperature levels

However, both C/SiC and SiC/SiC are sensitive to
oxidation at elevated temperatures above 550°C and
need, therefore, protective coatings for high
temperature applications in oxidising environment.
What has been developed is a coating consisting of a
thermoviscous glassy phase and refractory second
phase for mechanical stabilization against shear loads
induced in high gas flows.

Test results obtained with coated C/SiC samples in
cyclic oxidation tests at 550 and 1200°C are shown in
Figure 14, The measured mass losses and,
correspondingly, the strength losses were very low. As
can be seen, the protection is more critical in the lower
temperature regime because the crack sealing
efficiency of the glassy phase is limited owing to the
high viscosity. Thus, it must be seen that the
protectivity of the coating can only be temporary and
the useful life time of a part depends on the coating
durability under particular service conditions.

In the next test series coated C/SiC and SiC/SiC
samples were exposed to the supersonic flame of a high
speed flame spraying gun. After ten cycles of three
minutes duration each with intermediate cooling down
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to room temperature, the residual tensile strength was
determined. For C/SiC a strength reduction of 65 - 70
% and for SiC/SiC of 50 - 60 % was found.
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Figure 14: Mass loss of C/SiC with protective coating
in cyclic oxidation tests

For application where temperatures above 1000°C are
.encountered C/SiC is the better choice because of the
appreciably superior temperature resistance of the
carbon fibres over the SiC fibres. In Figure 15 the
tensile strength of C/SiC retained after exposure to
temperatures up to 1600 °C in vacuum is represented.
The strength maximum at 1400 °C is due to the relief
of mismatch stresses from the manufacture.
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Figure 15: Tensile strength of C/SiC at different
temperature levels after 10 h exposure in
vacuum

The suitability of the gradient-CVI CMCs for
dynamically loaded components has been underscored
by the results of low cycle fatigue tests. These tests
have been performed as cyclic strain-controlled push-
pull tests with predetermined stress amplitudes, [9].
Figure 16 depicts a set of curves obtained in such a test
at different cycles. The curves are artificially offset to
make the differences in the material behaviour with
increasing number of cycles better visible. Due to the
matrix cracking beyond the linear-eleastic regime the
shape of the stress-strain curve of the first load cycle is
not found any more in the subsequent cycles. Thus, the
material stiffness remains reduced in tension. The

VA
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results are very good as the specimen broke after 8.6
108 cycles.
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Figure 16: Stress-strain curves from a LCF test with
2D-C/SiC (numbers below denote cycle)

The sample of a SiC/SiC LCF-test, loaded with an
initial stress of 310 MPa, was broken after 5.4 x 10°
cycles, see Figure 17.

Steain: 0.1 X-9.8 mm

1 2 10 A0 IRE? 11F1 B4 cycles

Figure 17: Stress-strain curves from a LCF test with
2D-SiC/SiC (numbers below denote cycle)

5.2 Component tests

For an hypersonic spaceplane with a maximum speed
of 5.6 Mach a flexible C/SiC intake ramp for the
engine duct up to 1200°C was developped. The design
approach uses relative simple design elements to built
up the component (see Figure 18).

Figure 18: C/SiC intake ramp for a hypersonic airplane
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The most critical elements in the intake ramp are the
bearing lugs, where the load is introduced. Figure 19
shows the test conditions of a cutted lug and the
obtained results. The mechanical loads of the
component led to maximum force of about 5 kN at the
lug, neglecting the additional temperature gradient
induced loading. The measured rupture load is about 23
kN, which is considerably higher than the design load
and less reduced by the significant stress concentration
in the lug. As consequence the thickness of the lug can
be reduced to save weight.
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Figure 19: Test results of a C/SiC bearing lug

Figure 18 shows the skin of the intake ramp with small
holes of 4 mm &. As the skin is temperature loaded,
compressive stresses develop in this part of the
component. The strength of the perforated skin was
proven by a compression test in a special frame holder,
according to DIN 65561. The test results and the test
set-up are presented in Figure 20. The sample failed in
shear across the first row of holes. Both the rupture
strain as well as the rupture load were far above the
computed maximal loads in the skin. Here is also a
‘wall thickness reduction possible to reduce the weight.

According to the design concept, all elements (skin,
stringer and angle) are fitted by high temperature
fasteners consisting of refractory metal, see Figure 21.
Therefore, the reliability of the connection concept was
tested, using a single shear specimen test with metallic
bolt and supporting frame according Figure 22. Failure

occured around the fastener hole with a big amount of
deformation in load direction. The bolt was turmed
around and the material was damaged locally, pushing
a number of layers before rupture occured, (Figure 24).
The quasi-plastic deformation of the material led to
such a high rupture load (Figure 23), which gives
additional safety margins for the structure.
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Figure 20: Compression test results of a perforated
C/SiC plate

-
Figure 21: Design concept of the C/SiC intake ramp
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Figure 22: Single shear specimen with supporting
frame and refractory bolt.
15
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Figure 23: Results of the single shear test with

refractory bolt and C/SiC specimen

Figure 24: Single shear specimens with refractory bolt
after rupture.

6. CONCLUSIONS

The gradient-CVI process has been shown to provide
ceramic composition with SiC matrix which possess
the required properties for application in high
performance components, e.g. high strength and strain
to fracture and high temperature resistance. The
favourable shear and compressive strengths are useful
for joining with bolts.

The gradient-CVI process itself was affirmed to offer
the advantage of short infiltration periods what makes
this process cost-effective and allows short
development cycles for CMC products. Its applicability
for the manufacture of parts could successfully be
demonstrated. The particularities of the process favour
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regularly shaped parts. A design principle has therefore
been developped for the assembly of standardized parts
to complex components.

Further development efforts require, however, to
improve oxidation protection and perform the long
time endurance (> 1000 hours) testing at high
temperatures in oxidising environment with protected
CMCs based on SiC matrix. Major demands to be
fulfilled in this respect are improved SiC fibres,
oxidation resistent fibre coatings and external seal-
coats with increased performance.
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SUMMARY

Insertion of ceramic materials into structural composites for
aerospace applications requires a good characterization and
evaluation of nascent composite systems in research and
developmental stages as well as during eventual production
and use. During research and developmental stages of the
composite, it is critical to evaluate the compatibility of differ-
ent types of matrix materials with different types of fibers, and
the effect of material processing conditions. Also, the
suitability of the overall mechanical properties and material
behavior of the composite for the intended application will
have to be evaluated. On the other hand, after the composite
has been designed and developed, it is imperative to assure
that the designed properties are being achieved during pro-
duction and retained during use.

Many destructive and nondestructive methods ate being used
to evaluate the composite during its evolution process. Some
of the destructive tests in use are fiber push-out, fiber pull-out,
thermal and mechanical fatigue, etc. Nondestructive methods
in use include x-rays, laser, ultrasound, etc. Ultrasonic NDE
techniques have an excellent potential for use during all
phases of the life cycle of the composite systems.

This paper outlines new concepts for the utilization of various
ultrasonic techniques for the evaluation of different aspects of
development and use of ceramic matrix composites. We intro-
duce a novel mechanical parameter called the interfacial
shear stiffness coefficient which can be measured using ultra-
sonic shear wave reflectivity technique to characterize and
quantify the fiber-matrix interface. This newly proposed
parameter is promising as a common basis of composite eval-
uation among the composites developing, composites
mechanics modeling and composites testing groups. The
paper will also discuss other ultrasonic NDE techniques such
as ultrasonic microscopy which can provide comprehensive
evaluation of the composite system during all phases of
development and use.

* This work was supported by and performed on-site in the Materi-
als Directorate, Wright Laboratory, Wright Patterson Air Force
Base, Ohio 45433. Contract No. F33615-89-C-5612 (P. Karpur).

INTRODUCTION

Ceramic materials are well suited for use in structural compo-
sites for aerospace applications because of their high
temperature properties. Also, the ceramic materials in the
composites facilitate sub-critical matrix cracking, interface
debonding and fiber sliding. Due to these microscopic
damage mechanisms, the ceramic matrix composites (CMCs)
can achieve the elastic-plastic strain hardening similar to
metals although the CMCs are made of brittle constituents.
However, the insertion of ceramics into structural composites
for aerospace applications requires a good characterization
and evaluation of nascent composite systems in research and
developmental stages. Such a need for the characterization
requires a concurrent development approach involving
several fields of expertise as shown in Figure 1. In order to
verify that the designed properties are being achieved, the
interactions among various fields of expertise during research
and developmental stages of the composite are essential. Such
multi-disciplinary interactions make it possible to evaluate (a)
the compatibility of different types of matrix materials with
different types of fibers including the effect of different types
of fiber coating on the load transfer between the matrix and
the fiber, (b) the effect of processing conditions such as tem-
perature, pressure, environmental gases used during
fabrication, duration of processing, etc., (¢) the suitability of
the overall mechanical properties for the intended applica-
tion, and (d) the material behavior and life prediction studies
to evaluate failure modes and life expectancy under use con-
ditions.

The development of a new CMC system should be done using
a ‘Pyramid’ approach as shown in Figure 2. In order to design
a composite with suitable properties for the intended applica-
tion, the development of the composite system should
progress from a global sense to a microscopic approach
through the macroscopic control. For example, during the
initial stage of design, materials will have to be selected for
optimum chemical compatibility to avoid global problems
such as warping, corrosion, etc. In the next stage of design, the
composite system will have to be evaluated for macroscopic
anomalies such as porosity, lack of consolidation, fiber
swimming, etc. Thus, in this stage of development, there is a

Presented at an AGARD Workshop entitled ‘Introduction of Ceramics into Aerospace Structural Composites, April, 1993.
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Fig. 1 Concurrent engineering approach to the development of a new structural ceramic composite syste
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Fig. 2 A pyramid approach to composite development.



TECHNICAL LIBRARY

need for optimization of the material processing parameters.
However, since the changes in the processing parameters
could introduce global problems of warping, etc., there is a
need for iterative material selection and processing parame-
ter modulation until the global and macroscopic design is
achieved to satisfaction. The third and the final step (with the
necessary feed back as shown in Figure 2) of composite
development would be the micro-control of the properties
such as the chemically formed interphase region between the
fiber and the matrix materials.

The objective of this paper is to describe the role of ultrasonic
nondestructive evaluation in materials development so that
the composite being designed can be evaluated through var-
ious stages of development such as material selection, life
prediction, material behavior, fracture mechanics, etc. The
nondestructive methods developed during the initial stages of
the design of the composite system can also be used after the
development in order to: (a) assure that the composite panel is
free of defects while the designed properties are being
achieved during production, and (b) detect the degradation of
initial properties because of use.

ROLE OF ULTRASONIC NDE IN MATERIAL
DEVELOPMENT

Ceramic matrix composites are designed and developed as
structural materials for use at elevated temperatures made
with two components: a matrix material and embedded fibers.
There are various aspects of the composite developmental
procedure that can benefit from the use of ultrasonic NDE.
For example, improper consolidation of the matrix at the
interfacial region can be easily detected [1] using ultrasound
as shown in Figure 3. Such a capability to nondestructively
detect consolidation problems will help to eliminate the use of
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samples in further tests such as fiber push-in for interfacial
strength estimation as discussed next.

Figure 4 shows the result of fiber push-in tests on a SCS-6/
Glass sample where a section of the sample was intentionally
selected in a region shown to have some areas of consolida-
tion problems while other areas were properly consolidated.
In the figure, the inset shows the section of the sample used for
fiber push-in tests. The ultrasonic image shows that the con-
solidation is good from fiber 1 to 5 while it is progressively
poor going from fiber 6 to 12. The peak loads that were
required to push-in the fibers in the sample clearly show a
correlation with the ultrasonic evaluation of the interfacial
consolidation. Thus, if the ultrasonic scan is properly used to
sort out the samples with improper consolidation, the validity
of tests such as fiber push-in can be enhanced because the
push-out results will now reflect only the interfacial strength
rather than the scatter due to manufacturing problems. Fur-
ther details of this experiment can be obtained from the
literature [2].

Ultrasonic NDE can also be effectively used to evaluate and
study the elastic behavior of the interphase region [3, 4]
between the fiber and the matrix materials. Such an evalua-
tion is important because the overall properties of the
composite are largely dominated by the behavior of the inter-
face. The interface provides the load transfer between the
matrix and the fiber. At the same time, the interface acts as a
mechanical fuse and provides crack resistance to the compo-
site and prevents catastrophic failure. As a result, the
characterization of the interface between different types of
fibers and matrix materials is of great interest to the research-
ers who are developing the composite materials. The
objective of the evaluation of the interface would be to estim-

50 MHz [\
Focused [+~

Consolidation - Longitudinal Wave

~L L

Fig. 3 Detection of improper consolidation using ultrasound.
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Fig. 4 Ultrasonic corroboration of fiber push-out tests.

ate the achieved interfacial load transfer behavior between
the fiber and the matrix in order to obtain a composite with
suitable fracture behavior. Since the destructive tests of inter-
facial evaluation render the sample unusable, there is a need
to develop an ultrasonic nondestructive tool for the charac-
terization of the interface to study the fiber-matrix interface in
at least the outermost layers of a real, multi-fiber composite
system.

An ultrasonic back-reflectivity technique has been developed
to complement other existing techniques for the charac-
terization of the interfacial behavior in fiber reinforced
composites. The ultrasonic characterization of the interface is
achieved by the analysis of the back-reflected signal from the
fiber-matrix interface. The advantages of the ultrasonic back-
reflectivity technique are several: (1) the method is
completely nondestructive and facilitates the use of the same
sample for the tests (fatigue and creep) other than the inter-
face analysis, (2) the technique can provide the distribution
and variation of the interfacial properties along the length of
the fibers thereby facilitating better process control, and (3)
the interface can be monitored for degradation and changes
during fatigue tests for life prediction. The configuration of
the model is shown in Figure 5a, the boundary conditions
used are shown in Figure 5b, the analytical expression
obtained is shown in Figure 5¢c, and an example of the result
obtained from the model is shown in Figure 5d. Further
details of the modeling analysis can be obtained from the liter-
ature [3]. An extensive physical reasoning behind the
modeling [3] has been described in the literature [4].

CONCLUSION

Ultrasonic NDE is an excellent complementary methodology
to be used in concert with the development of a new structural
material such as ceramic matrix composite. Ultrasonic NDE
facilitates interrupted tests during fatigue experiments by

ensuring that the sample is available for further tests of inter-
est. Also, ultrasonic NDE is effective to characterize the
fiber-matrix interface in ceramic composites and provides a
tool to help the developers of new composite systems to (1)
determine the compatibility between the matrix and the fiber
of choice, (2) establish the processing parameters such as
pressure and temperature, (3) evaluate the interface for
degradation and debonding during temperature and mechan-
ical fatigue tests, (4) obtain an accurate measurement of the
fiber debonded length produced by push-in tests and also by
fiber fracture thereby providing a common basis for the stress
analysis and fracture mechanics groups, (5) monitor fiber
breaks, crack initiation [5], and growth in ceramic composites
during fatigue tests, (6) validate and reduce data scatter for
interface evaluation tests such as fiber push-in, push-out,
fiber fragmentation, etc.

The design and development of a new CMC needs a pyramid
approach where first global, then macro and finally micro
properties are iteratively designed with extensive feedback
and interaction. Concurrent engineering approach is essential
for the design and development of CMCs wherein there are
extensive interactions and involvements by groups working in
material science, fracture mechanics, nondestructive evalua-
tion, component design, etc. It is critical to view the CMC
development process from ‘out side’ the existing conventions,
and formalities. Design procedures and manufacturing meth-
odologies will have to be evaluated concurrently to obtain the
best possible benefit from the composites for a given
application. Common ‘scientific language’ (definitions, termi-
nology, etc.) need to be established for groups from different
fields to be able to interact. Other NDE techniques such as
laser induced ultrasound need to be cultivated to evaluate the
interface at elevated temperatures. However, improvements
in signal-to-noise ratio, sensitivity, etc., are to be achieved
before effective use.
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Theoretical Model
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The back-reflection coefficient from the fiber depends on:
e properties of the matrix (density, longitudinal, and shear velocities),
s properties of the fiber (density, longitudinal, and shear velocities),
¢ diameter of the fiber,

¢ ultrasonic angle of incidence and frequency,
s interfacial stiffness - Ng.

Fig. 5a Configuration for the theoretical model of ultrasonic interfacial characterization.

Boundary Conditions

At the Interface, we have
o conservatlon of stresses, both normal (P) and shear (T),

0 and =0
o ] an ") Inerﬂa-h'ee Sprlng
¢ continuity of normal displacements,
[uP]1=0
e discontinuity of shear displacements,

u'] NV

Shear Stiffness
Coefficient

interphase Interface

Linearity: Small Amplitudes of
Vibration due to Ultrasound

Stresses at the Interface due to
Inertia-free Spring Forces

Fig. 5b Boundary conditions used for the theoretical model in figure 5a.
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The Final Expression

IRl = ITS|=IWSI=ITI

1 cos B cos 20
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—| s 2l 2 20— s — | Si i J—
(c"_] sn 20; sin285+ s 285+ ORI = ,mmL.nzas+mizes+ RN
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where e =l A=Zysoskys B=Zy5035 kag

and d' = Fiber diameter
A, B = Functions of the properties (Moduli, Density, Poisson's ratio)
of the matrix and the fiber respectively.

—— T

Fig. 5¢ The final expression obtained from the model in figure 5a for reflection coefficient analysis.

Reflectivity vs. Stiffness Coefficient

Ultrasonic Back-reflected Coefficient, R

Shear Stiffness Coefficient

R 5, = Ultrasonic reflection coefficient in the presence of tensile residual stresses
Rp = Ultrasonic reflection coefficient when residual stresses are absent

R = Ultrasonic reflection coefficient in the presence of compressive residual stresses

A = Effective stiffness coefficient, N, corresponding to R
B = Effective stiffness coefficient, N, corresponding to Ry

(N = Ng when residual stresses are zero). '
C = Effective stiffness coefficient, N, corresponding to R

Fig. 5d Result obtained from the model in figure 5a showing ultrasonic reflectivity as a function of interfacial shear stiffness
coefficient.
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